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Processes of motion of threading dislocations associated with isovalent doping of epitaxial layers 
were considered. An exact solution was obtained for the gliding distance of dislocations under strains. It 
was shown that the effectiveness of doping for reducing the density of threading dislocations in an epi-
taxial layer depends on the product of the surface density of the dislocations in the substrate and the lat-
eral size of the substrate. An analysis of the effectiveness of isovalent Bi doping and standard Pb doping 
in reducing the density of threading dislocations in GaAs epitaxial layers and the range of applicability 
has been presented. 
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1. Introduction 

Dislocations are well known to increase the leakage currents and to degrade the 
electrophysical parameters of semiconductor devices [1, 2]. The mechanisms of the 
formation of dislocations in homoepitaxial layers obtained by the liquid phase epitaxy 
(LPE) are the inheritance of dislocations from the substrate and the difference between 
the lattice constants of the substrate and the doped epitaxial layer at the growth tem-
perature [3]. Isovalent doping is one of the ways to substantially reduce the dislocation 
density in GaAs in comparison with the epitaxial layers grown from gallium solution 
melts [4–8.] The decrease in the dislocation density occurring when Ga based solution 
melts are replaced by Bi based melts can be explained by an increase of the threshold 
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strain associated with the dislocation nucleation [4, 5]. Another explanation for the 
reduction in the dislocation density in GaAs epitaxial layers doped with indium is 
a decrease in the supersaturation of vacancies in the elastically strained layer, consid-
erably decreasing the rate of dislocation formation due to vacancy condensation [6]. 

However, strains in the epitaxial layer enable threading dislocations to glide along 
the glide planes. The decrease in the density of threading dislocations in the epitaxial 
layer due to the strains was considered by Matthews, Blakeslee, and Mader [9]. Strains 
in epitaxial layers result in the appearance of the Peach–Koehler forces (PKF) [10] 
affecting threading dislocations. Under the PKF, the dislocation can be removed from 
the epitaxial layer to its edge by gliding resulting in the formation of edge misfit dislo-
cations. The decrease of the number of threading dislocations due to their motion un-
der strain has also been considered by Romanov et al. [11]. The aim of the present 
paper is a theoretical justification of conditions providing an effective reduction in the 
density of threading dislocations due to doping GaAs with Bi and Pb. 

2. Mathematical model 

The model proposed by Martisov [8] was used to analyse the decrease in the dislo-
cation density in the epitaxial layers. The model is based on the balance of the PKF, 
the force F1, affecting the inclined part of the threading dislocation in the epitaxial 
layer, and the force of linear tension of the dislocation, F2, at the substrate/epitaxial 
layer interface plane, being the part of the edge misfit dislocation (Fig. 1). 

 

Fig. 1. Schematic diagram of the strained epitaxial layer on the substrate 
with a threading dislocation moving along its glide plane 

The PKF arises in the strained layer and is defined by the following expression [10]: 

 1 ( )dF dlτ= − × ⋅l b  (1) 
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where l is the unit vector along the dislocation line, b is the Burgers vector, τ is the 
tensor of stress field, and dl is the increment of the dislocation length, respectively. 

For the analysis, it has been assumed that: 
• Both the substrate and the epitaxial layer are isotropic media.  
• The stresses caused by the misfit f of the lattice constants corresponding to the 

substrate and to the epitaxial layer are distributed uniformly in the substrate/epitaxial 
layer interface plane. 

• There is no interaction between the dislocations.  
• Threading dislocations in the epitaxial layer are inherited from the substrate and 

their density is equal to the surface density of the dislocations in the substrate. 
Under these assumptions, the projection of the PKF on the slip plane and the 

modulus of the force of the linear tension of dislocation are defined by the following 
expressions [12, 13]: 
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where G is the shear modulus, ε is the elastic stress in the epitaxial layer, b is the mag-
nitude of the Burgers vector, h is the thickness of the epitaxial layer, ν is the Poisson 
ratio, λ is the angle between the slip direction and the direction in the sub-
strate/epitaxial layer interface plane that is perpendicular to the line of intersection of 
the slip plane and the interface, and α is the angle between the dislocation line and the 
Burgers vector, respectively. 

The dislocation starts to move in the slip plane when F1 > F2 and accommodates 
the misfit δf due to the formation of a part of the purely edge misfit dislocation. The 
misfit δf can be calculated as follows, assuming that dislocations do not interact [8]: 

 cosdf qN Lbδ θ=  (4) 

where θ is the angle between the Burgers vector and the interface, the multiplier q takes 
into account the existence of equivalent slip directions and, hence, reduction of the density 
of the slipping dislocations along concerned direction, q ≤ 1, Nd is the surface density of 
the dislocations in the substrate. Vector n in Fig. 1 is the normal vector to the sub-
strate/epitaxial layer interface. The strain in the structure is calculated as follows: 

 cosdf f f qN Lbε δ θ= − = −  (5) 

Equating F1 with F2 (Eqs. (2) and (3)) and substituting the expression for the strain 
(5) in (2), the distance passed by the threading dislocation under the driving force can 
be calculated as follows: 
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As follows from Eq. (6), at a certain thickness hc of the epitaxial layer, L can be 
longer than the characteristic lateral size of the substrate D. Under such conditions 
dislocation is removed from the epitaxial layer to the edge of the structure. Equa-
tion (6) can be solved exactly, with respect to the thickness of the epitaxial layer, using 
the approach proposed by Braun et al. [14]. 

Rewriting Eq. (6) as 
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and substituting 
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the following equation is obtained: 
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Let 
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with W(A) being a certain function. Then Eq. (8) can be rewritten as follows: 

 ( ) ( )W eW AA A=  (9) 

The function W(A), called the Lambert W function [16], is a complex and multi-
valued function with an infinite number of branches, only two of them having real 
values. The real branches of the Lambert W function are shown in Fig. 2. It is neces-
sary to ascertain which of the two branches corresponds to a correct physical solution. 

The absolute value of A decreases with the increase of the accommodation of mis-
fit between the lattice constants of the substrate and the epitaxial layer due to the 
spreading of the dislocations. With the increase of the thickness of epitaxial layer, the 
projection of the PKF on the slip plane also increases. Hence, the equality of forces F1 
and F2 is achieved at smaller residual strains in the epitaxial layer. Based on the fact 
that A is always negative and the value of X decreases as the absolute value of A in-
creases, the physical solution corresponds to the positive value of dX/dA. 
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Using the expression for the derivative of the Lambert W function, which can be 
easily obtained by differentiation of  Eq. (9) 
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Fig. 2. The real valued Lambert W function  
with two branches, W(0, x) and W(–1, x) 

As can be seen from Fig. 2, only the derivative of the function W(–1, x) is positive. 
The solution of Eq. (6) with respect to the thickness of the epitaxial layer h can be 

written as follows: 
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The value of the critical thickness hc is calculated as follows: 
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3. Results and discussion 

Equation (11) can be applied to estimate the effectiveness of isovalent doping of 
GaAs by Bi and doping by Pb for the removal of threading dislocations from the inner 
epitaxial layer to its edge, due to the formation of edge misfit dislocations. 

 

Fig. 3. Motion of the threading 60° dislocation in the strained epitaxial layer 
with the direction of the inclination of the dislocation line 

It is known that {111} planes are the slip planes in GaAs. Consider the dislocation 
with 60° inclination having the direction 1/ 2 [011]=l  and the Burgers vector b = a/2 
[101]. Such dislocations have been reported elsewhere [16, 17]. Then α = 60°, λ = 60°, 
and θ = 45° (see Fig. 3). Since there are two independent directions of the dislocation 
spread, namely 1 1/ 2[011]=l  and 2 1/ 2[011]=l  [8, 9], the value of q is 1/2. 

The misfit f can be defined as [8]: 
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where Мsub, Мdop, ρsub, ρdop are the molar masses and the densities of materials of the 
substrate and the dopant, respectively, x is the molar fraction of the dopant in the sub-
strate which can be calculated using the following expression [8]: 
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Here, Cdop is the concentration of the dopant in the epitaxial layer and NA is the 
Avogadro number, respectively.  

 

Fig. 4. Dependences of the critical thickness for dislocation removal from the epitaxial layer upon  
the characteristic sample size and the dislocation density in the case of doping by: a) Bi, b) Pb 

Figure 4 shows how the critical thickness associated with dislocation removal 
(from the inner epitaxial layer to the boundary) depends on the product of two factors: 
the characteristic size of the sample and the density dislocation in the sample. Bi and 
Pb concentrations in Fig. 4 have been accepted at the highest possible level of real 
achievable values being 5×1018 cm–3 [18] and 4×1017 cm–3 [19] for Bi and Pb, respec-
tively. 

As follows from Fig. 4, starting from certain values of the dislocation density in 
the substrate and the sample size, the critical thickness of the epitaxial layer that en-
ables removal of threading dislocations to the edge of the epitaxial layer increases 
dramatically. The increase in the thickness of epitaxial layers requires higher initial 
growth temperatures, which then leads to other defects such as point defects and impu-
rities. It degrades the influence of the decrease of dislocation density on the electro-
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physical parameters of material. In this respect, the effective reduction of the threading 
dislocation density in the epitaxial layer at isovalent doping is only possible at certain 
values of A that depends on the product of DNd. 

Using the results shown in Fig. 4, the following expressions can be obtained in the 
case of Bi (Eq. (14)) and Pb (Eq. (15)) doping: 
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In Equations (14) and (15) D is expressed in millimetres and Nd in cm–2. 
A relatively small solubility of Pb in solid GaAs leads to a very thick epitaxial 

layer (hundreds of micrometers, Fig. 4b) when dislocations start to glide. That is why 
Pb is not an effective dopant for removing dislocations from the epitaxial layer to the 
edge of the structure. 

The considered approach can be used for estimating the effectiveness of removing 
dislocations from the epitaxial layer at use compared with other methods of epitaxy. 
Molecular beam epitaxy (MBE) and vapour phase epitaxy (VPE) methods provide 
higher concentrations of isovalent doping of the epitaxial layer than LPE. Additional 
use of mesastructures makes it possible to decrease the value hc considerably, up to the 
conventional epitaxial layer thicknesses obtained by MBE and VPE. 

4. Conclusions 

In this paper, an exact analytical solution is given for the critical thickness, hc, of 
the epitaxial layer that permits the removal of threading dislocations from the interior 
of the epitaxial layer to its edge. It makes it possible to analyse the dependence of hc 
on the geometrical and mechanical parameters of substrates. The critical thickness of 
the epitaxial layer permitting the motion of threading dislocations can be obtained by 
substituting L = 0 in Eq. (10). 

The product DNd has been shown to be the critical parameter determining the ef-
fectiveness of the dislocation removal from the epitaxial layer. Because of the absence 
of extreme points in the dependence hc (DNd), there is no optimal combination of D 
and Nd which can provide the most effective removal of dislocations from thin epi-
taxial layers. With increasing DNd, hc increases monotonically. 

The analysis of the dependence of the critical thickness of the epitaxial layer on 
the product DNd makes it possible to quantify the isovalent doping for introducing 
strains in the epitaxial layers to reduce the threading dislocation density. 
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Triglycine acetate (TGAc), a nonlinear optical material, has been synthesized. The second harmonic 
generation efficiency has been determined by Kurtz’s powder test and it was found to be 1.55 times more 
than potassium dihydrogen phosphate. The solubility studies were carried out in the temperature range 
30–55 °C. Single crystals of TGAc have been grown by slow evaporation of solution at 30 °C. The cell 
parameters were determined by the X-ray diffraction analysis. The UV-visible absorption spectra have 
been recorded to study the optical transmittance in the range from 200 nm to 800 nm. The Fourier trans-
form infrared analysis identified various functional groups present in the material. The mass spectral 
analysis was carried out to measure the total molecular weight of the grown crystal. Using thermogravim-
etric analysis the thermal behaviour was studied. 

Key words: crystal growth; nonlinear optical materials; amino acid 

1. Introduction 

In last several years there has been considerable interest in growth and characteri-
zation of nonlinear optical materials (NLO) due to their important contribution in ar-
eas of optical modulation, optical switching, optical logic, frequency shifting and opti-
cal data storage. Several attempts have been made for exploration of nonlinear 
optical materials which found various applications in optoelectronics [1–7]. The 
complexes of amino acids and salts are promising materials for optical second har-
monic generation (SHG) as they tend to combine the advantages of organic amino 
acids with those of the inorganic acids/salts. Glycine is a simple amino acid which 
has three polymeric crystalline forms α, β and γ. There are two types of glycine 

 __________  
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groups such as glycinium ions and zwitter ion. The zwitterionic structure of glycine is 
useful for its optical activity [8]. 

Many NLO crystals grown by mixing amino acids with various organic and inor-
ganic acids have been reported in the literature [9–11]. However, to the best of our 
knowledge, there is no report on the growth and characterization of TGAc single crys-
tal (mixing glycine with acetic acid). Moreover, our objective was to grow a single 
crystal of TGAc with enhanced nonlinearity as compared to reported single crystals of 
this kind. In the present investigation, the synthesized salt – triglycine acetate (TGAc) 
– was subjected to SHG test and found to possess nonlinearity higher than potassium 
dihydrogen phosphate (KDP) and many other crystals of amino acids. The bulk single 
crystal of TGAc was grown by the method of slow evaporation of solution and charac-
terized by various techniques. 

2. Experimental 

Triglycine acetate was synthesized by adding three moles of glycine of high purity 
(Kemphasol, 99%) and one mol of annalar grade glacial acetic acid in deionized water. 
The synthesized salt was purified by repeated crystallization. The solubility test was 
carried out at constant temperature baths (CTB) (30 ºC, 35 ºC, 40 ºC, 45 ºC, 50 ºC and 
55 ºC) stabilized with the accuracy of ±0.01 °C. We observed temperature increase of 
solubility (Fig. 1). The saturated solution was prepared at 30 °C to grow the single 
crystal by the slow evaporation technique. 

 

Fig. 1. Solubility curve of TGAc in water 

After obtaining the saturation, the prepared solution was filtered with Whatmann 
filter paper and the solution was placed for slow evaporation at the room temperature. 
The seed crystals were harvested from the solution after eight days and a suitable seed 
was selected. The supersaturated solution of TGAc was prepared in 500 cm3 of deion-
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ized water at 30 ºC and kept at this temperature for slow evaporation. After 24 h the 
selected seed was suspended in the solution. A colourless crystal, harvested after 25 
days, was subjected to various characterizations. The photograph of a crystal is shown 
in Fig. 2. 

 

Fig. 2. Photograph of a TGAc crystal 

3. Results and discussion 

3.1. X-ray diffraction analysis 

The single crystal XRD analysis of grown crystals was carried out using the  
ENRAF NONIUS CAD4 automatic X-ray diffractometer and the collected cell parame- 
 

 

Fig. 3. Powder X-ray spectrum of TGAc 
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ters are a = 5.1021 Å, b =11.9704 Å, c = 5.4617 Å and α = γ = 90°, β = 111.7665°, the 
cell volume V = 309.7863 Å3. The powdered sample of the grown crystal was also 
subjected to powder X-ray diffraction analysis using Panalytical, XPert PRO powder 
X-ray diffractrometer employing CuKα radiation (λ = 1.5418 Å).  

The peaks observed in the X-ray diffraction spectrum were analysed and the lat-
tice parameters were calculated by the least square fit method. The data obtained by 
the powder X-ray diffraction analysis is in accordance with the single crystal X-ray 
diffraction data. It is clear that for the crystal a ≠ b ≠ c, α = γ = 90° and β ≠ 90°, which 
ensures that the grown TGAc crystal is of monoclinic structure. The powder X-ray 
diffraction pattern is shown in Fig. 3. 

3.2. Fourier transform infrared (FTIR) analysis 

The IR spectrum of grown TGAc crystal was recorded in the solid state as KBr 
dispersion using Perkin-Elmer Spectrum-one FT-IR spectrometer (Fig. 4).The spec-
trum exhibited a characteristic N–H stretching absorption band in the high frequency 
range between 2787 and 3093 cm–1. The peak at 2787 cm–1 is attributed to C–H 
stretching mode vibration [12]. 

 

Fig. 4. FT-IR spectrum of TGAc 

The absorption band at 1665 cm–1 corresponds to C=O stretching mode. The bands 
between 1574 and 1434 cm–1 were due to the asymmetric and symmetric stretching 
modes of COO– groups. The bands at 1324 cm–1

 and 1045 cm–1 can be attributed to the 
presence of COOH groups and stretching vibrations (involving carbon and nitrogen of 
amino groups), respectively. The torsional vibration of amino group lies between 500 
and 556 cm–1. The absorption band between 930 and 1152 cm–1 was assigned to 
asymmetric coupled vibration of acetate and glycine. 
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3.3. UV-visible spectra 

The UV-vis absorption spectrum of TGAc in solution (0.1 mg/cm3 in methanol) was 
recorded using a Perkin Elmer Lambda 35 UV spectrophotometer. The UV spectrum  
 

 

Fig. 5. UV-visible absorption spectra 

(Fig. 5) was recorded between 200 to 800 nm; the absorbance was evident below 250 
nm. It is assigned to electronic excitation in the COO– group of glycine. A complete 
transparency between 230 and 800 nm is interesting, as it is very much required for 
NLO applications of this crystal [13]. 

3.4. SHG efficiency test 

The Kurtz’s Perry technique was employed to test the strength of SHG efficiency 
of the TGAc crystal by passing the output of an Nd:YAG laser. The laser input pulse 
 

Table 1. Comparison of SHG efficiencies  
of promising amino acid family crystals 

Compound SHG efficiency 
KDP(reference) [10] 1 
L-arginine phosphate monohydrate [14] 1.49 
L-threonium acetate [10 ] 1.14 
L-alanine [10] 0.2 
L-alanine acetate [10] 0.3 
L-arginine chloride [10] 0.2 
L-arginine bromide [10] 0.3 
L-arginine tetrefluroborate [10] 0.54 
Triglycine acetale (present paper) 1.55 
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of 3 mJ with the repetition rate of 10 Hz and the pulse width of 8 ns was used. The 
photomultiplier tube was used as a detector. The SHG signals of 920 mV and 
1430 mV were obtained through KDP and TGAc samples, respectively. Thus, the 
SHG efficiency of TGAc is 1.55 times higher than that of KDP. A comparison of SHG 
efficiencies of promising amino acids family crystals is shown in Table 1. 

3.5. Thermal studies 

The melting point of fine powder of the material was measured as 248±1 °C. The 
thermogravimetric analysis (TGA) of the triglycine acetate crystal was carried out 
using TG Q-500 thermogravimetric analyzer at the heating rate of 25 °C/min to 
800 °C in a nitrogen inert atmosphere (Fig. 6).  

 

Fig. 6. Thermogram of thermogravimetric analysis 

The spectrum shows that there is small weight loss around 180 °C. The material 
starts decomposing near temperature of 248 °C, which is melting point of the TGAc 
crystal. The weight loss of 73.25% of 7.432 mg of sample was observed in the tem-
perature range from 248 °C to 306.36 °C. Thereafter residue remains up to of 800 °C. 
It is clear that the crystal is thermally stable up to 248 °C. 

3.6. Mass spectroscopy 

The mass spectrum of TGAc was recorded using a thermo-electron LCQ advan-
tage (San Jose, CA, USA) ion trap mass spectrometer. The source voltage was 5 kV 
and the capillary temperature 375 °C. Nitrogen was used both as a sheath and auxil-
iary gas. The mass (m) to charge (z) ratio was scanned across the range of m/z from 
152 to 400. The mass spectrum is shown in Fig. 7. 
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Fig. 7. Mass spectrum of a TGAc crystal 

The mass spectrum of TGAc showed a protonated molecular adduct ion peak at 
m/z = 287 (M + 2H)·[(NH2CH2COOH)3CH3COOH + 2H]+. The loss of NH2CH2 moi-
ety from the molecular ion (285 amu) gives the peak at m/z 255, while the parent ion 
at m/z 287 undergoes dissociation to form daughter ion at m/z 237 by the loss of –CO2 
moiety along with four carboxylic protons. The loss of carboxylic group (–COOH) 
from the parent ion gives a product ion at m/z = 242. The peak at m/z = 210 can be 
assigned to the contamination of the impurity: diglycine acetate (NH2CH2COOH)2 

·CH2COOH. 

4. Conclusions 

A single crystal of triglycine acetate (TGAc) was successfully grown using the 
slow evaporation technique. The X-ray diffraction analysis confirmed the monoclinic 
structure of the crystal. The minimum absorption in the entire visible region and lower 
cut off wavelength near 230 nm indicates its applicability NLO material. Various 
functional groups have been identified by the FTIR spectral analysis. The Kurtz pow-
der test confirmed that SHG efficiency of TGAc is higher than that of KDP and many 
other crystals of amino acid family. The thermogravimetric analysis confirms the 
thermal stability of the TGAc up to 248 °C. The mass spectral analysis provides the 
additional confirmation for formation of this compound. 
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Ceramic samples of WO3 added (Na1/2Bi1/2)TiO3 were prepared using a high-temperature solid-state 
reaction method. X-ray diffraction analyses indicate the formation of a single-phase orthorhombic struc-
ture. The apparent particle size and lattice strain are estimated using the Williamson–Hall plot. Dielectric 
studies revealed the relaxor behaviour and addition of WO3 shifted phase transition temperature as well as 
depolarization temperature of (Na1/2Bi1/2)TiO3 to higher side. ac impedance plots were used to analyse the 
electrical behaviour of samples in function of frequency at various temperatures. The ac impedance stud-
ies revealed the presence of the grain boundary effect and evidence of a negative temperature coefficient 
of resistance. Cole–Cole analysis indicated a non-Debye type dielectric relaxation. The ac conductivity 
obeys the universal power law. The pair approximation type correlated barrier hopping model explains 
the universal behaviour of the s exponent. The apparent activation energy of the conduction process and 
density of states at the Fermi level have been discussed. 

Key words: (Na1/2Bi1/2)TiO3; impedance spectroscopy; dielectric relaxation; ac conductivity 

1. Introduction 

In recent years, a number of perovskite ABO3-type lead-free materials have been 
studied for their possible use in electronic applications. To date, lead-based com-
pounds such as Pb(Zr,Ti)O3, PbTiO3, Pb(Mg1/3Nb2/3)O3, etc. have been widely used 
for multilayer capacitor, pyroelectric and/or piezoelectric applications. However, 
a need of lead-free materials has been felt worldwide for environmental protection. 
Recently, the legislation on waste electrical/electronic equipment (WEEE) and a re-
 __________  
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striction of hazardous substances (RoHS) has been issued by the European Union. The 
use of hazardous substances such as lead in electrical parts has been prohibited since 
2006. To meet this requirement, the search for alternative environment-friendly lead-
free materials for these applications has become the current trend. Sodium bismuth 
titanate, (Na1/2Bi1/2)TiO3 (NBT) is considered to be an excellent candidate as a key 
material of lead-free piezoelectric ceramic, which shows strong ferroelectric properties 
[1–7]. NBT belongs to perovskite family with rhombohedral symmetry at ambient 
temperature having a Curie temperature, Tm = 320 °C, and large remanent polarization, 
Pr = 38 μC/cm2. 

Furthermore, it has been reported that the NBT-based composition modified with 
BaTiO3 [8,9], Ba(Zr,Ti)O3 [10], Ba(Cu1/2W1/2)O3 [11], SrTiO3 [12], NaNbO3 [13], 
MnCO3 [14], La2O3 [15,16], CeO2 [16,17], Bi2O3-Sc2O3 [18], LiTaO3 [19], ZrO2 [20], 
etc. showed improved electrical as well as electromechanical properties. In addition, 
NBT exhibits an anomaly in its dielectric properties as a result of low temperature 
phase transition from a ferroelectric to an antiferroelectric phase at about 200 °C, 
which is termed the depolarization temperature Td. Thus Td is an important factor in 
NBT and NBT-based ceramics, in view of their practical uses, because the piezoelec-
tric response disappears above Td. It has also been seen that additives such as SrTiO3, 
BaTiO3, (K1/2Bi1/2)TiO3, etc. show better piezoelectric properties while the Td is 
greatly reduced [11, 21]. Besides, it has been found that the addition of WO3 improves 
the electrical properties of a similar perovskite system [22, 23]. A recent study on 
dielectric properties of the 2.5 wt. % WO3 added (Na1/2Bi1/2)TiO3 system showed 
a remarkable shift in Tm as well as Td to higher values [24]. 

Accordingly, in the present work, structural, microstructural, dielectric and im-
pedance studies of 2.5 wt. % WO3 added (Na1/2Bi1/2)TiO3 (abbreviated hereafter NBT 
-WO3) ceramic are presented. An attempt has also been made to understand the 
mechanism of charge transport and the role of grain and grain boundaries on the elec-
trical properties of NBT-WO3 using complex impedance spectroscopy. The apparent 
activation energy of the conduction process and density of states at the Fermi level in 
the system are also evaluated. 

2. Experimental 

Polycrystalline samples of 2.5 wt. % WO3 added (Na1/2Bi1/2)TiO3 were obtained 
from AR-grade (99.9%, pure) chemicals (Na2CO3, Bi2O3, TiO2 and WO3) using the 
solid-state reaction technique. The details of the sample preparation conditions have 
been discussed elsewhere [24]. The calcination and sintering conditions were kept at 
1050 °C for 4 h and 1090 °C for 3 h, respectively. Completion of the reaction and the 
formation of the desired compound were checked by X-ray diffraction method. The 
weight of the sample was monitored before and after heat treatments. The maximum 
difference was about 1.12 mg for the total 10 g of the sample. Therefore, the composi-
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tion of the sample was considered to be the same as the initial one. The XRD data 
were collected on calcined powder with an X-ray diffractometer (Siemens D500) at 
room temperature, using CoKα radiation (λ = 1.7902 Å), over a wide range of Bragg 
angles (20° ≤ 2θ ≤ 80°) with the scanning rate of 2 deg·min–1. The microstructure of the 
sintered NBT-WO3 sample was taken on the fractured surface using a computer con-
trolled scanning electron microscope (JEOL-JSM840A). The frequency dependent 
electric permittivity (ε), electrical impedance (Z), phase angle (θ) and loss tangent 
(tanδ) were measured at various temperatures using a computer-controlled LCR Hi-
Tester (HIOKI 3532-50), Japan, on a symmetrical cell of type Ag|ceramic|Ag, where 
Ag is a conductive paint coated on either side of the pellet. ac conductivity data were 
obtained from impedance data, using the relation σac = t/(SZ ′), where Z ′  is the real 
part of impedance, t and S are the thickness and area of the sample, respectively. 

3. Results and discussion 

Figure 1 shows the X-ray diffraction (XRD) profile of NBT-WO3 at room tempera-
ture. A standard computer program, ‘PowdMult’ [25], was utilized for the XRD profile 
analysis. A good agreement between the observed and calculated interplane spacing and 
no trace of any extra peaks due to constituent oxides were found, thereby suggesting the 
formation of a single-phase compound having an orthorhombic structure. 

 

Fig. 1. Indexed X-ray diffraction pattern of NBT WO3  
at room temperature. Inset: the Williamson–Hall plot 

The lattice parameters were found to be: a = 3.808(8) Å, b = 4.764(4) Å and c  
= 6.722(2) Å, with an estimated error of ±10–3 Å. The unit cell volume was estimated 
to be 121.99 Å3. The apparent particle size and lattice strain of NBT-WO3 were esti-
mated by analyzing the X-ray diffraction peak broadening, using the Williamson–Hall 
approach [26]: 
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where D is the apparent particle size, β is the diffraction peak width at half intensity 
(FWHM) and Δξ/ξ is the lattice strain and K is the Scherrer constant (0.89). The term 
Kλ/D represents the Scherrer particle size distribution. The lattice strain can be esti-
mated from the slope of the plot βcosθ in function of sinθ, and the apparent particle size 
can be estimated from the intersection of this line at sinθ = 0. Linear least squares fitting to 
βcosθ/λ – sinθ/λ data provided the values of the intercept and slope of the plot. A Gaussian 
model was applied to estimate the diffraction peak width at a half intensity. 
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where A and θc are the area and centre of the curve, respectively. The inset of Fig. 1 
illustrates the Williamson–Hall plot for NBT-WO3. The apparent particle size and 
lattice strain are estimated, respectively, to be of the order of 104 nm and 0.0056. 

 

Fig. 2. SEM micrograph of NBT-WO3 at 10 μm magnification 

Figure 2 shows the SEM micrograph of NBT-WO3 at 10 μm magnification. Grain 
shapes are clearly visible, indicating the existence of polycrystalline microstructure. 
Grains of unequal sizes appear to be distributed throughout the sample. The average 
grain size was estimated to be about 2.5 μm. The ratio of the grain size to apparent 
particle size of NBT-WO3 is found to be of the order of 24. 

Figure 3 presents the temperature dependences of ε and tanδ at three representa-
tive frequencies for NBT-WO3 system. It can be seen that the temperature of maxi-
mum relative permittivity (Tm) shifted to a higher temperature (from 440 °C at 1 kHz 
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to 465 °C at 100 kHz) and εm decreased from 3139 at 1 kHz to 1001 at 100 kHz with 
the increase in frequency. Also, the plots show the diffuse phase transition (DPT) 
around 10 °C and a strong frequency dispersion, which indicates the relaxor behavior 
in NBT-WO3. Besides, it is important to note that the addition of WO3 to NBT shifts 
Tm as well as Td to higher temperature by more than 100 °C which is desirable for 
piezoelectric applications. The room temperature value of ε and tanδ at 1 kHz were 
found to be 424 and 0.18, respectively. 

 

Fig. 3. Temperature dependences of ε and tanδ of NBT-WO3 at 1, 10 and 100 kHz 

 

Fig. 4. Dependences of the real part of impedance of NBT-WO3 on frequency  
at various temperatures. The inset shows an enlarged view at 400 °C, 450 °C and 500 °C 
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Fig. 5. Dependences of the imaginary part of impedance of NBT-WO3 on frequency  
at various temperatures. The inset shows an enlarged view at 350–500 °C 

Figures 4, 5 and their insets show the dependences of the real (Z ′) and imaginary 
(Z′′) parts of impedance on frequency at various temperatures. The value of Z ′ de-
creases with increasing temperature as well as with increasing frequency which shows 
that NBT-WO3 has the negative temperature coefficient of resistance (NTCR). This 
indicates an increase in the ac conductivity with the increase in temperature and fre-
quency. The loss spectrum (Fig. 5) is characterized by some important features in the 
pattern such as the appearance of a peak ( maxZ ′′ ), asymmetric peak broadening (inset of 
Fig. 5) and the decrease of values of maxZ ′′  which shift to higher temperatures with the 
increasing frequency. The asymmetric broadening of peaks in frequency explicit plots 
of Z ′′  suggests that there is a spread of relaxation times, i.e. the existence of a tem-
perature dependent electrical relaxation phenomenon in the material. 

Figure 6 shows the complex impedance plots at various temperatures in a loga-
rithmic scale. It is observed that the impedance data at room temperature do not take 
the shape of a semicircle but rather resemble a straight line, suggesting the insulating 
behaviour of NBT-WO3. It can also be seen that with the increase in temperature the 
slope of the lines decreases, and the lines bend towards the real (Z ′) axis. Also, at 
300 °C a single semicircle, and at 400 °C and above two semicircles could be obtained 
with different values of resistance for grain (Rb) and grain boundary (Rgb). This indi-
cates the increase in conductivity of the sample with the increase of temperature. 
Hence, the grain and grain boundary effects could be separated at these temperatures. 
It can also be observed that the peak maxima of the plots decrease and the frequency 
for the maximum shifts to higher values with the increase in temperature. Further-
more, it can be seen that the Cole–Cole plots (inset of Fig. 6) are not represented by 
a full semicircle, and the centre of the arc lies below the real (Z ′) axis, which suggests 
that the dielectric relaxation is of non-Debye type in NBT-WO3. This may be due to 
the presence of distributed elements in the material-electrode system [27]. 
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Fig. 6. Complex impedance plots of NBT-WO3 at various temperatures in a logarithmic scale. The inset 
shows the Cole–Cole plots at 350 °C and 500 °C with the appropriate, equivalent electrical circuit 

It is believed that the correlation among the Debye relaxators may start developing 
via formation of nanopolar clusters of Na-TiO3 and Bi-TiO3. Since the relaxation 
times of the relaxators within polar clusters are distributed over a wide spectrum at 
higher temperatures, their responses to an external field are in a different time domain. 
This results in the deviation from the Cole–Cole plots [28–30]. The first semicircle 
(which may be ascribed to a parallel combination of bulk resistance Rb and capaci-
tance Cb), in a high frequency region corresponds to the intragranular behaviour of the 
material or bulk properties. The second semicircle (which may be attributed to a paral-
lel combination of grain boundary resistance, Rgb and capacitance, Cgb), in a low fre-
quency region represents the grain boundary contribution. It is obvious that the con-
ductivities of grains and grain boundaries may be different, owing to different 
underlying processes, and thereby relax in different frequency regions. In such a case, 
the equivalent circuits (inset of Fig. 6) can be represented as a series network of paral-
lel RC elements [27]. The impedance can then be expressed as: 

 * 1 1 1 1( ) ( )b b gb gbZ R j C R j Cω ω− − − −= + + +   (3) 

The values of Rb and Rgb could directly be obtained from the intercept of the ends 
of the semicircle on the Z ′ axis whose temperature dependences are shown in Fig. 7. It 
can be seen that the values of Rb and Rgb decrease with the increase of temperature, 
which clearly indicates the NTCR character of NBT-WO3 and supports Fig.4. The 
capacitances (Cb and Cgb) due to these effects can be estimated using the relation: 

 ωmaxRC = 1  (4) 
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where ωmax (= 2πfmax) is the angular frequency at the maximum of the semicircle. Fig-
ure 7 shows the temperature dependences of Cb and Cgb obtained from the Cole–Cole 
plots at various temperatures. The decrease in the value of Rb of NBT-WO3 is associ-
ated with an increase in conductivity with the increase in temperature. Also, a decrease 
in the Rgb values with the increment of temperature suggests the lowering of the barrier 
towards the mobility of charge carriers aiding electrical conduction at higher tempera-
tures [30]. Besides, these curves do not coincide with the origin; rather they start from 
~350 Ω. Therefore, a series resistance Rs =350 Ω should be added to the LCR circuit 
representation (inset of Fig. 6) of the sample. 

 

Fig. 7. Temperature dependences of Rb, Rgb, Cb and Cgb of NBT-WO3 

 

Fig. 8. Dependences of ac conductivity on frequency at various temperatures  
of NBT-WO3. Inset: Temperature dependence of index s 
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Figure 8 shows the log–log dependences of electrical conductivity on frequency at 
various temperatures. The pattern of the conductivity spectrum shows dispersion 
throughout the chosen frequency range. The frequency dependence of the ac conduc-
tivity at room temperature obeys the universal power law [31]: 

 S
ac Aσ ω=   (5) 

whereas above room temperature this dependence follows the double power law of 
type [32]: 

 1 2
1 2

S S
ac A Aσ ω ω= +   (6) 

where A, A1 and A2 are the temperature dependent constants, and s, s1 and s2 are the 
temperature as well as frequency dependent parameters. Such dependence is associ-
ated with displacement of carriers which move within the sample by discrete hops of 
the length R between randomly distributed, localized sites. The values of the indices s1 
and s2 can be obtained from the slopes in the low and high frequency regions, respec-
tively. The inset of Fig. 8 shows the temperature dependences of s1 and s2. It can be 
seen that the values of both s1 and s2 are always lower than 1, and decrease with the 
increase of temperature. Furthermore, the value of s1 approaches zero at higher tem-
peratures, indicating that dc conductivity dominates at higher temperatures in the low 
frequency region and obeys Jonscher’s power law [33]: 

 2(0) S
ac Aσ σ ω= +   (7) 

where σ (0) is the frequency independent part of the conductivity. The model based on 
correlated hopping of electrons over a barrier [34] predicts a decrease in the value of 
the index with the increase in temperature, and it was found to be consistent with the 
experimental results. Therefore, the electrical conduction in the system could be con-
sidered due to the short-range translational type hopping of charge carriers 
[30, 32, 35]. This indicates that the conduction process is thermally activated. The 
exponent si (i = 1 or 2) and binding energies are related by: 

 61 B
i

m

k Ts
W

= −   (8) 

A decrease of Wm upon temperature increase was observed. The characteristic de-
crease in slopes (s1 and s2) with the increase of temperature is due to the decrease in 
binding energy [35]. 

Figure 9 shows the dependence of ac conductivity on T –1. A linear least squares fit 
of lnσac–103/T data in the higher temperature region gives the value of the apparent 
activation energy of the conduction process. It has been observed that the value of the 
activation energy (0.019 eV at 1 kHz) decreases with the increase in frequency. It can 
be seen that the ac conductivity is almost insensitive in the low temperature region, 
irrespective of the operating frequencies. Also, the onset temperature shifts to a higher 
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temperature with the increase in frequency. A low value of the activation energy ob-
tained could be attributed to the influence of an electronic contribution to the conduc-
tivity in which the transport of carriers may occur through hopping between localized 
states in a disordered manner. Also, the increase in conductivity with temperature may 
be explained based on the assumption that within the bulk, the oxygen vacancies, due 
to the loss of oxygen, are usually created during sintering and the charge compensa-
tion, which may leave behind free electrons, making them n-type. 

 

Fig. 9. Dependence of ac conductivity of NBT-WO3on inverse of temperature at various frequencies 

 

Fig. 10. Frequency dependence of N(Ef) in NBT-WO3 at various temperatures. 
 Inset: Temperature dependences of N(Ef) at 1 kHz and 1 MHz 
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The hopping conduction mechanism is generally consistent with the existence of 
a high density of states in the materials having a band gap similar to that of a semi-
conductor. Due to localization of charge carriers, formation of polarons takes place 
and the hopping conduction may occur between the nearest neighbouring sites. The ac 
conductivity data were used to evaluate the density of states at the Fermi level N(Ef) 
using the dependence [36]: 

 ( )
4

22 5 0π( ) ( ) ln
3ac B f

fe k T N Eσ ω ω α
ω

− ⎛ ⎞= ⎜ ⎟
⎝ ⎠

  (9) 

where e is the electronic charge, f0 the photon frequency and α is the localized wave 
function, assuming f0 = 1013 Hz, α = 1010 m–1 at various operating frequencies and 
temperatures. Figure 10 shows the frequency dependence of N(Ef) at different tem-
peratures. As can be seen the value of N(Ef) increases with the increase in operating 
frequency at low temperatures showing a minimum (from 100 °C onwards) which 
shift towards higher frequencies with the increasing temperature. The inset of Fig. 10 
shows the variation of N(Ef) with temperature at two representative frequencies: 1 kHz 
and 1 MHz. It is found that the value of N(Ef) increases with the increase in tempera-
ture at low frequencies, while it shows a maximum at 350 °C at 1 MHz. The reasona-
bly high values of N(Ef) suggest that the hopping between the pairs of sites dominate 
the mechanism of charge transport in NBT-WO3. 

4. Conclusion 

Polycrystalline samples of 2.5 wt. % WO3 added (Na1/2Bi1/2)TiO3, prepared by 
a high-temperature solid-state reaction technique, were found to have a single-phase 
perovskite-type orthorhombic structure. Impedance analyses indicated the presence of 
grain and grain boundary effects. The dielectric relaxation in the system was found to 
be of non-Debye type. The ac conductivity was found to obey the universal power 
law. The pair approximation type correlated barrier hopping (CBH) model accurately 
describes the mechanism of charge transport in NBT-WO3 system. 
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Electrical properties of tin phthalocyanine-based  
heterostructures: SnPcCl2/GaP, SnPcCl2/InP  

and SnPcCl2/GaAs 
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Electrical characteristics of organic/inorganic, SnPcCl2/GaP, SnPcCl2/GaAs and SnPcCl2/InP (Pc 
standing for phthalocyanine) heterojunctions were studied. Current density–voltage (J–V) characteristics 
showed thermionic emission conduction at relatively low voltages followed by a space charge limited 
conduction mechanism at relatively high voltages. The capacitance–voltage (C–V) characteristics indi-
cated that the devices have an abrupt nature. Various parameters have been determined from the J–V and 
C–V analysis for the three devices. 

Key words: phthalocyanines; organic/inorganic heterojunction 

1. Introduction 

A considerable interest in electrical and optical properties of organic molecular 
semiconductors reflects their increasingly widespread use in organic and hybrid or-
ganic-inorganic (OI) devices [1]. When organic semiconductors are deposited onto 
inorganic semiconductor substrates such as Si or InP, a rectifying energy barrier is 
formed at the OI interface [2]. Transport of charge across the energy barrier is limited 
by various mechanisms. 

Organic semiconductors like phthalocyanines have been intensively studied with 
regard to their electrical and photoconduction properties [3]. Phthalocyanines are gen-
erally p-type semiconductors and have the advantage of being sufficiently stable under 
chemical and thermal treatment. They can be easily vacuum deposited, find applica-
tion in gas sensors and various organic optoelectronic devices such as solar cells, 
light-emitting diodes as hole transport layers [6–9] in high purity thin films without 
 __________  
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decomposition [4, 5]. Electronic devices with phthalocyanines as the active materials 
can be fabricated on a wide variety of substrates [5]. Phthalocyanines have attracted 
a lot of attention in view of their possible applications in organic-inorganic structures. 
They are expected to open up new areas of research in optoelectronic materials, be-
cause they make it possible to include and exploit in a single system the specific light 
absorption characteristics of the organic molecules as well as the good carrier mobility 
of the inorganic materials [10, 11]. Recently, efforts have been exerted to combine the 
desired properties of inorganic and organic layers in optoelectronic junctions. Takada et al. 
[12] have demonstrated an example of the formation of CuPc/TiO heterostructure; these 
junctions were found to exhibit 40 times higher photoconductivity than a single layer of 
CuPc. Recently, Lee et al. [13] have fabricated PbTe/CuPc heterojunctions. 

Among various phthalocyanines, tin phthalocyanine dichloride (SnPcCl2) has re-
ceived less attention than others. The object of this paper is to investigate the electrical 
characteristics of SnPcCl2/GaP, SnPcCl2/GaAs and SnPcCl2/InP heterojunctions. In 
particular, the voltage properties of the different substrates were investigated in a con-
trolled-light environment, in order to test the response of the heterojunctions to illumi-
nation and to total darkness. Also, capacitance-voltage measurements were carried out 
in the dark in order to characterize these cells. 

2. Experimental 

The films were fabricated using tin phthalocyanine dichloride (SnPcCl2) which 
had been purchased from the ACROS Organics Company, USA. Gallium phosphide 
(GaP), gallium arsenide (GaAs) and indium phosphide (InP) single crystals were used 
as substrates in order to fabricate different organic/inorganic diodes. The substrates 
were cleaned and etched before the device fabrication. The substrates were rinsed in 
distilled water, ethyl alcohol and acetone for 2 min, and then in distilled water for 
1 min. The substrates were then etched for 45 s in aqueous solution of H2O2 and 
H2SO4. After etching, the substrates were washed for 1 min in distilled water and then 
dried with nitrogen. All surface treatments were chosen such that they would not at-
tack the underlying semiconductor but would rather only affect the surface region. 

After surface cleaning, the samples were mounted inside the vacuum chamber of 
an Edward 306 evaporator unit. A thin film of SnPcCl2 with a thickness of 325 nm 
was then deposited onto the clean surface of the substrates by thermal evaporation. 
The evaporation was carried out by sublimation of the SnPcCl2 powder from a quartz 
crucible source heated with a tungsten coil in the vacuum of 10–4 Pa with the deposi-
tion rate of 2.5 nm·s–1. The substrate temperature was kept at 300 K during the deposi-
tion. The OI devices were completed by vacuum deposition of an ohmic Au contact 
using a suitable mask placed in contact with the top of the SnPcCl2 layer. The other 
ohmic contact was made to the back wafer surface, also by vacuum deposition of Ag. 
A typical heterojunction is shown in Fig. 1a. 
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In the present paper, the electrical characteristics of SnPcCl2/GaP, SnPcCl2/GaAs 
and SnPcCl2/InP hetrerojunctions were examined by using current density–voltage  
(J–V) measurements in the dark. The current flowing through the device was deter-
mined using a stabilized power supply and a high impedance electrometer (Keithley 
617 A). 

Also, capacitance–voltage (C–V) measurements were performed at a frequency of 
1 MHz using a computerized (C–V) system, consisting of a 410 C–V meter, controlled 
via interface with a 4108 C–V connected to a personal computer. 

3. Results and discussion 

3.1. Dark J–V characteristics 

J–V characteristics at room temperature for the three fabricated diodes structures; 
Au/SnPcCl2/GaP/Ag, Au/SnPcCl2/GaAs/Ag and Au/SnPcCl2/InP/Ag, are shown in 
Fig. 1b. The differences in the behaviour of these devices result from a significant 
difference between the inorganic substrates and the nature of the OI interface. The 
rectification ratio for Au/SnPcCl2/GaP/Ag at 1.4 V was found to be about 100 and this 
value was higher than those obtained for the other diodes. 

  

 Fig. 1. Typical schematic diagram of p-SnPcCl2/n-substrate (GaP or GaAs or InP),  
heterojunction (a), and I–V characteristics at room temperature  

for p-SnPcCl2/n-GaP, p-SnPcCl2/n-GaAs and p-SnPcCl2/n-InP contact barrier diodes 

J–V characteristics for various heterojunction devices under a forward bias at sev-
eral temperatures ranging from 293 to 373 K are shown in Fig. 2. As observed from 
the figure, the current density increases exponentially with the applied voltage and 
then deviates from the exponential due to the effect of series resistance on the system. 
So, the forward current can be classified into two regions according to the applied 
voltage. In the first region (low voltage, V < 0.5 V), the J–V characteristics of the de-
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vices follow the dependence characteristic of thermionic emission theory for conduc-
tion across the junction, which can be expressed by the following equation [14] 

 exp 1s
B

qVJ J
nk T

⎛ ⎞
= −⎜ ⎟

⎝ ⎠
 (1) 

where Js is the reverse saturation current density, q is the electronic charge, n is the 
diode quality factor, which accounted for the extent of the non-ideality of the diode 
and kB is the Boltzmann constant. 

  

Fig. 2. Dependence of forward current density  
on voltage and temperature for: 

 a) Au/SnPcCl2/GaP, b) Au/SnPcCl2/GaAs,  
c) Au/SnPcCl2/InP 

The saturation current density, Js, is given by [14]: 

 * 2 exp B
s

B

J A T
k T
φ⎛ ⎞

= −⎜ ⎟
⎝ ⎠

 (2) 

where A* is the effective Richardson constant, and φB is the Schottky barrier height of 
the diode. Applying this theory, the values of the diode quality factor n and the reverse 
saturation current density Js have been calculated and collected in Table 1. The value 
of n is greater than unity which can be attributed to the recombination of the electrons 
and holes in the depletion region [15]. The potential barrier φB has been calculated by 
employing the same theory and is compiled in Table 1. It is observed that the Schottky 
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barrier effect disappears when the applied voltage is 0.63, 0.58 and 0.26 V in 
SnPcCl2/GaP, SnPcCl2/InP and SnPcCl2/GaAs devices, respectively. Beyond these, 
the current density is mainly contributed from the bulk resistance of SnPcCl2 layer. 
The SnPcCl2/GaAs and SnPcCl2/InP devices exhibit smaller contact barrier heights 
than that obtained for the SnPcCl2/GaP heterojunction device, as seen from Table 1. 
The relatively small OI barrier heights are found to arise from a high density of states 
at the inorganic substrate surface [16]. 

Table 1. Electrical parameters derived  
from the analysis of J–V characteristics 

Sample n Js [A/m2] φB [eV] 
Au/SnPcCl2/GaP/Ag 2.34 7.476×10–6 0.63 
Au/SnPcCl2/InP/Ag 2.75 7.895×10–4 0.58 
Au/SnPcCl2/GaAs/Ag 1.81 2.5×10–3 0.26 

 
In the second region (relatively high voltage, V > 0.5 V), the conduction may be 

attributed to the space charge limited currents in the organic layer. It is observed that 
the current density shows a power dependence of voltage of the type J ∝ V m for the 
three devices as seen in Fig. 3. The calculated value of m is higher than 2, as seen in 
Table 2, thus this power dependence shows that the forward biased current is a space 
charge limited current (SCLC) dominated by an exponential distribution of traps.  

Table 2. The parameters derived from the J–V analysis in the SCLC region 

Parameter SnPcCl2/GaP SnPcCl2/GaAs SnPcCl2/InP 
m 6.24 2.6 3.14 
Tt [K] 1538 485 631.3 
μ, [m2·s–1·V–1] 8.19×10–9 4.35×10–12 3.53×10–11

Nt [m–3] 1.75×1021 1.85×1021 2.28×1021

P0 [J–1·m–3] 8.26×1040 2.76×1041 2.61×1041

Er [eV] 0.34 0.29 0.23 
 
The current density in this region is given by [16]: 

 
1

2 1
0

l l

V l
B t

VJ q N
eP k T d

εμ
+

+

⎛ ⎞
= ⎜ ⎟

⎝ ⎠
 (3) 

where μ is the hole mobility, NV is the effective density of states at the valence band 
edge, taken as 1027 m–3 [17], ε is the permittivity of the SnPcCl2 taken as 3.214×10–11 F·m–

1 [18], P0 is the trap concentration per unit energy range at the valence band edge, l is 
the ratio between the temperature parameter Tt and the ambient temperature. The pa-
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rameter Tt is the characteristic temperature of the exponential trap distribution, tabu-
lated in Table 2 for the three junctions. The total concentration of traps is given by: 

 0t B tN P k T=  (4) 

  

 

Fig. 3. Dependendences of log J on logV 
at higher forward voltage bias for: 

Au/SnPcCl2/GaP, b) Au/SnPcCl2/GaAs, 
c) Au/SnPcCl2/InP 

 
Fig. 4. Dependences of logJ on 1000/T  

in SCLC for SnPcCl2/GaP device 

The value of Nt can be obtained from the variation of the current density with the 
temperature in the SCLC region. As shown in Fig. 4, the dependences of logJ on 
1000/T for the SnPcCl2/GaP heterojunction are straight lines. The same behaviour was 
also obtained for the other two devices. The slope of these lines is given by [17, 19]: 
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The value of μ, has been calculated from the intercept of the line in Fig. 4 given 
by [5]: 

 0log log Vq N VJ
d

μ
=  (6) 

The values of μ, Nt and P0 have been calculated for the three heterojunctions (Ta-
ble 2). The electrical parameters derived from the J–V analysis in the SCLC region, 
are consistent with the values reported for some other metal phthalocyanines (MPc’s). 

The measured reverse-bias characteristics of SnPcCl2/GaP, SnPcCl2/GaAs and 
SnPcCl2/InP heterojunctions at various temperatures are shown in Fig. 5. A relatively 
bias dependence of the reverse current is observed which could be due to the recharg-
ing of trapping states within the junction region [20].  

  

Fig. 5. Reverse J–V characteristics of:  
a) Au/SnPcCl2/GaP, b) Au/SnPcCl2/GaAs, 

c) Au/SnPcCl2/InP heterojunctions  

Figure 6 shows the temperature dependences of the reverse current of SnPcCl2/GaP, 
SnPcCl2/GaAs and SnPcCl2/InP heterojunctions. ln(JR) was plotted in function of 
1000/T at various reverse-bias voltages. As the Arrhenius plots appear to exhibit 
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a thermally activated behaviour, it is reasonable to assume that the reverse current can 
be expressed as [21] 

 ( ) exp r
R

B

EJ T
k T

α
⎛ ⎞

= −⎜ ⎟
⎝ ⎠

 (7) 

where Er is the activation energy. The calculated values of Er for the three junctions 
are tabulated in Table 2. 

  

Fig. 6. Dependences of lnJR on 1000/T of 
a) Au/SnPcCl2/GaP, b) Au/SnPcCl2/GaAs, 

c) Au/SnPcCl2/InP heterojunctions 

3.2. Capacitance–voltage characteristics 

The capacitance of the heterojunctions (Au/SnPcCl2/GaP, Au/SnPcCl2/GaAs and 
Au/SnPcCl2/InP) were measured at 1 MHz and at various temperatures. Figure 7 
shows the dependence of 1/C2 with the voltage across the junctions. It is clear from the 
figure that the capacitances of the samples increase with the increase in temperature. 
Also, the values of C–2 on V varies linearly with the applied voltage, indicating that the 
junctions have an abrupt nature and the voltage dependence is [22]: 

 ( )( )1 1 2 22
2

0 1 2 1 2

2 dV V N N
C

qA N N
ε ε

ε ε ε
− − +

=   (8) 
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where Vd is the built-in voltage, εi is the electric permittivity and Ni is the donor (or accep-
tor) concentration; i = 1 or 2 denotes the two semiconductors that form the junction.  

  

Fig. 7. Dependences of 1/C2 on voltage for: 
a) Au/SnPcCl2/GaP, b) Au/SnPcCl2/GaAs, 

c) Au/SnPcCl2/InP heterojunctions  

Table 3. Electrical parameters calculated from the C–V measurements 
for SnPcCl2/GaP, SnPcCl2/InP and SnPcCl2/GaAs devices 

Heterojunction 

Temperature 
303 K 333 K 353 K 

Parameter 
Vd [V] N [m–3] Vd [V] N [m–3] Vd [V] N [m–3] 

SnPcCl2/GaP 0.58 7.33×1020 0.42 7.74×1020 0.30 8.07×1020 

SnPcCl2/InP 0.55 5.52×1019 0.50 8.13×1019 0.46 9.59×1019 

SnPcCl2/GaAs 0.25 9.12×1020 0.15 9.92×1020 0.09 1.08×1021 

 
Equation (8) can be reduced to [23]: 

 
( )2

2
0

2 dV V
C

q NAε ε
− −

=  (9) 

where ε is the electric permittivity of SnPcCl2, A is the effective area of the device and 
N is the free carrier concentration. The built-in voltages of the junctions were calcu-
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lated by extrapolating the 1/C2 curve to V = 0 and from the slope of the straight lines 
the values of N can be determined. The calculated values of Vd and N are compiled in 
Table 3. It can be seen from these tables that the built-in voltage decreases with the 
increase in temperature, while the carrier concentration increases with the increase in 
temperature. 

4. Conclusion 

The electrical characteristics of OI semiconductor diodes SnPcCl2/GaP, 
SnPcCl2/GaAs and SnPcCl2/InP have been studied. Thermionic emission conduction 
in the low voltage range has been identified from the forward bias current density 
–voltage (J–V) measurements at various temperatures for the three devices. The con-
tact barrier height for the SnPcCl2/GaP heterojunction device is larger than those ob-
tained for the SnPcCl2/GaAs and SnPcCl2/InP devices. At higher voltages, a space 
charge limited current (SCLC) controlled by an exponential trapping distribution 
above the valence band edge has been observed. Some electrical parameters, derived 
from the J–V analysis in the SCLC region, are consistent with the values reported for 
some other metal phthalocyanines. The C–V measurements showed that the hetero-
junctions have an abrupt nature. The built-in potential Vd decreases with the increase 
in temperature, while the carrier concentration N increases with the increase in tem-
perature. 
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synthesised silver–silica nanocomposites 
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Properties of nanoparticles differ from those of bulk phase or individual molecules. The metal form 
of these particles shows chemical and physical properties that can be used in fields such as optics, opto-
electronics and catalysis. Silver nanoparticles can be used as an antimicrobial agent in wound dressings 
and as surface coatings, e.g., catheters. In this work, silver nanoparticles were deposited on silica submi-
crospheres using ultrasounds. A mixture of silver nitrate solution with silica submicrospheres was sonifi-
cated under an atmosphere of argon gas in order to eliminate oxygen and decrease both the cavitational 
threshold as well as the intensity of the ultrasounds. Duration of irradiation was varied between 90 and 
180 min at a the frequency of 24 kHz.The resulting silver–silica nanocomposites were characterized with 
Fourier transform infrared (FTIR), high resolution transmission electron microscopy (HR-TEM), scan-
ning electron microscopy (SEM), energy dispersive X-ray analysis (EDAX) and X-ray florescence 
(XRF). The results of SEM micrographs show submicrospheres of silver-silica nanocomposites, with the 
16–64 nm size distribution. Furthermore, HR-TEM micrographs show that the particle size distribution 
does not depend on time of irradiation. The particle size distribution of silver nanocomposite in all sam-
ples was approximately 4–30 nm. EDAX and FTIR measurements show that, with increasing AgNO3 
concentration, the percentage of deposited silver on silica increases. XRF patterns show that the amount 
of silver deposited on silica can be increased by increasing the ultrasound power. 

Key words: energy dispersive X-ray analysis; high resolution transmission electron microscopy (HR-
TEM); scanning electron microscopy; silver nanocomposite; sonochemical treatment 

1. Introduction 

Nanoparticles of noble metals have been extensively studied due to their potential 
applications in microelectronics, and their optical, electronic and catalytic properties 
[1, 2]. There is particular interest in nanoparticulate Ag, due to its ability to act as both 
an electron sink as well as a redox catalyst. Antimicrobial properties of silver were 

 __________  
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well known to the ancient Egyptians and Greeks, for example Hippocrates mentions 
silver as a treatment for ulcers [3]. Silver nanoparticles can be used as an antimicrobial 
agent in applications such as wound dressings and as surface coatings e.g., catheters 
[4, 5]. Silver has been shown to inhibit energy production by inhibiting the respiratory 
chain of E. coli [6]. 

In order to obtain high performance materials, it is of paramount importance that 
particle size and structure be controlled [7, 8]. One significant approach is to synthe-
size them in the presence of a porous solid such as alumina, silica, or zeolite. 
Mesoporous solids, due to their small pore size, high opening pore volume, and large 
internal surface area, have found great utility. Different techniques for improving the 
formation of metal particle loaded mesoporous composites have been developed 
[9, 10] but recently there has been a rapid increase in the application of unconven-
tional methods. Different than other traditional chemical methods, sonochemistry is 
based on acoustic cavitation, that is, the formation, growth and collapse of bubbles in 
a liquid [11]. Being a sound wave, ultrasounds are transmitted through any substance, 
be it solid, liquid or gas, which possesses elastic properties. For liquid and gases, par-
ticle oscillation takes place in the direction of the wave, and produces longitudinal 
waves. This causes the layer of liquid or gas closest to the ultrasound source to be 
displaced, which then causes other neighbouring layers to be displaced in an iterative 
manner, thus the layers become compressed. This is the compression cycle of the 
process. When some layers are compressed, others are expanded. This is called the 
rarefaction cycle of the process. Besides the variation in the positions of molecules, 
when an ultrasound wave travels through a liquid or gas, there is a variation in pres-
sure. At the point where the layers are crowded together (i.e., where the molecules are 
compressed), the pressure is higher than normal at the given instant, whereas in the 
region where the layers are furthest apart (i.e. the rarefaction region), the pressure is 
lower than normal. This pressure is called the applied acoustic pressure. The total 
pressure, P in the liquid is given by: [12] 

 P = Ph + Pa  (1) 

In this equation, Ph, is the ambient pressure (usually hydrostatic) in the liquid. If 
a sufficiently large negative pressure Pc is applied to the liquid (here it will be the 
acoustic pressure on rarefaction, Pc = Ph – Pa) such that the average distance between 
the molecules exceeds the critical molecular distance, the liquid breaks down and cavi-
ties will be created (bubble formation). These cavities may grow in size until the 
maximum of the negative pressure has been reached (bubble growth). The total col-
lapse of the bubbles, due to enormous energies involved, produces a shock wave. 

The adiabatic process associated with an implosive collapse generates localized 
hot spots with transient temperatures of about 5000 K and pressures of 181.8 MPa 
[13]. The chemical effects of ultrasounds are attributed to the cavitation producing 
strong reactants from aqueous solutions, thereby reducing metal salts in situ. 
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The use of ultrasound in liquid–solid systems for the preparation of nanostructure 
of metals, especially in the presence of porous solid, however, is rarely reported in the 
literature [14]. In this paper, we report on the ultrasound-assisted preparation of 
Ag/SiO2 nanocomposites, their microstructure characterizations, and we also study the 
effects of such parameters as ultrasound power, concentration of AgNO3 and irradia-
tion time on the particle size of nanocomposites, and the amount of silver deposited on 
silica by this method. 

2. Experimental 

Pieces of the mesoporous silica (1 g) were immersed into aqueous solutions contain-
ing metal ionic precursor (say, 0.2, 0.3, 0.4 and 0.5 g AgNO3). The liquid–solid mixture 
(about 100 cm3in total) charged in the conical flask, was placed in the water pool and 
irradiated with ultrasounds at the frequency of 24 kHz. Ultrasonic irradiation was ac-
complished by using an ultrasonic processor UP200H with 186 to 480 W/cm2 output 
power. During irradiation, the flask was purged with Argon gas to eliminate  oxygen and 
to decrease both the cavitational threshold and the intensity of the ultrasound power. A 
water flow was used to cool the glass vessel in the bath. Then the mesoporous silica 
containing AgNO3 was irradiated with ultrasounds for 90 to 180 min. Each solid sample 
was washed with distilled water and dried at 100 °C for 30–40 min. 

The structures of the as-prepared composites were characterized mainly by the 
Fourier transform infrared (FTIR), high resolution transmission electron microscopy 
(HR-TEM), scanning electron microscopy (SEM), energy dispersive X-ray analysis 
(EDAX) and X-ray florescence (XRF). 

3. Results and discussion 

The presence of silver, silicon and oxygen in the coated materials was examined 
with EDAX. The EDAX spectrum was also used to obtain a quantitative estimate of 
the silver content and the Ag/Si ratio. Figure 1 shows this silver silica nanocomposite 
EDAX spectrum.The silver content in the sample was about 4.48 wt. %. 

The SEM spectra of the sample are shown in Fig. 2. Due to the limit of the resolu-
tion, only large silver nanocomposites can be seen. The particle size distribution of 
silver nanocomposites is 16–64 nm, which is shown in Fig. 3. More than 16% of the 
particles have the diameter of approximately 44–46 nm. 

The effect of increasing the irradiation time, for 90, 120, 150 and 180 min, on the 
particle size is demonstrated by the HR-TEM spectrum in Fig. 4. HR-TEM is used to 
study small particles, due to its higher resolution. The size distributions and the shape 
of the metal nanoparticles were obtained from HR-TEM micrographs. HR-TEM 
measurements were performed with a Philips model EM208. 
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Fig. 1. The EDAX spectrum of silver silica nanocomposite 

  

Fig. 2. Scanning electron micrographs of silver silica nanocomposite  
with magnification: a) 30000×, b) 60000× 

 

Fig. 3. Particle size distribution of silver nanocomposite 
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Fig. 4. HR-TEM micrographs of silver silica nanocomposites with irradiation time:  
a) 90 min, b)120 min, c)150 min, d)180 min 

 
Fig. 5. Particle size distributions of samples with various irradiation times: 

a) 90 min, b) 120 min, c) 150 min, d)180 min 
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The particle size distributions of the obtained samples of silver nanocomposites 
are shown in Fig. 5. The particle size distribution in all samples is about 4–30 nm. 
Thus there is no significant difference between the particle size distributions of sam-
ples having different irradiation times, but increasing the irradiation time does prevent 
agglomeration of particles. 

  

  

Fig. 6. The EDAX spectra of silver silica nanocomposites with various AgNO3 
concentrations: a) 0.2 g/100 cm3, b)0.3 g/100cm3, c) 0.4 g/100cm3, d) 0.5 g/100cm3 

Effects of AgNO3 concentration (0.2- 0.3- 0.4- 0.5 g/100 cm3) on the deposition of 
Ag particles on silica are demonstrated by EDAX spectra in Fig. 6. Also, Figure 7 
shows that the percentage of deposited silver on silica increases as the AgNO3 concen-
tration increases. 

FTIR spectra, shown in Fig. 8, confirm the presence of silver on silica spheres. 
FTIR absorption is used in order to assess the extent of interaction between the metal 
and the surface. This interaction drastically changes the nature of the coated material. 
The comparison between silica spectra with different silver nanocomposite spectrum 
confirms this result. One of the main changes between these spectra is a decrease in 
the intensity of the peaks in the broad, 1000–1100 cm–1 range, for the surface 
-deposited samples. This range corresponds to the asymmetric stretching (AS) vibra-
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tion mode of the Si–O–Si bridge of the siloxane link [15]. Also, a relatively strong 
peak at 810 cm–1, corresponding to the symmetric stretching of the Si–O–Si group, is 
decreased in intensity. This result might be explained as follows. During a sonochemi-
cal reaction, the energy produced during bubble collapse is sufficient to rupture the 
strained surface Si–O–Si bonds. This activates the surface of the silica spheres, pro-
ducing better adhesion of the formed silver nanoparticles. 

 

Fig. 7. Effect of AgNO3 concentration  
on the percentage of deposited silver on silica 

 

Fig. 8. FTIR spectra of silver silica nanocomposite samples with:  
1–  0.2, 2 – 0.3, 3 – 0.4, 4 – 0.5 g/100cm3 of AgNO3 and  5 – silica spectrum 
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Table 1. The effect of ultrasound power 

Ultrasound power  
[W/cm2] 

Silica  content 
[wt. %] 

480 96.64 
368 97.6 
276 98.15 
186 98.56 

 
Finally, the effect of ultrasound power was investigated by the XRF analysis. The 

result is shown in Table 1. As the ultrasound power is increased from 186 to 480 
W/cm2

, the percentage of silica is decreased and therefore the percentage of deposited 
silver on silica is increased. 

4. Conclusions 

Nanosized silver-silica nanocomposite with a 16–64 nm size distribution is ob-
tained by ultrasound power using a basic aqueous solution containing Ag+ ions. The 
importance of bubbling Argon gas prior to and during the sonication lies in the elimi-
nation of oxygen gas and in the decrease both of the the cavitational threshold as well 
as the intensity of the ultrasound power. Scanning electron microscopy (SEM) and 
energy dispersive X-ray analysis (EDAX) were used to characterize the resulting sil-
ver–silica nanocomposite. The weight percentage of silver deposited on submicro-
spheres silica ranges from 2.96 to 9.37. The effect of increasing irradiation time on the 
particle size was investigated by HR-TEM. The particle size distribution of silver 
nanocomposite in all samples is about 4–30 nm. Thus, there is no significant differ-
ence between the particle size distributions of samples having different irradiation 
times, but increasing the irradiation time does prevent agglomeration of particles. The 
effect of AgNO3 concentration on the deposition of Ag particles on silica is shown by 
the EDAX spectra and Fourier transform infrared (FTIR) analysis. The percentage of 
deposited silver on silica increases as the AgNO3 concentration increases. Finally, we 
can say that the advantages of this process are its simplicity, effectiveness and short prepa-
ration time, as compared with other methods which take a minimum of 14.15 to 24 h. 
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Preparation and characterization 
of yttria stabilized zirconia minispheres  
by the sol-gel drop generation method 

J. JUDES*, V. KAMARAJ 

Department of Ceramic Technology, Anna University, Chennai – 600025, India 

Near-net-shaped zirconia minispheres were prepared by a novel processing technique based on the 
sol-gel method. Yttrium was used as a stabilizing agent. Formation of minispheres was achieved in 
a setting solution by drop generation. The impact of the stabilizing agent on sintering conditions was 
analysed in detail. The spheres were crystallized into tetragonal phase at 472 °C, and the tetragonal phase 
was retained up to 900 °C. Maximum theoretical density (97%) was achieved for spheres sintered at 900 

°C. Sintering temperatures higher than 900 °C led to the formation of monoclinic phase and reduction in 
density. The grain size and crystallite size were identified as 0.8 μm and 24 nm, respectively. The phase 
identification, density variation, chemical decomposition, functional group specification and microstruc-
tural features of the dried and sintered final product were also studied 

Key words: sol-gel method; zirconia minispheres; sintering; X-ray diffraction; thermal analysis 

1. Introduction 

Ball milling is the most common and effective method for commutation into 
a range of finer particle sizes. The comminution occurs by compression, impact and 
shear (friction) between the moving grinding media and the particles. The rate of 
grinding increases inversely with the radius of the ball. However, grinding media 
should have high density in addition to uniformity in shape and size, in order to per-
form the effective particle fracture. The conventional powder compaction method has 
its limitations in the production of fine milling media, such as the variety of sizes, 
density and non-uniformity in shape, since slight change in processing parameter leads 
to structural changes. In order to overcome these limitations, in the present study, 
a novel processing technique based on the sol-gel method was adapted to produce 
near-net-shaped prototype zirconia minispheres. 
 __________  
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Among various monolithic ceramics, yttria stabilized tetragonal zirconia polycrys-
talline ceramics (Y-TZP) have been regarded as a potential structural material. Its 
unique combination of high strength, fracture toughness and chemical inertness makes 
it indispensable for a use as milling media [1]. Small grain structure is required to 
produce a high strength zirconia minispheres that can be obtained by the addition of 
yttria with 5 mol %, which also sets the crystal structure in tetragonal phase [2]. The 
stabilization of tetragonal zirconia has been attributed to structural similarity of the 
larger yttrium ion radius, compared with the zirconium ion radius, and based on the 
formation of oxygen vacancies resulting from the presence of these trivalent cations 
[3]. Crystalline structures and catalytic properties of zirconia are generally dependent 
on the synthesis and thermal treatment. Thus, the sol-gel method was chosen to con-
trol the process at the molecular level: it produces nanocrystalline zirconia and also 
avoids impurities. Various methods had been attempted for preparing spheres, such as 
drop generation, spray pyrolysis, emulsion evaporation, emulsion water extraction, 
emulsion ion extraction. Among the above methods, drop generation is found to be 
very economical and effective. The paper describes the preparation of yttria stabilized 
zirconia minispheres by the sol-gel drop generation route. The characterization studies 
reveal the structural and physical properties of yttria stabilized zirconia minispheres. 

2. Experimental 

Various potential sol precursors were investigated and characterised for the prepa-
ration of zirconia minispheres, the optimum being an aqueous sol made from hydro-
lysed zirconium oxalate (ZrO(COO)2) [4]. The starting material used for the prepara-
tion of zirconium oxalate sol was zirconium oxy-chloride octahydrate (ZrOCl2·8H2O). 
1 M concentration of zirconium-oxy chloride and oxalic acid ((COOH)2.2H2O) taken 
in 1: 0.7 vol. ratio to obtain a transparent sol. The stabilizing (sintering) agent yttrium 
nitrate hexahydrate (Y(NO3)3·6H2O) of 5 mol % was added. The concentration was 
chosen based on the formation of spheres in the setting solution and the retention of 
shape after sintering. The formation of zirconium oxalate can be expressed as 

 2 2 2 2 2 2ZrOCl ·8H O + (COOH) ·2H O ZrO(COO)  + 2HCl + 10H O→  (1) 

The sol thus obtained was kept at room temperature for a very short time to 
achieve gelation. The viscosity of the gel increases with time. The required viscosity 
and fluidity were obtained by adding polyvinyl alcohol (PVA) of 35 wt. %. At the 
suitable viscosity, the mixed sol was added drop by drop to the sphere container 
(a 500 ml beaker filled with 400 ml of ammonia solution) for the formation of uniform 
minispheres. The spheres were dried at 40 °C and then sintered in stages from 300 °C 
to 1500 °C in steps of 200 °C for 5 h at the heating rate of 10 °C/min. Vasylkiv [5] 
observed that the crystallization stage was shifted to higher temperatures as the heat-
ing rate was increased, and a slow heating rate delivers a much better final density of 
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Fig. 2. TGA/DTA curves for the zirconia minispheres dried at 40 °C 

A residue weight of 59.13% was found for the spheres sintered at 1500 °C. The 
porosity details were estimated from the shrinkage data, assuming that there was no 
further shrinkage above 1500 °C. However, it is quite possible that some porosity 
remained at this temperature and that these porosity values were underestimated [7, 8]. 
Variations in percentage weight loss, shrinkage and porosity with the gradual increase 
in temperature have been studied in detail (Table 1). 

Table 1. Weight losses, linear shrinkage, estimated porosities, densities 
and average crystallite sizes of minispheres with the sintering temperature 

Temperature 
[ °C] 

Shrinkage
[%] 

Weight loss 
[%] 

Porosity 
[%] 

Density of  
sintered spheres 

[g/cm–3] 

Percentage of 
theoretical 
density [%] 

Average 
crystallite 
size [nm] 

300 
500 
700 
900 

1100 
1300 
1500 

29.79 
38.69 
44.73 
47.99 
49.01 
51.33 
51.79 

29.87 
34.32 
37.34 
38.97 
39.48 
40.64 
40.87 

67.62 
51.35 
33.63 
20.36 
15.48 
2.81 
~0.0 

n/a 
5.01 
5.72 
5.89 
5.85 
5.82 
5.81 

n/a 
82.13 
93.77 
96.56 
95.90 
95.41 
95.25 

n/a 
09.87 
17.32 
24.17 
30.19 
49.62 
54.32 

 
The DTA showed one exothermic and three distinct endothermic peaks. The endo-

thermic peak around 64 °C is due to the dehydration of the sample and loss of residual 
ammonia: as observed in the TGA curve. The second endothermic peak around 216 °C 
is due to the decomposition of nitrate. The endothermic peak around 288 °C is attrib-
uted to the decomposition of oxalate. The liberation of chlorides was not observed in 
the DTA curve, which may be due to smooth release of the same. The exothermic 
peak around 472 °C is due to the crystallization of zirconia in tetragonal phase, which 
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is connected with the phase change from amorphous zirconia to a metastable tetrago-
nal phase [9, 10]. It is believed that the dopants are uniformly distributed on the pore 
surface of the zirconyl oxalate gel structure. During sintering, the dopant ions are sub-
stituted for zirconium ions in the crystal structure, which favours the formation of 
tetragonal phase (t phase) and subsequently facilitates transformation toughening. 
Gradual elevation in the DTA curve beyond 900 °C indicates a possible tetragonal to 
monoclinic phase transformation.  

3.2. X-ray powder diffraction analysis 

X-ray diffraction studies (XRD, Philips PW-1730 X-ray unit, CuKα radiation) 
were carried out in order to determine the crystal structure and phase identification of 
spheres sintered in the range 300–1500 °C (Fig. 3).  

 

Fig. 3. XRD patterns of zirconia minispheres after heat treatment  
at various temperatures (t – tetragonal, m – monoclinic) 
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1500 °C. This influences the internal tensile stress produced, due to the thermal expan-
sion of zirconia. When the grain size is above the critical level, the internal stress is 
equal to the stress required for transformation. Thus, zirconia grain growth and the 
internal tensile stress are responsible for tetragonal to monoclinic transformation at 
temperatures above 900 °C. The average crystallite size of 5 mol % yttria stabilized 
zirconia minispheres is determined by the diffraction line, using the Scherer and War-
ren equation [17]. The crystallite size increases from 10 to 54 nm when the sintering 
temperature is increased from 500 °C to 1500 °C (Table 1). The increased crystallite 
size of zirconia spheres is evident in the XRD spectrum by the decrease in width of the 
dominant tetragonal spectral lines. It was found that the reduction of the crystallite 
size to the nanometre regime can result in the stabilization of high-temperature phases.  

3.3. FTIR characterization  

The vibrational frequencies of all possible functional groups for the minispheres 
dried at 40 °C in the region 4000–400 cm–1 were studied by considering the FTIR 
spectrum (Fig. 5).  

 

Fig. 5. FTIR spectrum of zirconia minispheres dried (40 °C) and sintered (1500 °C) 

The peaks at 795 cm–1 and 517 cm–1 are prominent, which confirms the presence 
of Zr–O vibration. The appearance of the peak at 1402 cm–1 illustrates the presence of 
nitrates in the dried oxalate spheres. The peak at 3152 cm–1 shows the presence of OH 
stretching mode. The peaks at 910 cm–1, 1096 cm–1, 1279 cm–1 and 1689 cm–1 are re-
lated to the volatile compounds (O–C=O, NO, C–O and C=O groups). It has been 
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reported that the oxalate ion has a quadridentate structure with the zirconium ion [18]. 
It is clear that the addition of yttrium ions does not affect the structure of the zirconyl 
oxalate. The results obtained in the present study are in good agreement with the re-
sults of previous reports [19, 20]. 

3.4. Density measurements 

The density of spheres was determined by using a specific gravity bottle. The den-
sity variations with the sintering temperature are listed in Table 1. The theoretical 
density (TD) is calculated according to the theory of Ingel and Lewis [21]. The density 
of spheres increases with the sintering temperature. It reaches a maximum value of 
5.89 gm/cm3 (TD = 96.56%) for spheres sintered at 900 °C. On further increase in 
sintering temperature, the density of the spheres is found to be reduced, which may be 
due to the volume expansion that takes place during the phase transformation, from 
tetragonal to monoclinic phase, as well as the formation of microcracks. 

4. Conclusion 

Sol-gel derived yttria stabilized zirconia minispheres were successfully fabricated 
by the drop generation method. Formation of zirconium oxalate sol has been shown to 
be a good starting route for the preparation of yttria stabilized zirconia minispheres. 
Amorphous phase exists below 300 °C and the tetragonal phase is formed at 470 °C. 
The ideal sintering temperature for the production of sol-gel derived yttria doped zir-
conia minispheres was identified as 900 °C, which has the fully stabilized tetragonal 
phase with 97% of theoretical density. The minimum composition required for the 
fully tetragonal microstructure clearly depends on the sintering temperature and the 
grain size produced. Further increase in the sintering temperature above 900 °C leads 
to the phase transformation and a reduction in density. The presence and periodic re-
moval of volatile compounds were observed by DTA and thermogravimetric analysis, 
which was confirmed by FTIR studies. Zirconia minispheres were extensively character-
ised in order to establish a correlation between physical and structural properties with 
the sintering temperature.  
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Hydrosodalite ion exchange 
in saturated Ca(OH)2 solution 
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The possibility of substituting Na+ ions contained in pure hydrosodalite crystal structure with Ca2+ 
ions in saturated Ca(OH)2 solution has been examined in the temperature range from 25 °C to 95 °C. It 
was found that temperature strongly influences the hydrosodalite ion exchange: upon increasing tempera-
ture only by 5 °C (from 25 to 30 °C) Ca2+ the time required for Ca2+ ions to be incorporated within the 
hydrosodalite crystal structure is reduced by the factor of 3. With the increase of temperature from 45 °C 
to 65 °C almost all the Ca2+ ions, initially contained in the Ca(OH)2 solution, become incorporated in the 
hydrosodalite structure after 5 min However, high temperature has an adverse effect on the sorption proc-
ess (Ca2+ ions will not be incorporated within the hydrosodalite structure before 10 min have elapsed). 
Partly reversible ion exchange reactions of hydrosodalite are characteristic at temperatures higher than 
30 °C). The structure of hydrosodalite crystals remains stable when performing ion exchange reactions at 
25–95 °C temperature. 

Key words: hydrosodalite; ion exchange 

1. Introduction 

Zeolites form a group of minerals of a micro-porous structure containing hydrated 
aluminosilicates of alkaline metals and alkaline earth ones. Their crystal lattices are 
composed of [Si(Al)O4]4– tetrahedrons [1]. An important property of zeolites is the 
capacity of their chemical composition to vary with regard to crystal radii (form and 
size), pore size and their configuration. A rather easy chemical modification of zeo-
lites creates broad possibilities to perform controlled changes to the structure and to 
the properties. These parameters can be altered by synthesis, by ion exchange or by 
other methods [2–5]. Thus, zeolites display an unusually broad application range in 
industry and agriculture, where they are used for water softening, ammonia removal 

 __________  
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from waste water, concentration removal of radioactive isotopes from radioactive 
waste. Besides, zeolites are used for nuclear waste transportation. Radiation has no 
influence on zeolite stability [6, 7]. 

Gualtieri and Aprea [8] investigated the possibility of substituting of Na+ ions with 
K+ ions in the structure of hydrosodalite crystals. The chemical formula of hydrosoda-
lite with K+ ions is K6[AlSiO4]6⋅7.8H2O. It is obtained from Na6[AlSiO4]6⋅8H2O, 
which is a synthetic modification of natural sodalite containing additional water mole-
cules. It should be noted that the symmetry of the hydrosodalite changes after insertion 
of K+ ions. 

By exploiting ion exchange with nitrate solutions of appropriate metals for 24 h, 
Kendrick, Dann et al. [9, 10] from Na6[AlSiO4]6⋅ 8H2O obtained hydrosodalites of 
alkaline and earth-alkaline metals having the formula M6[AlSiO4]6⋅8H2O (M = Li, Na, 
K, Mg, Ca, Sr). Alkaline or alkaline–earth metal ion substituted hydrosodalites pos-
sess a cubic sodalite lattice with the space group P43n; its parameters vary from 0.88 
to 0.92 nm. Reference [11] presents relevant data regarding the possibility of realizing 
hydrosodalite ion exchange using different cations, such as Cd2+, Cu2+ Zn2+, Ag2+, and 
Pb2+. 

There have been few references in the established literature to the question of ion 
exchange in zeolites, especially with regard to the substitution of Na+ ions with Ca2+ 
ions. This has much relevance, because zeolites having calcium ions are quite univer-
sally applied in concrete technologies [12, 13]. 

The aim of the paper was to investigate the possibility of substituting Na+ ions 
contained in pure hydrosodalite crystal structure with Ca2+ ions in saturated Ca(OH)2 
solution. 

2. Materials and methods 

Pure hydrosodalite was synthesized from reagents: NaOH (Delta Chem., Czech 
Rep.), Al(OH)3 (POCh S.A., Poland); amorphous SiO2⋅nH2O (Krasny Khimik Sankt 
Petersburg, Russia; loss on ignition – 23.5 %). The molar ratios of the starting mate-
rials Na2O:Al2O3:SiO2:H2O – 2:1:2:10 were chosen based on the results of previous 
experiments [14, 15]. Low-temperature (105 °C) zeolite synthesis was performed in 
the unstirred suspension: isothermal curing was of 2 h duration. The final product was 
filtered, dried at ca. 60 °C and sieved through a 80 μm mesh sieve. 

Ion exchange reactions were performed in an unstirred suspension: 100 cm3 of sa-
turated Ca(OH)2 solution obtained from 98% CaO (POCh S.A., Poland) was filled up 
with 2 g of zeolite. The experiments were repeated three times, from which the aver-
age ion concentrations were evaluated. The sediments in the solution were observed to 
carbonize and to form CaCO3, which remains in the synthesis products in all investi-
gated cases. It is known [16] that the concentration of Ca2+ ions decreases when the 
temperature of the solution increases. Thus, as the temperature increased from 25 °C 
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to 95 °C, the corresponding concentration decreased from 0.81 to 0.50 g/dm3. Ion ex-
change experiments at 25, 30, 45, 65 and 95 °C lasted 60 min. 

The concentration of sodium and calcium ions in the solution was determined 
(with 97% accuracy) by the atomic absorption spectroscopy with the aid of a Perkin-
Elmer Analyst 4000 spectrometer. Each calculation was made 3 times; the data de-
clined no more than 3.5 % from the mean value. After ion exchange, the hydrosodalite 
was characterized by instrumental as well as chemical analysis methods. 

The X-ray powder diffraction data were collected with a DRON-6 X-ray diffrac-
tometer, having the Bragg–Brentano geometry, using Ni-filtered CuKα radiation and 
a graphite monochromator, operating at 30 kV and with the emission current of 
20 mA. The step-scan covered the angular range 2–70 ° (2θ) in steps of 2θ = 0.02 °. 

Simultaneous thermal analyses (STA: differential scanning calorimetry – DSC and 
thermogravimetry – TG) were also employed for measuring the thermal stability and 
phase transformation of products. The heating rate was 15 °C/min, and the tempera-
ture ranged from 30 °C up to 1000 °C under the air atmosphere. The test was carried 
out on a Netzsch instrument STA 409 PC Luxx: ceramic sample handlers, and cruci-
bles of Pt–Rh were used. 

IR spectra were recorded with a Perkin Elmer FT-IR System spectrometer. For the 
IR analysis, 1 mg of the substance was mixed with 200 mg of KBr and compressed in 
a forming press under vacuum. 

3. Results and discussion 

Ion exchange reactions in pure hydrosodalite occur in the same way both, at 25 °C 
and at 30 °C, since the shapes of the curves describing the Ca2+ ion concentration in 
the solution are similar (Fig. 1). It should be noted that at 25 °C the equilibrium 
amount (0.49 g/dm3) of Ca2+ ions is incorporated in the hydrosodalite crystal lattice 
within 30 min of sorption because after this time its change is rather small (0.51 g/dm3 

in 1 h) (Fig. 1, curve 1). 
Moreover, at 30 °C, when the Ca2+ ion concentration in the initial solution was 

0.68 g/dm3, it decreased to 0.45 g/dm3 after 5 min of sorption (Fig. 1, curve 2). The 
concentration of Ca2+ ions after 1 h decreased by the factor of 3 and was equal to 
0.24 g/dm3. Clearly, temperature strongly influences the ion exchange processes in 
hydrosodalite: if the temperature is increased by 5 °C, the time required for inserting 
the Ca2+ ions into the hydrosodalite crystal structure is reduced by the factor of 3 
(from 30 min to 10 min). 

In order to investigate the influence of temperature on the ion exchange capacity, 
the tests were performed at higher temperatures. At 45 °C and 65 °C, the Ca2+ ions 
were incorporated into the hydrosodalite crystal structure much faster than at 25 °C or 
30 °C. After first 5 min of the ion exchange, the Ca2+ ion concentration in the solution 
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was 0.006 g/dm3 (at 45 °C) and 0.002 g/dm3 (at 65 °C), i.e., nearly all the Ca2+ ions 
were incorporated into the hydrosodalite structure (Fig. 2, curves 1, 2). 

 

Fig. 1. Time dependence of Ca2+ concentration in solution  
at 25 °C (1) and 30 °C (2) 

 

Fig. 2. Time dependence of Ca2+ concentration in solution at:  
45 °C (1), 65 °C (2), and 95 °C (3) 

The results demonstrate also that high temperatures adversely affect the sorption. 
At 95 °C, the reactions of ion exchange were observed to be slower than those at low-
er temperatures, because the equilibrium amount of Ca2+ ions was incorporated in the 
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hydrosodalite structure only after 10 min (Fig. 2, curve 3). The main reason for this is 
that the considered temperature (namely 95 °C) is close to the formation temperature 
of hydrosodalite itself. Thus, the duration time does affect essentially the ion ex-
change, its largest part occurs during the first 3–5 min of each experiment. 

It was determined that during Ca2+ ion adsorption, Na+ ion desorption proceeded 
simultaneously. However, at 25 °C desorption of Na+ ions was almost unchanged: after 
3 min the concentration increased only up to 0.0125 g/dm3 and remained constant 
during the experiment (Fig. 3, curve 1). 

 

Fig. 3. Time dependence of Na+ concentration in solution at:  
25 °C (plot 1), 30 °C (plot 2), 45 °C (plot 3), 65 °C (plot 4), 95 °C (plot 5) 

At higher temperatures, 30 °C, 45 °C, 65 °C and 95 °C, Na+ ion desorption was 
more intense. At 30 °C (Fig. 3, curve 2), 1.11 g/dm3 of sodium ions desorbed from 
hydrosodalite into the solution after 3 min. Similarly, the concentration of sodium ions 
in the solution also increased at higher temperatures: after 5 min, the amount of Na+ 
ions increased from 1.42 to 1.51 g/dm3. It can be stated that the equilibrium amounts 
of Na+ ions enter from hydrosodalite crystal structure to the solution in 3–5 min.  

It was noticed that the quantity of sodium ions desorbed from hydrosodalite struc-
ture is higher than that of incorporated Ca2+ ions. This was confirmed by chemical 
analysis which showed that pure hydrosodalite contained: SiO2 – 34.5%, Al2O3 

 – 31.0%, Na2O – 16.2%. After ion exchange the Na2O zeolite composition was: SiO2 
– 34.5%, Al2O3 – 31.0%, Na2O – 8.62%, CaO – 1.97%. 

The obtained results were confirmed by structure examinations. The general com-
position of hydrosodalite is expressed by the formula Na6 + x(SiAlO4)6(OH)x·nH2O. The 
ratio (6 + x):x:n denotes the number of sodium ions, hydroxyl anions and water mole-
cules per a unit cell, respectively. One unit cell equals two β cages. The β cages of the 
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hydrosodalite contain Na+ cations for the compensation of the negative charge and 
may host OH– ions and H2O molecules. Some sodium cations can be compensated by 
OH– anions and these sodium cations can be easily removed by washing hydrosodalite 
in water. The structure of hydrosodalites is dynamical with respect to the guest mole-
cules in β cages. Sodalite β cages connected by six and four rings, in the centre one β 
cage in detail displaying the Si–O–Al bond angles, the 4 positions of the Na+ cations, 
and the oxygen atoms of 4 water molecules embedded in this cage. Because of this, 
the kinetic curves of Ca2+ adsorption and Na+ desorption are different, e. g. hydrosoda-
lite adsorbs about 0.55 g/dm3 Ca2+ ions and desorbs about 1.5 g/dm3 Na+ ions. It is 
reasonable to presume that in the hydrosodalite structure some of the desorbed Na+ 
cations are compensated by host OH– ions and H2O molecules. 

In order to determine whether a reversible ion exchange reaction is characteristic 
of hydrosodalite, the samples after sorption were placed in distilled water. It was de-
termined that Ca substituted hydrosodalite is stable in water at temperatures up to 
25 °C (Table 1). In the 65 – 95 °C temperature range, Ca2+ ions from the zeolite enter 
to the liquid phase and achieve their highest concentration (0.222 g/dm3). During the 
investigation of hydrolysis isothermal dynamics of this zeolite with prolonged dura-
tion the amount of Ca2+ ions in the solution was noticed to decrease gradually due to 
CaCO3 formation and sedimentation. 

Table 1. The amount of Ca2+ ions in solution, g/dm3  

Duration 
[min] 

Temperature [°C] 

25 30 45 65 95 
5 0 0.028 0.125 0.222 0.222 

10 0 0 0.037 0.074 0.074 
30 0 0 0.019 0.037 0.037 
60 0 0 0.005 0.037 0.009 

 
Figure 4 presents the results of X-ray diffraction analyses of hydrosodalite before 

and after sorption and desorption. The curves show that the diffraction peaks with 
interplanar distances (d) at 0.628, 0.363, 0.281, 0.256, 0.290, 0.174 nm are characte-
ristic of hydrosodalite. The structure of hydrosodalite crystals was observed to be sta-
ble because the shape of the X-ray diffraction patterns (Fig. 4, curve 2) did not change 
when the duration of the experiment was prolonged up to 60 min. 

It is important to note that the temperature of the ion exchange process has no ef-
fect on hydrosodalite mineral composition (Fig. 5). The peaks of the X-ray diffraction 
patterns were similar when the temperature varied in the 25 °C to 95 °C range of, i.e., 
hydrosodalite was predominant. 

DSC analysis shows that hydrosodalite is predominant in the products: the endo-
thermic peaks at 130, 143, ~275 °C are characteristic of hydrosodalites (Fig. 6).  
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CaCO3 decomposes at 755 °C, while the peak at 866 °C corresponds to the transforma-
tion of zeolite into anhydrous nepheline NaAlSiO4 (Fig. 6b). 

 

Fig. 4. X-ray diffraction patterns of hydrosodalite, ion exchange carried out  
at 65 °C for 60 min: 1 – pure hydrosodalite; 2 – after sorption; 3 – after desorption; 

 Hs – hydrosodalite; CC – calcium carbonate 

 

Fig. 5. X-Ray diffraction patterns of hydrosodalite, ion exchange carried out in 60 min, 
at various temperatures: 1 – pure hydrosodalite, 2 – 25 °C; 3 – 30 °C; 4 – 45 °C;  

5 – 65 °C, 6 – 95 °C; Hs – hydrosodalite; CC – calcium carbonate 
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Fig. 6. The results of thermal analyses of hydrosodalite (a) and hydrosodalite  
after ion exchange carried out at 65 °C for 60 min (b) 

Hydrosodalite gradually lost mass in all temperature ranges. Pure hydrosodalite 
shows lower loss on ignition (16.24%) compared with hydrosodalite after ion ex-
change (20.99%). 

The results of IR spectroscopy analysis (Fig. 7) confirmed the data obtained by X-
ray diffraction and thermal analyses. In the IR spectrum of the sample strong absorp-
tion band at 3442 cm–1 represents the frequencies of hydroxyl groups bound with hy-
drogen bonds. A narrow absorption band at 3638 cm–1 is attributed to water molecule 
hydroxyl groups that bound with the frame oxygen or with sodium cations. The above-
mentioned peak dominates in pure hydrosodalite and disappears after sorption (Fig. 7, 
curve 2). The absorption band at 1667 cm–1 is attributed to deformation vibration of 
water molecules. A broad absorption band at 979 cm–1 is attributed to frequencies of 
(Si, Al)–O bond in tetrahedron along lines that bind [(Si, Al)O4]4– tetrahedron oxygen 
atoms with central Si or Al atom. The characteristic hydrosodalite absorption bands 
are as follows: 987 cm–1 – asymmetric atomic vibration, 731, 701, 662 cm–1  
– symmetrical atomic vibration, – 458, 428 cm–1 Si(Al)–O deformation vibration. 
Multiplicity of IR curve (Fig. 7, curve 2) of Ca2+ substituted hydrosodalite is altered  
 



Hydrosodalite ion exchange in saturated Ca(OH)2 solution 425

 

Fig. 7. The IR spectra of hydrosodalite (1) and hydrosodalite  
after ion exchange carried out at 65 °C for 60 min (2) 

instead of three peaks of pure hydrosodalite two peaks at 712, 663 cm–1 occurred in 
the 731, 701, and 662 cm–1. Bands at 2513; 1797; 1428 and 875 cm–1 are characteristic 
of CaCO3. 

4. Conclusion 

Temperature has a large effect on the process of hydrosodalite ion exchange: upon 
increasing the temperature by only 5 °C (from 25 to 30 °C), the time required for in-
serting the Ca2+ ions into the hydrosodalite crystal structure is reduced by a factor of 3 
(namely from 30 min to 10 min). 

At higher temperatures (45 °C and 65 °C), the equilibrium amount of absorbed 
Ca2+ ions from saturated Ca(OH)2 solution also increased: after 5 min of sorption al-
most all Ca2+ ions contained in the solution were incorporated into the structure of 
hydrosodalite. Meanwhile, high temperature that is close to the temperature of forma-
tion of hydrosodalite has a an adverse influence on the sorption process, since the 
equilibrium amount of Ca2+ ions incorporated hydrosodalite structure only after 10 
min. 

Partly reversible ion exchange reactions of hydrosodalite occur at a higher tem-
peratures (at least 30 °C). 

The structure of hydrosodalite crystals was determined to be stable in the 25–95 °C 
temperature under conditions of ion exchange reactions (Na+ ⇆ Ca2+). 
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A thorough investigation of the slip casting process for the manufacture of tubular alumina microfil-
tration membranes is presented. For this means an initial powder of an average particle size of 2 μm and 
broad size distribution (up to 10 μm) for imparting initial large pores during the slip casting process was 
used. The dispersing ability of sodium carboxymethylcellulose (Na-CMC) and Tiron (C6H4O8S2Na2·H2O) 
for slips containing 40, 50 and 60 wt. % of alumina was studied. It was shown that Na-CMC is not able to 
act as a proper dispersant. The kinetics of the slip casting process and time dependences of cast two-
dimensional profile were investigated in function of slip concentration. The effect of sintering tempera-
ture on the pore microstructure of the final products was investigated. In all cases, the cross sections of 
the tubular membranes consisted of two regions: an inner thick section, consisting of relatively large 
pores, and a thin outer section, consisting of smaller pores. This phenomenon was attributed to Na-CMC 
migration during drying prior to sintering. The ratio of the thicknesses of the two sections depended on 
the slip concentration and sintering temperature. The average permeable pore size, based on dry nitrogen 
permeability experiments, was in the range of 0.13–0.24 μm. The controlled use of partial binder migra-
tion during cast drying for the production of graded microfilter membranes was addressed. 

Key words: slip casting; alumina; membrane; Na-CMC; Tiron 

1. Introduction 

Ceramic membranes have attracted increasing interest in academic and industrial 
sectors during the last two decades. Most scientific reports concerning ceramic mem-
brane processing discuss flat membrane preparation and far fewer have reported on the 
manufacture of tubular membranes. The latter include extrusion [1, 2] and centrifugal 
casting methods [3, 4]. Slip casting is a conventional ceramic processing method, 
widely used for the production of dense alumina tubular sintered bodies, mostly tradi-
 __________  
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tional ceramics [5]. However, there has been no reported research on the application of 
the latter method to the manufacture of microfilter membranes. This is while slip cast-
ing is considered a relatively simple and economical industrial processing route for the 
production of ceramic bodies and is applied to the manufacture of tubular microfilter 
membranes by the industrial sector. The present investigation discloses for the first 
time a systematic approach to study the slip casting process for the manufacture of 
alumina tubular microfilters. 

In conventional alumina slip casting, submicron powder is usually used [5, 6]. 
This is for guaranteeing slip stability during casting (avoiding particle sedimentation 
and flocculation). Slip cast bodies obtained by such powders generally result in low 
permeability of the sintered final products. Using larger particle sizes enhances per-
meability by introducing initial larger pores. In order to investigate this more compre-
hensively, the initial powder used in this study consisted of a wide range of particle 
sizes, from submicron to ten microns with an average around 2 μm. 

In this work, high purity alumina sintered microfilters were considered. Sodium 
carboxymethylcellulose (Na-CMC) was used as dispersant in the first attempt. This 
was performed according to the existing reports claiming the effectiveness of Na-
CMC in slip casting of high purity alumina, acting as a deflocculant, binder and flux-
ing agent with low residual sodium upon burnout, albeit for sub-micron powders 
[7, 8]. The sedimentation, zeta potential and rheological behaviour of the slips in func-
tion of Na-CMC content and solid loading for the powder used in this work are pre-
sented in the first part. Furthermore, the effect of adding a polyvalent organic salt 
(Tiron, C6H4O8S2Na2·H2O) for improving significantly the slip stability was investi-
gated. This is while existing reports on alumina slips sedimentation behaviour have 
considered only the effect of one additive as a dispersant [9–14]. To the best of the 
authors knowledge, few reports have been published concerning the stabilization of 
alumina slips and which consider both the dispersant as well as the binder [15]. Slip 
casting was performed on slips containing both Tiron (as a dispersant) and Na-CMC 
(as a binder and a fluxing agent). The effect of slip solid loading on the slip casting 
process (two-dimensional cast profile in function of time and slip solid loading) is 
presented in the second part of this study. In the third part, the effect of slip concentra-
tion and sintering temperature on the characteristics of the final sintered microfilter 
membranes (microstructure, porosity, nitrogen permeability, effective permeable pore 
size) were investigated. 

Finally, the controlled use of partial binder migration during cast drying for the 
production of graded microfilter membranes was addressed. 

2. Experimental 

A Martoxide alumina powder (MR42, 99.8 wt. % of α-alumina) was used. The av-
erage particle diameter was 2 μm. The particle size distribution was as follows:  
0.3 < d10 < 0.6 μm, 1.5 < d50 < 2.5 μm and 3.0 < d90 < 5.0 μm. The specific surface 
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area was 2.5 m2·g–1. The impurities were as follows: Na2O ≤ 0.10, CaO ≤ 0.05, Fe2O3 
≤ 0.04 and SiO2 ≤ 0.06 wt. %. Na-CMC from Merck was used for several purposes 
(dispersant, binder, sintering aid). It had the viscosity of around 75 Pa·s at 25 °C when 
dissolved in distilled water to get a 2 wt. % aqueous solution. Tiron  from Acros Co. 
was used as a dispersant. 

Slips containing 40, 50 and 60 wt. % of alumina with Na-CMC alone (N slips) or 
Na-CMC and Tiron (TN slips) were prepared according to the following procedure: 
For the N slips, first appropriate quantities of alumina in distilled water were milled in 
a fast mill for 15 min (first step). Afterwards, appropriate quantities of Na-CMC as 
aqueous solution (1 wt. %) were added and the resulting mixture was fast milled for 
5 min. For the TN slips, Tiron was also added in the first step as 0.0017 g per 1 g of 
alumina powder. The latter optimum proportion was taken according to ref. [16]. Sta-
ble slips for the slip casting processes were produced using a Na-CMC content of 
0.05 g per 100 g of alumina for the 40 and 60 wt. % of alumina concentrations. 

Sedimentation tests were performed using test tubes filled with 10 cm3 of the slips. 
The height of the sediment after 24 h was measured for each case. All the sediment 
tests were repeated after a time interval of more than 2 months, to ensure that the ob-
served results were not affected by gross errors. The data presented further in the text 
are the average results. 

For the production of tubular green compacts by slip casting, appropriate molds 
(hydrated calcium sulfate) were prepared. An Iranian plaster of Paris (industrial grade, 
> 95 wt. % α-hemihydrate calcium sulfate) was used. The ratio of water to plaster of 
Paris was chosen to be 3/4. After they had formed, the molds were dried for 3 days at 
47 °C. The internal diameter of the tubular void was 50 mm. 

The slip casting process was performed as follows: the mold was initially filled 
with the slip (TN slips). As the air-slip interface fell under 5 mm, the mold was gently 
filled with distilled water. Water was added to avoid crack creation of the upper sec-
tions which otherwise were not in contact with the slip. The bottom of the mold was 
made impermeable by installing a PTFE disk. The slip casting process duration was 
between 1 and 70 min. The cast compacts were taken out of the mold after 24 h and 
dried at room temperature for 48 h. Afterwards, they were dried at 70 °C in an oven 
for 1 h and consecutively put into an electric furnace for sintering. The heating rate 
applied was 10 °C min–1 and the soaking time was 2 h. The sintered samples were 
fabricated from green compacts with slip casting times of 20 and 5 min for the slips of 
concentrations 40, 50 and 60 wt. %, respectively. The sintering temperatures were 
1375, 1400 and 1450 °C, respectively. 

The density of the sintered product was measured according to ASTM C-373-88 
(Archimedes’ principle). The densities of the dried cast compacts were also measured. 
As it was not possible to apply the above standard test (because dried casts disinte-
grated in contact with water), a special method was applied. The dry weight of several 
segments of the dried cast was measured. Then, the latter were covered gently with 
a thin layer of vacuum grease, and the weight of the added grease was measured. In 
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the last step, the surface coated segment weights of the submerged segments were 
measured. From the above data, the buoyancy force due to the volume of water dis-
placed could be evaluated and corresponded to the total volume of the segment. As 
a result, the density and porosity of the initial dry cast segments could be readily cal-
culated. 

Microstructure evaluation was performed using an XL30 (Philips) instrument. 
XRD diffraction patterns were taken using a PW3710 (Philips) instrument. Dry N2 gas 
permeability measurements were performed using a patented setup [17] in accordance 
with the ASTM F 316 standard. Circular segments with an approximate projected 
radius of 10 mm were cut out of the sintered tubular membrane supports. The effective 
permeable pore diameter was calculated from the permeability measurements for the 
Knudsen and Poiseuille flow regimes. The mathematical details may be found else-
where [16]. Zeta-potential measurements were performed using a Malvern zeta sizer 
3000 HAS instrument. Rheological measurements (duplicate) were performed using 
a Brookfield DV III apparatus. Surface porosity was evaluated using Oracle 2 software 
through analysis of the SEM pictures. 

3. Results and discussion 

3.1. Slip characterization 

The sedimentation heights of the slips containing Na-CMC (N slips) in function of 
the slip alumina concentration and the quantity of additive added are shown in Fig. 1. 
As the amount of solid content was different for the test tubes filled with 10 cm3 of the 
40, 50 and 60 wt. % slips, the heights have been normalized for a constant mass of 
alumina equal to 8.672 g (corresponding to the solid content of the test tube filled with 
the 40 wt. % slip). The first interesting observation is that by increasing the slip con-
centration, the packing of the sediment improves. Considering the right hand asymp-
totes at high CMC concentrations, it is observed that the sediment height of the 60 wt. % 
slip decreases by ca. 30 % with respect to the 40 wt. % slip. The better particle ar-
rangement at high solids loading is attributed to an intensified steric effect. At high 
slip solid concentrations, the particles collide more frequently into each other and 
fewer hydrated layers around each particle are expected [18]. In such circumstances, 
organic layers of Na-CMC induce a steric effect, eventually acting as a lubricant, pre-
venting particle adhesion due to van der Waals forces. 

The second remarkable observation, based on Fig. 1 is that there exists a distinct 
minimum in the dependence of the height on Na-CMC concentration at each slip con-
centration. Referring to Fig. 2, it is observed that for the 60 wt. % of alumina slip, 
viscosity steadily increases with the increase in Na-CMC content in the range of 
0.0167 to 0.025 g/100 g of alumina. It should be stated that the slips did exhibit 
a shear thinning behaviour. Nonetheless, the ratio shear stress/shear rate was approxi-
mately constant in the range of the shear rate 0–200 s–1 used in this study.  
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Fig. 1. Sediment height in function of slip  
and Na-CMC concentration for N slips 

Fig. 2. Shear stress/shear rate in function  
of Na-CMC content for the N and TN slips 

On the other hand, according to Fig. 1, the minimum sediment height (highest 
packing) corresponds to the Na-CMC content of 0.02075 g/100 g of alumina. Such 
a behaviour might be explained as follows: if the Na-CMC content lies between 
0.0167 to 0.02075 g/100 alumina, more additive is adsorbed on the particles, inferring 
a higher absolute value of zeta-potential (Fig. 3). More additive does not increase par-
ticle charge but, instead, enhances flocculation as a result of bridging effects due to 
hydrogen bonds [7]. The result is an increase in viscosity, from 0.02075 to 0.025 g 
Na-CMC/100 alumina content. For 0.0167–0.02075 g Na-CMC/100 g of alumina con-
tent, an increase in viscosity is still observed which, at first sight, does not seem to be 
in concordance with the increase in the zeta-potential observed. This is attributed to 
the high solid loading of the slip. At high slip concentrations, due to frequent colli-
sions, particles approach each other near their “sphere of influence” [19]. Any increase 
in the zeta potential in this case results in more interaction (repulsion) between parti-
cles, due to a larger sphere of influence. Consequently, any shear stress applied to the 
slip is accompanied with an increased momentum transfer between particles, due to 
their strong interaction. Therefore, for concentrated slips, the zeta potential increase 
may result in an increase in viscosity. 

The shift of the minima towards higher values for less concentrated slips, as 
shown in Fig. 1, may be explained as follows. The amount of Na-CMC added to slip at 
the minimum for the 60 wt. % slip is 0.02075 g Na-CMC per 100 g of alumina. The corre-
sponding zeta potential is –14.96 mV. For a lower slip concentration, e.g. 50 wt. % of 
alumina, the minimum sediment height corresponds to 0.0275 g Na-CMC per 100 g of 
alumina. The corresponding zeta potential was measured to be –36.75 mV. The higher 
value of the zeta potential at the minimum for the 50 wt. % slip shows that more  
Na-CMC could be adsorbed on the surface of the alumina particles compared with the 
60 wt. % slip. A possible explanation for such a phenomenon is that adsorption of  
Na-CMC molecules on the surface of alumina particles may be restricted due to steric 
hindrance at high solid concentrations. In other words, the higher the solid concentra-
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tion, the smaller is the amount adsorbed and, as a corollary, the smaller the absolute 
value of the zeta potential. 

  
Fig. 3. Zeta potential in function of Na-CMC con-

centration for the N slips (60 wt. % of alumina slip) 
Fig. 4. Sediment height in function of slip  

and Na-CMC concentration for the TN slips 

Although Na-CMC imparted significant dispersion to the slips, the rate of sedi-
mentation in the test tubes was appreciably high (sediment observed after 1 h). It 
should be recalled that for “membrane support” manufacturing purposes, we have 
intentionally used an alumina powder with ca. 10 wt. % particles of the diameter in the 
range 3–5 μm to obtain a porous support of a sufficient high permeability (see ref. [16] 
for more explanation).To this effect, Tiron was added to the slips before the addition 
of Na-CMC to try to enhance the slip stability. The sedimentation behaviour is illus-
trated in Fig. 4. It is observed that Tiron could significantly increase slip stability (the 
sediment heights being significantly smaller with respect to N slips). It should be 
noted that any sediment was observable only after 12 h. The authors of the present 
work do not attribute any specific extremum to the curves in Fig. 4. The zeta-potential 
of the 60 wt. % slip has a constant value of –31.37±3.21 mV in the Na-CMC concen-
tration range 0.0167–0.025 g/100 g of alumina. The viscosity dependence of the corre-
sponding slips on Na-CMC is shown in Fig. 2. Tiron addition results in a substantial 
viscosity reduction. Comparing Figs. 4 and 1, it is observed that the trend in slip sta-
bility change versus slip alumina concentration has been reversed. The general expla-
nation is the reduction of steric effects in the case of Tiron addition. The particles’ 
surface is totally covered with Tiron and Na-CMC does not appreciably physically 
adsorb on the Tiron layer. In other words, Na-CMC is present mainly in the aqueous 
solution and its main effect is to increase the viscosity of the solution (as observed in 
Fig. 2). Considering the 50 wt. % slip, although the zeta potential is lower than its 
counterpart for the N slip, the better slip stability is attributed to fewer bridging effects 
due to the absence of physically adsorbed Na-CMC on the particles. 

3.2. Investigation of the slip casting process  

Figures 5–7 show the dependences of the tubular cake thickness during slip cast-
ing on the sediment height at various slip casting times for the slips containing 40, 50 
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and 60 wt. % of alumina. The Na-CMC concentration was 0.05 g per 100 g of alu-
mina. Tiron concentration was 0.0017 g per 1 g of alumina.  

 

Fig. 5. Thickness in function of height for various 
slip casting times for the 40 wt. % of alumina slips 

Fig. 6. Thickness in function of height for various 
slip casting times for the 50 wt. % of alumina slips 

Fig. 7. Thickness in function of height for various 
slip casting times for the 60 wt. % of alumina slips  

A common phenomenon takes place for all the slip concentrations used. At each 
instant of the slip casting process, the cast may be considered as consisting of two 
distinct regions: a zone of constant thickness and a zone of variable thickness. By 
simple visual inspection of the cast after draining the slip, a zone of constant glittering 
aspect could be observed which corresponds to the constant thickness zone. The rea-
son for the production of such an approximately “constant thickness” cast in the lower 
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section of the tubular cast may be attributed to the slip sectioning into two distinct 
zones at all slip casting times: A lower zone of approximately constant concentration 
and an upper zone of high dilution.  

 

Fig. 8. Uniform tube length in function of slip 
casting time for various slip concentrations 

Fig. 9. Uniform tube thickness in function  
of slip casting time and slip concentration 

For all the slip concentrations under consideration, the length of the constant thickness 
zone decreases with the slip casting time. It should be noted that the length of the constant 
thickness zone was determined from Figs. 5–7 by finding the point at which the change  in 
the thickness is most abrupt, with respect to the increasing sediment height. Figure 8 
shows the uniform tube length in function of the slip casting time for various slip concen-
trations. It is observed that the rate of length decrease is initially high, and then reduces at 
longer slip casting periods. The initial period of the decreasing rate decreases with increas-
ing slip concentration. Actually the former rate is approximately constant during most of 
the slip casting process in the case of 60 wt. % slips. 

Figure 9 shows the uniform tube thickness in function of slip casting time and slip 
concentration. At early times of the casting process, thickness could be correlated with 
the slip casting time through the following well known equation [20]: 

 0.5L Kt=  (1) 

where L is the thickness [mm], K a constant [mm·min–0.5] and t is the time of the slip 
casting [min]. The value of K depends on the slip initial concentration and has been 
calculated to be 0.646, 1.148 and 1.195 mm·min–0.5 for the 40, 50 and 60 wt. % slip 
concentrations, respectively. 

It is noteworthy to consider the rate of water suction by the mold for each slip 
concentration used. Slip concentrations of 40 and 50 wt. % of alumina result in ap-
proximately similar water suction by the molds (Fig. 10). The reasonable reproducibil-
ity of the process for the 40 wt. % of alumina slip may be observed referring to the 
same figure. A slight discrepancy between the two curves for the 40 wt. % slip is due 
mainly to the difference of the two molds. Generally, it is impossible to fabricate two 
identical molds as far as the slip casting behaviour of the molds is concerned. The 
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60 wt. % slip, on the other hand, results in a significantly reduced rate of water suc-
tion. This is attributed to a more packed cast structure for the latter slip concentration.  

 

Fig. 10. Amount of water added in function of slip 
casting time and slip concentration 

Fig. 11. Porosity of the dried casts  
in function of slip concentration 

Considering Fig. 11, it may be easily observed that the porosity of the dried casts 
is a function of the slip concentration: the higher the slip concentration, the lower the 
porosity. The reason for this phenomenon will be explained in the next section. 

3.3. Sintered membrane characterization 

It should be mentioned that only the “constant thickness” portion of the sintered 
tubular membranes was investigated. Figures 12a, b show the SEM pictures of the 
cross section of the inner and outer boundary surfaces of a membrane sintered at 
1400° C using a 60 wt. % slip. As far as particle size distribution is concerned no sig-
nificant difference between the surfaces is observed. 

  

Fig. 12. Cross sections of the inner (left) and outer (right) layers  
of a sintered sample at 1400 °C using a 60 wt. % slip 

The result is the same for the membranes sintered at the same temperature but us-
ing different slip concentrations. Generally, no significant particle size gradient exists 
across the cross section of the membranes. Nonetheless, the outer surfaces consisted of 
relatively small particles. These surfaces belong to a very thin layer which is the result 
of small particle migration at the very beginning of the slip casting process. Such 

a) b) 
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a phenomenon is well known in the processing of ceramics by slip casting [21] and 
has been referred to as the “clogging effect”. The latter phenomenon occurs due to the 
smaller inertia of smaller particles and a high fluid velocity from the slip towards the 
mold at the very first stage of the slip casting process. The lower the slip concentra-
tion, the greater is the freedom of smaller particles to reach the slip–mold interface. 
Accordingly, the outer surface of the membrane corresponding to the 40 wt. % slip 
was observed to have smaller particles in comparison with the particles on the surface 
of the membrane corresponding to the 60 wt. % slip (Fig. 13). 

 

Fig. 13. Outer surface particle size distribution for a sintered membrane  
using 40 wt. % (a) and 60 wt. % (b) slip at 1400 °C 

 

Fig. 14. Ratio of radial shrinkage over thickness 
for the sintered membranes in function  

of the sintering temperature and slip concentration 

Fig. 15. Average permeable pore diameter of the 
sintered membranes in function of sintering 

temperature and slip concentration 

Figure 14 shows the ratio of the radial shrinkage to the final thickness of the tubu-
lar membranes in function of slip concentration and sintering temperature. Division by 
the thickness had been performed to cancel out the effect of different initial thick-
nesses of the slip cast membranes. The values corresponding to the 60 wt. % slip are 
significantly larger than the values corresponding to the other slip concentrations (the 
temperature of 1450 °C has been omitted intentionally and will be explained later). 
The 50 wt. % slip shows a small deviation from the 40 wt. % slip between 1375 °C to 
1400 °C. The deviation is even higher at 1450 °C. 
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Table 1 summarizes the arithmetic average values of porosity of the sintered prod-
ucts for various slip concentrations and sintering temperatures. It is observed that po-
rosity undergoes an abrupt decrease between 1400 °C and 1450 °C. The latter change 
increases with increasing slip concentration.  

Table 1. Average porosity [%] of the sintered products in function 
of the slip concentration and sintering temperature 

Slip concentration 
[wt. %] 

Sintering temperature [°C] 

1375 1400 1450 
40 39 38 30 
50 39 40 23 
60 40 40 19 

 
The trends presented above may be partially explained referring to Fig. 11. The total 

length of the error bar at each point corresponds to twice the standard deviation, calcu-
lated data obtained from at least 4 experiments. The larger the slip concentration, the 
higher is the green body density. Increasing the slip concentration from 40 to 60 wt. %, a 
6% increase in the raw density is observed. It is the opinion of the authors of this work 
that the sole 6% difference in the raw density may not cause a 33% difference in density 
at 1450 °C between the membranes corresponding to 40 and 60 wt. % slips. Sintering 
behaviour depends upon packing structure, green density, coordination number and 
particle size distribution [22]. We presume that increasing the slip concentration in the 
range of 40–60 wt. % of alumina results in a higher homogeneity of the slip during non-
agitated slip-casting. In other words, due to more frequent particle collisions at higher 
slip loadings, a better level of mixing of the particles takes place. This results in a 
broader particle size distribution throughout the slip and in the cast cake [23]. The en-
hanced lubricating effect at higher solid loadings, due to less hydrated layers around 
each particle, also improves particle packing during the slip casting process. 

Table 2. Knudsen permeability and slope of the ratio permeability/average  
pressure drop in the Poiseuille region for the sintered membranes 

Sintering  
temperature 

[°C] 

Slip 
concentration 

[wt. %] 

Knudsen  
permeability×105 

[m3·s–1·Pa–1·m–2] 

Poiseuille  
regime slope×1011 

[m3·s–1·Pa–2·m–2] 
1375 40 1.99 4.69 
1400 40 1.69 4.36 
1450 40 0.83 1.66 
1375 50 2.24 4.51 
1400 50 1.89 4.64 
1450 50 0.98 0.19 
1375 60 1.81 3.57 
1400 60 1.73 4.01 
1450 60 1.59 2.38 
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The experimental estimates of the Knudsen permeability and slope of the perme-
ability/average pressure drop in the Poiseuille region are summarized in Table 2. The 
relevant average permeable pore diameters have been calculated and are shown in 
Fig. 15. For all slip concentrations, an increase in pore the diameter between 1375 °C 
and 1400 °C and a decrease between 1400 °C and 1450 °C is observed. The 60 wt. % 
slip results in smaller pores throughout the whole temperature range. Generally, all 
calculated pore diameters lie in the lower extreme for inorganic microfilter mem-
branes  (0.13 < d < 0.24 μm). The explanation for this will become apparent in the text 
below, and upon consideration of some important additional issues which shall now be 
introduced. 

 

Fig. 16. Micrographs of the middle (left) and inner (right) parts of the cross section 
 of a membrane sintered at 1450 °C using a 40 wt. % slip 

As mentioned in the beginning of this section, no appreciable particle size gradient 
could be observed throughout the entire cross section of the membranes. However, for 
all the membranes produced, a clear gradient in “pore diameter” across the outer lay-
ers could be observed. Figures 16a, b show the micrographs of the middle part and 
inner layer of the cross section of a membrane sintered at 1450 °C using a 40 wt. % 
slip. It is clearly observed that the outer layer has undergone appreciable sintering in 
comparison with the middle layer. SEM analysis of other samples showed that the 
latter phenomenon is more intense for the membranes produced using higher slip concen-
trations. The inner and outer surface of a membrane sintered at 1375 °C for a 50 wt. % slip 
are shown in Fig. 17a, b. It is clearly observed that the outer side has undergone more 
densification, has smaller pores and also less surface porosity.  

All these observations might be explained as follows: The porosity profile across 
the cross sections of the outermost layers is a result of binder migration during the 
drying step. The outer surfaces are subject to faster drying. This results in the “concen-
tration” of the dissolved Na-CMC near the outer side of the tubular casts. Actually  
Na-CMC solidifies near the outer side. As this material is also a sintering aid (it pro-
duces active sodium oxide at high temperature), it causes the outer part of the cast to 
sinter faster. The latter effect is more intense for the casts produced with higher slip 
solid loadings because, as demonstrated before, higher slip concentrations produce 

a) b) 
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denser initial casts. Generally, this phenomenon might be of great use in producing 
graded membranes if used in a controlled manner. The difference in the sintering rate 
of adjacent layers may result in high stresses between them, especially during the in-
termediate stages of sintering [16]. In our case, it was observed that the cast pertaining 
to the 60 wt. % slips underwent longitudinal macrocracks at 1450 °C. This is why the 
shrinkage of the latter sample was not reported in Fig. 14. 

 

Fig. 17. Inner (left) and outer (right) surfaces of a membrane sintered at 1375 °C using a 50 wt. % slip 

The explanations given above elucidate why the calculated microfilter pore diame-
ters are significantly small: they correspond mostly to the denser, outer layers (com-
pare Figs. 17a and b). The thickness of the latter layer for the membranes produced 
using 40 wt. % slips was approximately 100, 250 and 470 μm at the sintering tempera-
tures 1375, 1400 and 1450 °C, respectively. 

Referring again to Fig. 15, it is observed that a clear pore size enlargement occurs 
in the 1375–1400 °C temperature range. This is attributed to “pore enlargement” of the 
inner layers during the initial stages of sintering. Initial pore enlargement during the 
initial sintering stage of alumina green compacts has been reported and discussed in 
detail by several researchers [24–26]. It is observed that increasing the sintering tem-
perature up to 1450 °C results in a decrease in the pore size, due to significant densifi-
cation, especially for the outer layers. 

Fig. 18. Apparent surface porosity for the inside 
and outside surfaces of the sintered  membranes 

fabricated using a 40% slip in function of the 
sintering temperature  

As outlined in the literature (see for example Ref. [16]), the apparent surface po-
rosity is of importance especially if the microfilter is to be coated further for the pro-

a) b) 
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duction of ultra- and nanofilters. Therefore, we report the latter parameter for the in-
side and outside surfaces of the sintered membranes produced using a 40 % slip 
(Fig. 18). It is observed that the apparent surface porosity decreases approximately 
linearly as the sintering temperature increases. The outside surface has less porosity 
with respect to the inner surface at all temperatures. 

4. Conclusions 

The manufacture of tubular alumina ceramic microfilter membranes by the slip 
casting method is a rather complicated process. As the final sintered membranes 
should have reasonable permeability, the average particle size of the initial slip should 
be larger than that used for conventional slip casting for the production of fully sin-
tered bodies. It was shown in the first part of this work that Na-CMC cannot act as 
a proper dispersant for stabilizing such alumina slips. The addition of another dispers-
ant, such as Tiron, is indispensable in order to obtain stable slips. 

Based on the detailed study performed on the slip casting process, the thickness 
and two-dimensional profile of the casts, in function of time and slip concentration, 
are predictable within the ranges of 40-60 wt. % of alumina, and 0–70 min slip casting 
times.  

As far as the membrane characteristics of the final sintered body are concerned, 
the optimum slip concentration was found to be 40 %. Higher solid loading results in 
a lower permeability and a smaller effective permeable pore size of the final product. 
The optimum sintering temperature range is 1375–1400 °C. Within the latter range, 
the average permeable pore size increases. Higher temperatures result in excessive 
total and outer layer surface porosity reduction and the creation of macrocracks, espe-
cially for high slip concentrations. It is noteworthy to mention that industrial slip cast-
ing is generally performed with concentrated slips (typically having a solidity of more 
than 50 wt. %) in order to minimize water consumption. Therefore, we did not inves-
tigate further slips of concentrations lower than 40 wt. %. 

In all cases, the cross sections of the tubular membranes consisted of two regions: 
an inner thick section consisting of relatively large pores and high porosity, and an 
outer, thin section, consisting of smaller pores and lower porosity. This phenomenon 
was attributed to binder migration during drying prior to sintering. The ratio of the 
thicknesses of the two sections depended on the slip concentration and the sintering 
temperature. The average pore sizes of the membranes were calculated to be within 
the 0.13–0.24 μm range, and their dependences on the slip concentration and sintering 
temperature was determined. 

Generally, binder migration should be minimized in order to avoid unwanted mac-
rocracks (especially longitudinal) and prematurely high sintering of the outer layers of 
the cast. The results of our experiments strongly suggest that proper control the 
“binder migration” phenomenon may be profitably used for the production of func-
tionally graded membranes and is worth further investigation. 
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Influence of antimony oxide on the dielectric properties 
of barium strontium titanate based ceramics 
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The dielectric properties of Sb2O3 doped (Ba0.992–xSrxDy0.008)TiO3.004 ceramics fabricated by a solid 
state route with various Sb2O3 contents and Sr/Ba ratios were investigated. The XRD patterns confirm the 
samples to be multiphase compounds composed of perovskite major phase and Ba4Ti13O30, Ba6Ti17O40, 
Ti7O13 secondary phases. The average lattice constant indicates that Sb3+ ions initially occupy the A-sites and 
then enter the B-sites serving as acceptor dopants. The Curie temperature decreases as the Sb2O3 content in-
creases and as the Sr/Ba ratio increases also. The thermal stability of the electric permittivity increases as the 
Sb2O3 concentration increases but decreases as the Sr/Ba ratio increases. The resistivity and ac standing voltage 
decrease as the Sr/Ba ratio decreases. The Sb2O3 doped (Ba0.992–xSrxDy0.008)TiO3.004 ceramics with high permit-
tivity, low dielectric loss, high ac standing voltage and low temperature coefficient of capacitor are obtained for 
applications in environment friendly capacitors. 

Key words: barium strontium titanate; doping effects; dielectrics; capacitors 

1. Introduction 

Barium titanate ceramics has been used extensively as capacitor dielectrics for the 
past few decades [1]. Barium strontium titanate (Ba1−xSrxTiO3, hereafter referred to as 
BST) as a solid solution composed of barium titanate and strontium titanate has re-
ceived intensive attention due to its high electric permittivity, low dissipation factor 
and adjustable Curie temperature [2–6]. Doping effects of various oxides on barium 
strontium titanate ceramics have also been reported [7, 8]. Incorporating rare earth 
oxides into the perovskite structure is an effective way to improve dielectric properties 
of barium strontium titanate ceramics. According to Huang [9], Dy2O3-doped BST 
capacitor ceramics possess a high permittivity (ε = 5245), low dielectric loss (tanδ  
 __________  
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= 0.0026) and high dc breakdown voltage (Eb = 5.5 MV/m). Zhao et al. [10] also re-
ported that significantly new properties (ε = 3658, tanδ = 0.0093, Δε/ε = 14.1%) were 
obtained in Y2O3 and Dy2O3 doped BST ceramics. 

Many rare earth elements are confirmed to act as donors in BaTiO3 perovskite 
structure within a certain doping concentration. According to Kim [11], Y2O3 initially 
entered the A sites (< 1.0 mol %) in Ba excess BaTiO3 ceramics and then occupied the 
B sites (>1.0 mol %) as acceptors. With the increase in the Sm2O3 doping content in 
BaTiO3 ceramics, the following two defect reactions occurred successively and then 
another phase belonging to P6322 space group appeared [12]: 

 •
2 3 2 Ba Ti O 22Sm O 4TiO 4Sm 4Ti 12O O 4e′+ → + + + +   (1) 

 •
2 3 2 Ba Ti O Ba2Sm O +6TiO 4Sm +6Ti +18O +2V′′→   (2) 

The substitution characteristics of Dy2O3 in barium titanate ceramics are similar to 
those of Y2O3. The substituting mechanism can be expressed as follows [13]: 

 3 2 3 4 4 2
3 1 1 3Dy BaTiO (Ba Dy )[Ti (Ti ·e) ]O Bax x x xx x+ + + + + +

− −+ → +   (3) 

  ( ) ( )3 2 3 4 2 4
3 1 / 2 1 / 2 3Dy BaTiO Ba Dy (Ti )O /2 Ba /2 Tix x xx x x+ + + + + +

− −+ → + +   (4) 

Antimony oxide is one of the common additives in BaTiO3 based ceramics with 
positive temperature coefficient of resistance (PTCR). The effects of Sb2O3 addition 
on the PTCR properties of BST ceramics have been investigated [14]. Unfortunately, 
there have been few reports concerning the effects of antimony oxide on the dielectric 
properties of BST ceramics. In the previous work, we have studied the dielectric prop-
erties of Sb2O3 doped (Ba0.992–xSrxY0.008)TiO3.004 ceramics [15]. In this study, we con-
tinue to prepare the Sb2O3 doped (Ba0.992–xSrxDy0.008)TiO3.004 dielectrics by solid state reac-
tion technique. The purpose of this paper is to investigate the influence of antimony oxide 
on the structural and the dielectric properties of (Ba0.992–xSrxDy0.008)TiO3.004 ceramics, as 
well as to provide a class of fine capacitor ceramics possessing high electric permittiv-
ity, low dielectric loss, high breakdown voltage and low temperature coefficient of the 
capacitor. 

2. Experimental 

The chemical compositions of the specimens are shown in Table 1. High purity 
BaCO3 (>99.0%), SrCO3 (>99.0%), TiO2 (>98.0%) and Dy2O3 (>99.0%) powders, used 
as raw starting materials, were weighed, ball-milled, dried and calcined at 1080 °C for 
2 h. The calcined powders were mixed with Sb2O3 (>99.0%), reground, dried and 
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added with 5 wt. % polyvinyl alcohol (PVA) as a binder for granulation. The granu-
lated powders were sieved through a 40 mesh screen and then pressed into pellets 
(Φ12 mm×2 mm) under 250 MPa. Sintering was conducted in air at 1300 °C for 2 h. 
For dielectric measurement, both flat surfaces of the specimens were coated with sil-
ver paste. Finally, the painted samples were fired at 610 °C for 10 min. 

Table 1. Chemical compositions of the specimens 

Sample Composition 
A1 (Ba0.732Sr0.26Dy0.008)TiO3.004
A2 (Ba0.732Sr0.26Dy0.008)TiO3.004+0.4 wt. % Sb2O3
A3 (Ba0.732Sr0.26Dy0.008)TiO3.004+0.8 wt. % Sb2O3
A4 (Ba0.732Sr0.26Dy0.008)TiO3.004+1.2 wt. % Sb2O3
A5 (Ba0.732Sr0.26Dy0.008)TiO3.004+1.6 wt. % Sb2O3
A6 (Ba0.732Sr0.26Dy0.008)TiO3.004+2.0 wt. % Sb2O3
B1 (Ba0.612Sr0.38Dy0.008)TiO3.004+1.6 wt. % Sb2O3
B2 (Ba0.672Sr0.32Dy0.008)TiO3.004+1.6 wt. % Sb2O3
B3 (Ba0.872Sr0.12Dy0.008)TiO3.004+1.6 wt. % Sb2O3
B4 (Ba0.952Sr0.04Dy0.008)TiO3.004+1.6 wt. % Sb2O3
B5 (Ba0.972Sr0.02Dy0.008)TiO3.004+1.6 wt. % Sb2O3

 
The phases of the specimens were confirmed by X-ray diffraction ( Rigaku D/max 

2500 V/pc) with CuKα radiation. The surface morphologies of the specimens were 
studied using a scanning electron microscope (PhilipXL30 ESEM). The electric per-
mittivities of ceramic bodies were measured with a YY 2811 Automatic LCR Meter 
4425 at 1kHz in an environment chamber with controlled temperature from –25 °C to 
90 °C. And the ac standing voltages were measured with a high voltage device  
(CJ-2677A) at 50 Hz after the pellets had been coated with 1 mm diameter point elec-
trodes to prevent the surface discharges. 

3. Results 

Figures 1–3 show the XRD patterns of (Ba0.732Sr0.26Dy0.008)TiO3.004 ceramics with 
various Sb2O3 contents. As indicated in Fig. 1, all these samples are multiphase com-
pounds with Ba1−xSrxTiO3 as the major phase. XRD profiles focusing on the (103)/ 
(310) and (113)/(311) diffraction peaks are presented in Fig. 2. The (103) and (310) 
peaks are separated from each other for sample A1 and A2, whereas the two peaks are 
merged together for samples A4 and A6. The XRD peak corresponding to (113) and 
(311) plane exhibits a split only for sample A1. It is revealed that at room temperature 
the structure of major phase changes from tetragonal to cubic as the Sb2O3 content 
increases. The patterns in the 2θ range from 20° to 30° are recorded in Fig. 3. It was 
found that in addition to the perovskite phase, the orthorhombic compound Ba4Ti13O30 



C. ZHANG, Y. QU 446

(space group Cmca(64) ) is precipitated as a secondary phase in samples A1 and A2. 
As the Sb2O3 content increases, the monoclinic compound Ba6Ti17O40 (space group 
C2/c(15) ) and the triclinic compound Ti7O13 (space group 1(2)I ) are formed consecu-
tively in samples A4 and A6. There is no phase containing Sb, even in samples A6, 
implying that the dopants have entered the perovskite structure but have not contrib-
uted to the formation of secondary phases. 

 

Fig. 1. XRD patterns of (Ba0.732Sr0.26 Dy0.008)TiO3.004 ceramics 
with various Sb2O3 contents; 2θ in the range 10–90° 

 

Fig. 2. XRD patterns of (Ba0.732Sr0.26 Dy0.008)TiO3.004 ceramics 
with various Sb2O3 contents; 2θ in the range 73–82° 
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Fig. 3. XRD patterns of (Ba0.732Sr0.26 Dy0.008)TiO3.004 ceramics 
with various Sb2O3 contents; 2θ in the range 20–30.5° 

 

 

Fig. 4. Surface morphologies  
of (Ba0.732Sr0.26Dy0.008)TiO3.004 ceramics 

with various Sb2O3 contents: a) without Sb2O3, 
b) 0.8 wt. % of Sb2O3, c) 2.0 wt. % of Sb2O3 

The surface morphologies of (Ba0.732Sr0.26Dy0.008)TiO3.004 ceramics with various 
Sb2O3 contents are shown in Fig. 4. It appears that all the samples exhibit a dense and 
uniform microstructure. The average grain size is decreased as the content of Sb2O3 is 
increased. 

a) b) 

c) 
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The structural and dielectric parameters of sintered specimens with different 
Sb2O3 contents at room temperature are shown in Table 2. It is obvious that the aver-
age lattice constant (a2c)1/3 where a and c are lattice parameters of the tetragonal cell 
decreases initially and then increases as the Sb2O3 content increases. The electric per-
mittivity increases, reaches a maximum and then decreases as the Sb2O3 doping con-
tent increases. The dielectric loss increases at the beginning and then decreases dra-
matically with the increase of Sb2O3 content before it gets saturated. The Curie 
temperature decreases as the added Sb2O3 content increases. 

Table 2. Structural and dielectric parameters 
of sintered specimens with various Sb2O3 contents 

Sample a 
[nm] 

c 
[nm] 

(a2c)1/3 

[nm] ε tanδ Tc 
[°C] 

A1 0.39485 0.40115 0.39694 3295 0.009 45 
A2 0.39534 0.40006 0.39691 9055 0.024 30 
A3 – – – 6733 0.007 5 
A4 0.39304 0.40140 0.39581 2498 0.007 –24 
A5 – – – 2252 0.007 <–25 
A6 0.39463 0.40156 0.39693 2054 0.007 <–25 

 

Fig. 5. Temperature dependences of electric permittivities of A1–A6 samples at 1 kHz 

Figure 5 shows the temperature dependence of the electric permittivity of (Ba0.732 

Sr0.26Dy0.008)TiO3.004 ceramics with various Sb2O3 contents. It is obvious that the per-
mittivity of the samples is significantly suppressed as the Sb2O3 content increases, 
which is consistent with our previous findings with respect to Sb2O3 doped 
(Ba0.732Sr0.26Y0.008)TiO3.004 system. In particular, the peak value decreases rapidly from 
11 730 to 3550 for samples A1 and A4, respectively. Furthermore, at low Sb2O3 dop-
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ing concentration (<0.8 wt. %) the curves are characterized by narrow peaks which 
imply high values of the temperature coefficient of capacitor (TCC). When the level of 
Sb2O3 addition reaches 2.0 wt. %, the curve becomes flat and a low TCC over a wide 
temperature range from –25 °C to 85 °C can be obtained. 

Table 3. Dielectric parameters of sintered specimens with various Sr to Ba ratios 

Sample ε tanδ ρ 
[MΩ·mm] 

Eb 
[kV/mm] 

Tc 
[°C] 

B1 1415 0.002 3941 5.3 <–25 
B2 1600 0.003 3597 5.1 <–25 
B3 2501 0.006 1130 4.4 –15 
B4 3237 0.009 608 4.2 5 
B5 3248 0.009 607 4.2 8 

 
The dielectric parameters of sintered specimens with various Sr/Ba ratios at room 

temperature are shown in Table 3. It is evident that the Curie temperature increases 
with the decrease in the Sr/Ba ratio, which is consistent with many other reports  
[1, 16]. The resistivity and ac standing voltage decrease as the Sr/Ba ratio decreases 
and due to the shift of the Curie temperature towards room temperature, the electric 
permittivity as well as the dielectric loss increase as the Sr/Ba ratio decreases. 

 

Fig. 6. Temperature dependences of electric permittivities for B1–B5 and A5 sample 

Figure 6 shows the temperature dependences of the electric permittivity of ceram-
ics with various Sr/Ba ratios. It can be seen that the curves for samples B4 and B5 are 
much broader than those for samples B1 and B2. This indicates that the thermal stabil-
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ity of the electric permittivity for samples increases with the decrease in the Sr/Ba 
ratio. 

4. Discussion 

As shown in Table 2, the average lattice constant (a2c)1/3 decreases initially and 
then increases as the Sb2O3 content increases. This demonstrates that Sb3+ ions 
(0.076 nm) first substitute the bigger Ba2+ ions (0.161 nm) or Sr2+ ions (0.144 nm) and 
then replace the smaller Ti4+ ions (0.061 nm). Thus the substitution characteristic of 
Sb2O3 in (Ba0.732Sr0.26Dy0.008)TiO3.004 ceramics is similar to that of Sb2O3 in Y-doped 
BST dielectrics [15]. When Sb3+ ions occupy the A sites and serve as donor dopants, 
the defect reaction is as follows: 

 • ''
2 3 A OSb O 2Sb 3OAV→ + +   (5) 

With the increase of Sb2O3 concentration, Sb3+ ions begin to enter B sites and 
serve as acceptor dopants. The defect reaction can be expressed as follows: 

 2 3 B O OSb O 2Sb 3OV ••′→ + +   (6) 

The above models are similar to those proposed by Sasaki et al. [17] for BaTiO3 
thin films with high Sb doping concentration: 

 •
2 3 2 Ba Ti O BaSb O 3TiO 2Sb 3Ti 9O V′′+ → + + +   (7) 

and/or  

 ••
2 3 Ti Ba O OSb O 2BaO 2Sb 2Ba 5O V′+ → + + +   (8) 

The substitution for A site or B site with any of the Sb3+ ions leads to a shorter dis-
tance between the central ion and its nearest neighbours of the octahedron, thus the 
movement of the central ion is confined which weakens the spontaneous polarization 
of the grain lattice, and consequently, the Curie temperature decreases as the Sb2O3 
content increases. The charged vacancies caused by A site and B site substitution give 
rise to the local deformation of the perovskite unit cells which also causes the reduc-
tion of the Curie temperature. It is well known that the electric permittivity and dielec-
tric loss near the phase transition region usually exhibit high values. Therefore, the 
shift of the Curie temperature is expected to be the main reason for variation of the 
electric permittivity and dielectric loss. 

The influence of Sb2O3 addition on the temperature dependence of the permittivity 
is caused by the weakening of ferroelectricity which is attributed to the replacement 
reaction of Sb3+ ions for the host cations in the perovskite lattice. 
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As shown in Fig. 6, the lower Sr/Ba ratio is, the flatter the temperature variation 
curve becomes. The broadening of the curve is attributed to the disorder in the ar-
rangement of cations at the A site which leads to a microscopic heterogeneity in the 
composition, and thus results in a continuous phase transition of different tiny regions. 
A considerable decrease in the ac standing voltage shown in Table 3 is ascribed to the 
increasing proportion of tiny regions which undergo the transitions between tetragonal 
and cubic phases at room temperature. In other words, it is basically because of the 
shift of the Curie temperature towards the room temperature as the Sr/ Ba ratio de-
creases. Due to its high permittivity (ε = 3248), acceptable dielectric loss (tanδ 
= 0.009), high ac standing voltage (Eb = 4.2 kV/mm) and low TCC (< ±25%), the 
sample B5 is promising for applications in environment friendly capacitors. 

5. Conclusions 

Dielectric ceramics based on Sb2O3 doped (Ba0.992–xSrxDy0.008)TiO3.004 were pre-
pared through a conventional solid state reaction technique and their dielectric proper-
ties were investigated. The doping content of Sb2O3 and the Sr/Ba ratio were both 
varied. XRD patterns confirmed these ceramics to be multiphase compounds with 
perovskite major phase. The average lattice constant indicates that Sb3+ ions first sub-
stitute the A site ions and then replace the B site ions. The Curie temperature de-
creases as the Sb2O3 content and Sr/Ba ratio increase. The temperature dependence of 
the electric permittivity increases as the Sb2O3 concentration increases but decreases 
with the increase in the Sr/Ba ratio. Sintered samples with high Sb2O3 doping level 
and low Sr/Ba ratio in the Sb2O3 doped (Ba0.992–xSrxDy0.008)TiO3.004 system exhibit 
more satisfactory dielectric properties compared with previous ceramics . 
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Oxidation of activated carbon fibre  
and its adsorption of amylase 
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Activated carbon fibre was oxidized by combustion of nitrocellulose and oxidation with nitric acid to 
introduce the nitrogen and oxygen groups on its surface. The pore structure and chemical groups were 
investigated by nitrogen adsorption and FTIR. The result showed that the pore structure and surface mor-
phology were not much affected but amide and hydroxyl groups could be introduced after oxidation. The 
adsorption capacity of amylase was markedly increased, and the hydrolysis activity of starch was main-
tained after 3 runs. 

Key words: activated carbon fibre; surface modification; adsorption; amylase; hydrolysis 

1. Introduction 

Porous carbons have been widely used as adsorbents, catalyst/catalyst supports, 
electronic materials and energy storage materials due to their high surface area and 
large pore volume [1]. The advantages of activated carbon fibre are the smaller fibre 
diameter which minimizes diffusion limitations and allows rapid adsorption 
/desorption, more concentrated pore size distribution. The novel porous carbon  has 
been widely used in separation, purification and catalytic processes. 

Activated carbon fibres display a better adsorption capacity for small molecules 
and a higher storage capacity/volume for hydrogen. They have also been used as elec-
trode materials in high performance electric double-layer capacitors [4]. Not only the 
pore structure but also the surface chemical composition of the activated carbon fibre 
significantly influence its adsorption capacity, catalytic activity or its catalyst support 
performance. Heteroatoms on the surface of the activated carbon fibre determine its 
surface chemical properties and play a significant role in device applications. The two 
most important heteroatoms are oxygen and nitrogen which affect the surface acidic, 
basic and hydrophilic properties of activated carbon fibres [5–7]. 

 __________  
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Chemical oxidation of activated carbon fibre is a frequently used method to intro-
duce heteroatoms onto its surface. Various reagents have been used as oxidizers: con-
centrated nitric or sulfuric acid, sodium hypochlorite, permanganate, bichromate, hy-
drogen peroxide, transition metals, ozone-based gas mixtures, etc. Among various 
oxidation treatments, oxidation of nitric acid is the most widely used method for in-
creasing the total acidity that is produced from wet oxidation treatment [8]. Recently, 
it was reported that the oxygen- and nitrogen-containing groups on activated carbon 
fibre surface could be introduced by nitrocellulose combustion oxidation at 300 °C 
[9], the modified activated carbon fibre showed higher adsorption capacities for am-
monia and carbon disulfide. 

It is well known that carbon possesses good biocompatibility [10]. Enzymes as bio-
catalysts with high specificity, high catalytic efficiency and bio-degradability, are widely 
applied in industrial process and medical sciences, because they can increase the rate of 
chemical reaction by lowering the activation energy. Enzyme immobilization on a support 
may improve its thermal behaviour, it may be repeatedly and continuously used and sim-
plify the separation of enzymes from reaction media, thus, the recovery of enzyme and 
purification of the final products become more reliable, simple and efficient [11]. 

α-Amylases belong to an enzyme group widely used in food, paper, textile, distill-
ery, fermentation and brewing industries. The hydrolysis of starch to products with low 
molecular weight, catalyzed by α-amylase (1,4- α-d glucan glucanohydrolase) is one of 
the most important commercial enzymatic processes [12]. The immobilization of α-
amylase was investigated by many researchers. For example, α-amylase was immobi-
lized on zirconia or alumina via adsorption and exhibited higher activity [13, 14], it was 
covalently immobilized on phthaloyl chloride-containing amino group functionalized 
glass beads forming amide bonds between amino groups on protein and acid chloride 
groups on the glass surface [15]. α-amylase was also immobilized in modified ordered 
mesoporous silicas through the reaction of free –CHO (following alkylamine and glu-
taraldehyde procedures) with –NH2 of enzyme for hydrolysis of starch, thermal and pH 
stability of the immobilized enzyme was improved [16]. Although activated carbon fibre 
displayed developed pore structure, it has not been widely used as an enzyme support 
because its surface chemical property was generally hydrophobic, its oxygen and nitro-
gen content was very small, and it could not interact strongly with enzymes. Thus it is 
necessary to investigate the properties of modified activated carbon fibre as an enzyme 
support material. Activated carbon fibre was treated by nitrocellulose combustion and 
nitric acid oxidation to modify its surface chemical composition, and the adsorption of 
amylase and hydrolysis for starch were investigated and discussed. 

2. Experimental 

Oxidation of activated carbon fibre. Commercially viscose-based activated carbon 
fibre (designated as ACF-0), activated at 850 °C with steam, was supplied by Zichuan 
Carbon Fiber Limited Company, Qinhuangdao (P.R. China). Firstly, the ACF-0 was 
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dried at 120 °C for 2 h to remove the adsorbed steam and organic molecules, then, it 
was impregnated with nitrocellulose acetone solution and the loading amount was 
fixed at 1 wt. % of nitrocellulose at room temperature for 4 h. Finally, the impregnated 
activated carbon fibre was heated to 300 °C for 30 min in air and labelled as ACF-NC. 
ACF-0 was impregnated in 5 M nitric acid for 12 h, then, it was leached with distilled 
water until pH of approximately 7 has been attained. Finally, it was dried at 80 °C and 
designated as ACF-HNO3. 

Characterization of activated carbon fibres. Nitrogen adsorption isotherms were 
performed at 77.4 K with a Micromeritics ASAP 2010 analyzer. The surface area was 
calculated using the Brunauer–Emmett–Teller (BET) model. The pore volume, pore 
size distribution and the average pore diameter were determined by the density func-
tion theory. Before nitrogen adsorption measurements, the activated carbon fibres 
were outgassed at 300 °C for 15 h. Infrared spectra were recorded on a Nicolet Impact 
380 FT-IR spectrometer using KBr pellets. Scanning electron micrographs were ob-
tained on a JEM-3010 using a copper grid type sample holder. Before observation, the 
samples were sputtered with gold for 2 min in order to avoid charging. 

Adsorption of amylase and hydrolysis of starch. In the adsorption experiments, 1 g 
of activated carbon fibre was mixed with equal volumes of 0.1 M phosphate buffer 
and α-amylase solution. It was shaken at room temperature for 1 h and then filtered. 
The adsorbed amount of α-amylase was obtained as the difference between the hy-
drolysis capacity of the original enzyme solution with that of the filtrate. 

The hydrolysis activities of free and the immobilized enzymes were examined in 
a batch reactor. 1 wt. %, 2 wt. % and 5 wt. % starch solution was prepared by dissolv-
ing soluble starch in distilled water and the pH was adjusted to 4.7 by 0.1 M HCl. 
Then 1 g of activated carbon fibre containing α-amylase was placed in a test vial. Sub-
sequently, 100 cm3 of starch solution was added and the system was incubated in 
a water bath with constant shaking at 40 °C. 1 cm3 of solution was drawn each 10 min 
to determine the amount of hydrolyzed maltose. The reaction was stopped by adding 
1 cm3 of 3,5-dinitrosalicylic acid reagent. Incubation was also performed in a boiling 
water bath for 5 min. The amount of reducing sugar (maltose) was determined spec-
trophotometrically at 540 nm. 

3. Results and discussion 

3.1. Pore structures of activated carbon fibres 

The specific surface areas and pore volumes of the ACF-0, ACF-NC and ACF-
HNO3 are 651 m2/g, 696 m2/g and 682 m2/g, 0.35 cm3/g, 0.38cm3/g and 0.36 m3/g, 
respectively, indicating the ACF-NC and ACF-HNO3 have a more developed pore 
structure. 
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Figure 1 shows the nitrogen adsorption isotherms and pore size distributions of 
ACF-0, ACF-NC and ACF-HNO3. The nitrogen isotherms were planar at the relative 
pressure higher than 0.1 which suggested that the activated carbon fibres mainly had mi-
cropores. The ACF-NC has a wider pore size distribution, especially in the 0.7–0.8 nm 
range than that of ACF-0. It implies that not only the carbon of external surface but the 
micropore surface are oxidized during the combustion of nitrocellulose. The pore size 
distribution of ACF-HNO3 was slightly wider than that of ACF-0. 

 

Fig. 1. The nitrogen adsorption isotherms (a) 
and pore size distribution (b) of ACF-0, ACF-NC and ACF-HNO3 

Thus specific surface area, micropore volume and pore diameter of activated car-
bon fibre all increase slightly after combustion of nitrocellulose or oxidation of nitric 
acid. 

3.2. Surface functional groups of activated carbon fibres 

The elemental compositions of activated carbon fibre before and after oxidation 
are listed in Table 1. The carbon content markedly decreased and the oxygen content 
significantly increased after oxidation, the hydrogen and nitrogen contents also 
slightly increased.  

Table 1. Elemental compositions [wt. %] of samples 

Sample C H N O 
ACF-0 83.63 2.87 2.01 11.48 
ACF-HNO3 79.44 3.01 2.12 15.43 
ACF-NC 69.43 3.27 2.34 24.95 

 
In order to investigate the change of surface acidicity and basicity, the Boehm 

method was used [17]. The differences of the surface functionalities on basic ACFs 
and acidically treated ACFs determined by the Boehm titration are listed in Table 2. 
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Oxidation with HNO3 introduces a large number of carboxylic groups; nitrocellulose 
oxidation can form phenolic and basic groups. 

 Table 2. Surface functionalities of ACFs by the Boehm titration [molecule/nm2] 

Sample Phenol Lactone Carboxyl Acidic
groups 

Basic 
groups 

ACF 0.58 0.28 0.02 0.88 0.12 
ACF-HNO3 0.31 0.64 0.44 1.39 0.06 
ACF-NC 0.83 0.07 0.00 0.90 0.87 

 
The FT-IR spectra of ACF samples are shown in Fig. 2. For the ACF-NC, the 

asymmetry of the peak ranging from 3000 cm–1 to 3400 cm–1 indicates strong hydroxyl 
interaction and the presence of overlapping N–H bands. The peak at 1700 cm–1 may be 
attributed to overlapping of N–H in-plane bending and the conjugated –C=O modes 
[18]. The two correlative peaks at 1456 cm-1 and 1395 cm-1 indicate the -C=O be-
longed to the carbonate groups [18]. Moreover, there are a number of overlapping 
bands appearing between 1400 cm-1 and 1000 cm−1, which indicate the presence of C-
O-C, C-O-N or >C-N groups. A wider and stronger peak at 3460 cm-1 corresponds to 
the hydroxyl for ACF-HNO3. 

Fig. 2. The FT-IR spectra of: ACF-0,  
ACF-NC and ACF-HNO3  

FT-IR spectra show that ACF-NC, unlike ACF-0, contains functional groups pri-
marily consisting of phenolic hydroxyls, imide and ethers. The spectra also show that 
ACF-HNO3 has more surface hydroxyl groups that does ACF-0. 

3.3. The SEM morgraphology of samples 

 The SEM images of activated carbon fibres are shown in figure 3. The surface of 
ACF-0 looks smooth, the spots on the surface are the adsorbed dirt. The least dirt was 
found on the surface of ACF-HNO3; most of the dirt was leached during nitric acid 
impregnation. This also shows that the nitric acid oxidation does not damage the fibre 
surface.  
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Fig. 3. The SEM images of activated carbon fibres: 

a) ACF-0, b) ACF- NC and c) ACF-HNO3 

The surface of ACF-NC was less contaminated than that of ACF-0, some impuri-
ties were washed during impregnation of nitrocellulose; this suggests that all nitrocel-
lulose had been completely combusted. By comparing the SEM images, the activated 
carbon fibre surface was not destroyed after oxidation with nitric acid and combustion 
of nitrocellulose. This proves that it is a simple method to introduce nitrogen/oxygen 
atoms on the surface of activated carbon fibre, and one in which no damage occurs to 
the surface.  

3.4. Adsorption of amylase and hydrolysis of starch 

The adsorption capacities of α-amylase on ACF-0, ACF-NC ACF-HNO3 are 2.0 mg/g, 
9.9 mg/g and 7.9 mg/g, respectively. Because the pore structures of ACFs were similar, 
the surface oxygen- and nitrogen-containing groups are the only markedly affected factor 
characterizing the α-amylase adsorption, especially the phenolic hydroxyls, which could 
form a hydrogen-bond with the –NH2 of an α-amylase molecule. 

 Compared with free α-amylase, the hydrolysis activity of α-amylase immobilized 
on ACF-0, ACF-NC and ACF-HNO3 was decreased to 20%, 48% and 34%, respec-
tively. This suggests that active sites of α-amylase were affected by the activated car-
bon fibre pore structure, which could change the interaction between the α-amylase 
and starch molecule. In addition, the immobilized α-amylase molecule was fixed on 
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the pore channel and the mass transfer was also restricted, so the apparent hydrolysis 
activity was decreased. 

 

Fig. 4. The starch hydrolysis by α-amylase  
immobilized on ACF-0: a) 1 wt. % starch,  

b) 2 wt. % starch and c) 5 wt. % starch  

 

Fig. 5. The starch hydrolysis by α-amylase 
immobilized on ACF-NC: a) 1 wt. % starch,  

b) 2 wt. % starch and c) 5 wt. % starch  
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Fig. 6. The starch hydrolysis by α-amylase 
immobilized on ACF-HNO3: a) 1 wt. % starch,  

b) 2 wt. % starch and c) 5 wt. % starch 

The results of starch hydrolysis by immobilized α-amylase are shown in Figs. 4–6. 
The amount of maltose hydrolyzed by α-amylase immobilized on same ACF was in-
dependent of the starch concentration. Maltose was also hydrolyzed by α-amylase: the 
results show that if immobilization occurs on the same ACF, the quantities of hydro-
lyzed maltose and hydrolyzed starch remain the same. This suggested that the starch 
concentration was sufficient. The greater the quantity of amylase immobilized on ACF, 
the higher was the amount of hydrolyzed maltose. As for the ACF-0, the quantity of 
hydrolyzed maltose was 20 mg after 60 min for the first run; it decreased to 12 mg in 
the second run and to 8 mg in the third run. As for the ACF-NC, the amount of hydro-
lyzed maltose was 100 mg after 60 min for the first run; the adsorbed amylase main-
tained higher hydrolysis activity after three runs. Its activity decreased after a fourth 
run, and the maltose amount was then 50 mg. As for the ACF-NC, the amount of hy-
drolyzed maltose was 50 mg after 60 min for the first run; the adsorbed amylase main-
tained higher hydrolysis activity after two runs. Its activity decreased after 3 runs, and 
the maltose amount was then 20 mg. 

The most important advantage of the immobilized enzyme was its reusability. The 
surface groups of activated carbon fibre also affected the desorption behaviour of  
α-amylase. Most of the α-amylase immobilized on ACF-0 would be desorbed during 
the hydrolysis, and the retained activity of α-amylase immobilized on ACF-0 was 
10% after 2 runs. However, α-amylase immobilized on ACF-NC and ACF-HNO3 
exhibited more than 24% and 14% activity (relative to free α-amylase) after 4 runs 
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and 3 runs, respectively. This indicated that there existed a strong interaction between 
α-amylase and the surface groups of ACF-NC and ACF-HNO3. 

4. Conclusion 

Activated carbon fibre could be oxidized by nitric acid and nitrocellulose combus-
tion to modify its surface chemical property. The carbon content of activated carbon 
fibre markedly decreased and the oxygen content significantly increased after oxida-
tion. The hydrogen and nitrogen content also increased to a certain degree. The Boehm 
titration and FTIR results indicated that the oxidation with HNO3 introduces a large 
number of carboxylic groups; while the nitrocellulose oxidation could form phenolic 
and basic groups (amide). The adsorption was increased 5 times and 3.5 times, respec-
tively. Immobilized amylase showed higher hydrolysis activity for starch after 3 runs. 
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Hydrothermal synthesis of aqueous nano-TiO2 sols 
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A poorly crystalline nano-anatase precursor with the crystallite sizes of about 3.5 nm was prepared 
via reprecipitation of nano-anatase at pH = 7.0 from a highly transparent sol obtained by acidic peptiza-
tion of hydrous titania precipitates, hydrolysed product of titanium isopropoxide. The weakly agglomer-
ated nano-anatase precursor has been used for preparing well crystalline nano-TiO2 sols by hydrothermal 
treatment at pH = 9.5 using a weak base, NH4OH. The crystallite size gradually grew with increasing 
temperature and reached 7.6 nm (X-ray) at 175 °C after 4 h of hydrothermal treatment. The sizes of parti-
cles were mostly in the range 5–15 nm. The hydroxyl content in the nano-TiO2 decreased with increasing 
hydrothermal temperature of treatment and supported a gradual growth of nano-TiO2 as evident from the 
X-ray and TEM. 

Key words: nano-TiO2 sol; peptization; hydrothermal treatment 

1. Introduction 

Crystalline TiO2 nanopowders find various photocatalytic applications [1–3]. Syn-
thesis of TiO2 powder via hydrothermal treatment of amorphous hydrous titania or its 
peptized sol (poorly crystalline) is a common approach. The literature mainly covers 
the formation of crystalline polymorphs under various experimental conditions [4–10]. 
On the contrary, very little attention has been paid to the in situ fabrication of aqueous 
nano-TiO2 sol via a hydrothermal process [6] although it is known that handling of 
aqueous nano-TiO2 sol will be much easier compared to dry nanopowder. An aqueous 
TiO2 dispersion showed a maximum stability at pH = 10–11 where a maximum nega-
tive zeta potential was found indicating the maximum stability of the dispersion due to 
electrostatic repulsion [11]. In situ fabrication of nano-TiO2 dispersion has been re-
ported in basic solutions via hydrothermal treatment of poorly crystalline nano-TiO2 
sol obtained by peptization of amorphous hydrous titania by tetrabutylammonium 
hydroxide (TBNOH) [6]. 
 __________  
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It has been shown that amorphous hydrous titania obtained by hydrolysis of tita-
nium alkoxide in aqueous solution during peptization with either acids (HCl and 
HNO3) or strong bases like tetraalkylammonium hydroxide (TANOH) transformed 
into titania sol containing poorly crystalline nano-TiO2 particles [5]. Nano-TiO2 ob-
tained by acid peptization showed a relatively high degree of crystallinity compared to 
that obtained in the base petization process [5, 6]. The hydrothermal treatment of the 
peptized sols generates well crystalline nano-TiO2 powders and the particle sizes of 
the hydrothermally treated nano-TiO2 obtained from acid peptized sols were smaller 
than that obtained from base peptized ones [5]. Moreover, the application of the 
TBNOH peptized and hydrothermal sol for deposition of coatings may occlude TBN+ 
which needs higher decomposition temperature for its removal as observed for the co-
precipitation synthesis of CoFe2O4 [12]. In view of this, we report a hydrothermal 
synthesis of the in situ fabrication of aqueous nano-TiO2 sol by separating poorly crys-
talline nano-TiO2 from acid peptized sol and its subsequent hydrothermal treatment in 
basic solution using NH4OH. 

2. Experimental 

Titanium isopropoxide (TTIP) technical grade (Sigma, Aldrich), 1-propanol 
(Qualigens, 99%), HNO3 (69%, GR, Merck, India), ammonia solution (25%, GR, 
Merck, India) and distilled water were used for the preparation of nano-TiO2 by the 
hydrothermal method. TTIP (0.5 M) solution in 1-propanol was prepared and to this 
solution distilled water was added under stirring keeping very high H2O:TTIP mole 
ratio of 450. Hydrous titania precipitates were kept under stirring for 30 min and then 
filtered. The precipitate thus obtained was either directly treated hydrothermally in 
water or peptized with HNO3 keeping the H+/Ti mole ratio of 1.75 and wt. % TiO2 of 
0.5. The peptization of the resulted precipitate under stirring at room temperature gen-
erated a slightly bluish coloured transparent sol. pH of the sol was adjusted to 7.0 by 
adding 1 M NH4OH under stirring and then the sol was filtered. The precipitate was 
then thoroughly washed with distilled water till the presence of 3NO− ions in the filtrate 
was detected. The precipitate was then redispersed under stirring in aqueous solution 
of NH4OH having the pH of 9.5 maintaining the wt. % equivalent TiO2 of 0.5 and 2.0. 
The dispersion was kept overnight and finally pH was readjusted to 9.5 prior to hydro-
thermal treatment. All the hydrothermal treatment was carried out with ca. 420 g of 
suspension under stirring condition (400 rpm) in a 2 dm3 Teflon lined autoclave under 
autogenic pressure. The heating rate of ca. 2 °C/min was used for achieving the final 
temperature of hydrothermal treatment and a natural cooling of the autoclave was 
maintained for all the experiments. Translucent titania sols were centrifuged at 
8000 rpm. However, very little was found at the bottom. The sol was then kept at 
50 °C in a Petri dish for drying. A thick paste was formed during drying and acetone 
was added to it followed by drying at 50 °C. It was then ground mildly in acetone and 
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again dried at 50 °C. The process was repeated for 2–3 times and finally the dried 
powder was obtained. 

X-ray diffraction (XRD) patterns of the powders were recorded with a Philips 
make diffractometer (Model: PW-1730). DTA and TGA of the powders were carried 
out using Shimadzu thermal analyzer (Models: DA-50 and TA-50). Transmission 
electron microscopic (TEM) measurements were carried out with a Jeol 2010 TEM. 
The samples for TEM study were prepared by adding a drop of diluted sols on carbon 
coated grids placed on tissue paper followed by drying at 50 °C. 

3. Results and discussion 

Hydrolysis rate of titanium alkoxide resulting in an amorphous powdery precipi-
tate is very fast. However, the deliberate addition of water into alcoholic solution of 
titanium alkoxide generated various products depending on the amount of water, con-
centration of alkoxide and nature of alkyl group [13] indicating the extent of polym-
erization is different. The powdery precipitate obtained after hydrolysis of TTIP in the 
present study was X-ray amorphous. The hydrothermal treatment of the amorphous 
powder in distilled water showed the formation of mainly anatase with the presence of 
little amount of brookite (Fig. 1).  

 

Fig. 1. X-ray diffraction patterns of the powders obtained after hydrothermal 
treatment of 0.5 wt. % slurry for 4 h at 175 °C (a) and 150 °C (b) 

The particles were separated out from the mother liquid. As expected, higher tem-
perature of hydrothermal treatment favours better crystallization. On the other hand, 
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the amorphous precipitate under acid peptization at room temperature gradually con-
verted to a slightly bluish coloured highly transparent sol indicating the formation of 
very small particles. 

Fig. 2. TEM photograph of nano-TiO2 present 
in a peptized sol 

 

Fig. 3. X-ray diffraction patterns of the powders obtained from the 0.5 wt. % equivalent TiO2 
containing peptized sol (a) and after hydrothermal treatment of 0.5 wt. % equivalent TiO2 containing 

suspension using reprecipitated anatase precursor at pH = 9.5 for 4 h at 100 °C (b), 125 °C (c), 150 °C (d) 
and 175 °C (e). Inset shows the corresponding crystallite size of hydrothermally treated samples 

TEM photograph (Fig. 2) shows the formation of very small TiO2 particles in the 
peptized sol. X-ray diffraction pattern of the powder obtained from the sol shows the 
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formation of poorly crystalline nano-anatase (Fig. 3) with the particle size of about 
3.5 nm as determined from Scherrer’s equation. The formation of anatase and rutile 
during peptization of amorphous hydrous titania precipitate with H+/Ti ratio of 1.0 and 
4.0, respectively has been reported [4,14]. It is believed that during the peptization 
process the aggregated TiO6 octahedra in the amorphous phase gradually break down 
via protonation of the –Ti–O–Ti– bonds. The protonated surface Ti–OH recombine 
with –OH groups of other TiO6 octahedra to form –Ti–O–Ti– bridge bonds and the 
structural rearrangement causes transformation of amorphous to crystalline state. The 
structural rearrangement of the TiO6 octahedra through edge sharing leads to forma-
tion of anatase from an amorphous phase under peptization with H+/Ti mole ratio of 
1.75. It is known that basic solution favours the formation of anatase through edge 
sharing of TiO6 octahedra both in peptization as well as in hydrothermal processes [5]. 
It has been shown that the crystallization of TiO2 from an amorphous precipitate dur-
ing peptization was very poor in the case of basic peptization process (TBNOH and 
TENOH) compared to acid (HNO3) peptization [5, 6]. Thus a relatively fine crystal-
line nano-anatase obtained by acid peptization is expected to produce fine crystalline 
nano-anatase at a relatively lower hydrothermal temperature under basic condition. 
The reprecipitation is expected to generate weakly agglomerated nano-anatase parti-
cles which were subsequently used as an intermediate precursor for hydrothermal 
treatment in basic aqueous medium for in situ fabrication of nano-TiO2 sol. 

Figure 3 shows the X-ray diffraction pattern of powders obtained after hydrother-
mal treatment at various temperatures. The increase of temperature is expected to in-
crease crystallization. This is clearly evident from the diffraction patterns. Moreover, 
it is evident that increasing temperature favours the formation of small amounts of 
rutile along with major anatase phase. TiO2 obtained at 100 °C was purely anatase. 
The rutile formation was started at 125 °C and the amount of rutile gradually increased 
with the increase of temperature of hydrothermal treatment. The formation of pure 
anatase at 200 °C under hydrothermal condition of the sol under basic solution (using 
TBNOH) has been reported [5]. However, the appearance of very slight amount of 
rutile along with the major anatase phase at 240 °C indicates that the higher tempera-
ture favours the formation of rutile [5]. The calculated crystallite size using Scherrer’s 
equation gradually increases with increasing hydrothermal temperature as shown in 
the inset of Fig. 3. The crystallite size of nano-anatase obtained after hydrothermal 
treatment at 175 °C was about 7.6 nm whereas that of the nano-anatase present in the 
peptized sol was about 3.5 nm. 

Figure 4 shows particle morphology of the nano-TiO2 after hydrothermal treat-
ment. It is clear from the TEM picture that well crystalline particles of the sizes mostly 
in the range of 5–15 nm have been formed and remained dispersed in the mother liq-
uid as a translucent sol. Figure 5 shows the TGA of the samples hydrothermally 
treated at 100 °C and 175 °C for 4 h. The TG curves show a sharp weight loss up to 
about 130 °C and subsequent gradual weight loss up to 800 °C. The initial weight loss 
is due to the dehydration of adsorbed water. An endothermic peak observed at about 
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63 °C in the DTA supports the weight loss. The weight loss after about 450 °C is neg-
ligible. A similar result was observed for hydrothermally synthesized TiO2 nanopow-
ders from the amorphous hydrated titania obtained by hydrolysis of TTIP [7]. It has 
been observed that a higher weight loss in the temperature range 130°–450 °C for 
100 °C sample (5.06%) compared to 175 °C sample (3.7%) indicates the presence of 
high amounts of Ti–OH in 100 °C hydrothermally treated sample. The better crystalli-
zation at higher temperature as evident from X-ray results supports the decreased 
weight loss due to Ti–OH. 

Fig. 4. TEM photograph of nano-TiO2 present  
in the sol obtained after hydrothermal treatment 
of 0.5 wt. % equivalent TiO2 containing slurry 

using reprecipitated anatase precursor  
at pH = 9.5 for 4 h at 175 °C 

 

Fig. 5. TGA of TiO2 powders obtained after hydrothermal treatment  
at 175 °C (top) and 100 °C (bottom) for 4 h 
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It has been shown by Chen et al. that the optical absorbance of TiO2 dispersion in 
aqueous solution showed a maximum value in the pH range of 10–11 while a maxi-
mum negative zeta potential was found in this pH range [11]. This clearly suggests the 
maximum stability of the dispersion in this pH range due to a very strong electrostatic 
repulsive force. The optical absorbance in the acidic solution (pH from 2 to 6) was 
very low, indicating the instability of the TiO2 dispersion though the zeta potential was 
negative (pH > 4) and positive (pH < 4). A similar hydrothermal result of TBNOH 
peptized titania sol was reported by Yung et al. [6] and explained based on a strong 
electrostatic repulsive force due to large negative zeta potential (pH = 10). Weakly 
agglomerated nanoanatase as a precursor and the development of a strong electrostatic 
repulsive force among the nano-TiO2 particles were probably responsible for the in 
situ fabrication of nano-TiO2 sol via hydrothermal treatment of the suspension at pH  
= 9.5 in the present study.  

The increase of wt. % equivalent TiO2 from 0.5 wt. % to 2 wt. % in the suspension 
for hydrothermal treatment also produces nano-TiO2 sol. The calculated crystallite size 
was about 7.4 nm which is almost the same as observed in case 0.5 wt. % TiO2 con-
taining sol indicating that growth is almost independent of the concentration of TiO2 at 
least in the present investigation. Thus weakly agglomerated nano-anatase precursor 
obtained by reprecipitation of the acidic peptized sol and subsequent hydrothermal 
treatment at pH = 9.5 using NH4OH was found to be suitable for the fabrication of 
nano-TiO2 sol. These sols may be suitable for the deposition of crystalline TiO2 coat-
ings at low temperatures as ammonia can be removed easily. 

4. Summary 

Aqueous poorly crystalline nano-anatase sols have been prepared via peptization 
in acidic medium of the amorphous hydrous titania precipitate obtained by hydrolysis 
of titanium isopropoxide. The nano-anatase thus produced has been reprecipitated at 
pH = 7 and used as intermediate precursor for in situ fabrication of well crystalline 
nano-TiO2 sols in the basic solution (9.5) using a weak base, NH4OH under hydro-
thermal. The hydrothermal treatment of the basic aqueous suspension of weakly ag-
glomerated nano-anatase showed the formation of nano-TiO2 sol. A gradual growth of 
nano-anatase with increasing hydrothermal temperature has been observed. The sol 
contains well crystalline nano-TiO2 particles having the size mostly in the range 5-15 
nm after hydrothermal treatment at 175 °C for 4 h. The weakly agglomerated nanoana-
tase as precursor and the development of strong electrostatic repulsive force among 
the nano-TiO2 powders were responsible for the in situ fabrication of nano-TiO2 sol 
via hydrothermal treatment. The reprecipitation of the poorly crystalline nano-TiO2 sol 
generates an intermediate precursor which is suitable for the hydrothermal preparation 
of well crystalline aqueous nano-TiO2 sol at pH = 9.5 using NH4OH. 
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Room-temperature ferromagnetism 
in Fe-doped Na0.5Bi0.5TiO3 crystals 
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Fe-doped Na0.5Bi0.5TiO3 crystals were synthesized and studied by X-ray diffraction, X-ray spectro- 
scopy, scanning electron microscopy, high-resolution transmission electron microscopy, and magnetic 
property measurement system. Room-temperature ferromagnetism was observed in Fe-doped Na0.5Bi0.5TiO3 
crystals. It was found that the magnetism of Na0.5Bi0.5TiO3 crystals can be controlled by the Fe dopant 
concentration. The magnetism of the Fe-doped Na0.5Bi0.5TiO3 crystals develops from diamagnetism to 
ferromagnetism and paramagnetism on increasing the Fe doping concentration from 0 to 10 mol %. The 
results presented in this study may provide new insights to the problem of synthesizing more single-phase 
multiferroic materials which will hopefully lead to rich and fascinating fundamental physics. 

Key words:  ferroelectrics; magnetic materials; Fe-doped Na0.5Bi0.5TiO3 crystals 

1. Introduction 

A new class of materials, in which both electrical and magnetic ordering can coex-
ist, the so-called multiferroic materials have many potential applications including 
a new type of memory devices based on the combination of ferromagnetism and ferro-
electricity [1, 2]. Despite recent surge of worldwide interest in multiferroic materials, 
very few such materials exist in nature, or have been synthesized in the laboratory  
[3–5] because the usual atomic-level mechanisms driving ferromagnetism and ferro-
electricity are mutually exclusive [6]. Therefore, it has been considered a major chal-
lenge to synthesize more multiferroic materials possessing both ferroelectric and fer-
romagnetic properties at room temperature [7]. 

It is well known that semiconductors have been successfully converted into di-
luted magnetic semiconductors [8] (DMS) by doping with transition-metal elements 
 __________  

∗Corresponding author, e-mail: hgr@zju.edu.cn 



Y. WANG et al. 472

(Fe, Ni, Co, etc.), and DMS have been considered as key functional components of 
many spin-based semiconductor devices [9, 10]. The method to obtain room tempera-
ture ferromagnetism by doping semiconductors with transition metal atoms (Fe, Co, 
Ni, etc.) has offered an alternative approach to achieve room temperature ferromagnet-
ism in ferroelectric materials. For instance, the ferromagnetism in PbTiO3 doped with 
Fe and Mn has been studied [11, 12]. Our group has successfully synthesized a Fe-
doped PbTiO3 ferroelectric material showing ferromagnetism at room temperature 
[13]. Bismuth sodium titanate Na0.5Bi0.5TiO3 (abbreviated to NBT) has been consid-
ered to be an excellent candidate as a key material of lead-free ferroelectric materials 
[14, 15], and here we report that the room-temperature ferromagnetism is also ob-
served in Fe-doped Na0.5Bi0.5TiO3 crystals. The Fe doping concentration was defined 
as the molar ratio of Fe/ (Fe+Ti) in the form of Fe3+ ions. 

2. Experimental 

The chemical reagents were bismuth nitrate (Bi(NO3)3·5H2O), titanium(IV) sulfate 
[Ti(SO4)2], iron nitrate [Fe(NO3)3·9H2O] and sodium hydroxide (NaOH). All the chemi-
cals were analytical grade purity and were used as-received without further purification. 

The hydrothermal process included the following steps: 0.005 mol of Bi(NO3)3, 
0.01 mol of Ti(SO4)2, and an appropriate amount of Fe(NO3)3 were dissolved in 
30 cm3 of diluted HNO3 (10%) to form aqueous solutions. Then, NaOH solution was 
slowly added to the above solution to coprecipitate Ti4+, Bi3+ and Ni2+ ions by constant 
stirring. The precipitate was filtered, and washed with distilled water to remove 3NO ,−

2
4SO − and Na+ ions. Then, the precipitate was mixed with 6 M NaOH solution under 

constant magnetic stirring for 5 min. The suspension solution was poured into 
a stainless-steel Teflon-lined autoclave for hydrothermal treatment. The autoclave was 
sealed and maintained at 200 °C for 12 h. Finally, it was cooled down to room tem-
perature. The obtained products were filtered, washed several times with distilled wa-
ter and absolute ethanol, and then dried at 90 °C for 4 h for characterization. 

X-ray diffraction was performed on an ARL XTRA X-ray diffractometer with 
high-intensity CuKα radiation. The EDS spectroscopy pattern was performed on an  
X-ray energy dispersion spectrometer (GENENIS4000). Scanning electron micro-
scope (SEM) images were obtained from a HITACHI S-4800 device. Magnetic meas-
urement was carried out using a quantum design superconducting quantum interfer-
ence device (SQUID, MPMS XL-5). 

3. Results and discussion 

Figure 1a shows the X-ray diffraction patterns of the Fe-doped Na0.5Bi0.5TiO3 
samples with various Fe doping concentrations. All XRD patterns can be indexed to 
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a pure phase of well-crystallized Na0.5Bi0.5TiO3 with a perovskite structure, suggesting 
that doping of Fe ions up to 10% did not introduce any impurity phase to the system.  

 

Fig. 1. XRD patterns of the as-obtained  
Na0.5Bi0.5TiO3 samples with Fe doping  

concentrations ranging from 0% to 10% (a),  
positions of the (101) diffraction peak for the 

patterns (b), and the EDS spectroscopy pattern  
for the as-obtained Na0.5Bi0.5TiO3 sample  

with 1% Fe doping concentration (c)  

Fe doping does not affect the crystalline structure of the parent compound NBT 
which is important for preserving the ferroelectric properties in Fe-doped 
Na0.5Bi0.5TiO3. An enlarged comparison of the location of (101) diffraction peaks in 
the range of 30°–35° (Fig. 1b) shows that the peak position of the sample slightly 
shifts toward a lower 2θ value in the case of the Fe doping, indicating that the lattice 
parameter a of Na0.5Bi0.5TiO3 is enlarged, due to the larger radius of Fe3+ cations with 
respect to Ti4+ cations. Energy dispersive X-ray (EDS) patterns obtained from the pre-
pared samples (Fe 1%) clearly show the existence of Fe in the obtained samples 
(Fig. 1c). Therefore, according to the above results, it is reasonable to conclude that 
the doped Fe ions had been effectively incorporated into the crystal structure of 
Na0.5Bi0.5TiO3. 

In Figure 2, the magnetizations of the as-prepared Fe-doped Na0.5Bi0.5TiO3 sam-
ples at room temperature are shown. The dependence of magnetization of pure 
Na0.5Bi0.5TiO3 phase is an anti-S type curve, suggesting its intrinsic diamagnetism. 
When the Fe doping is at the level as low as 0.3%, there is no obvious difference in 
the curve. As the concentration of doped Fe approaches 0.6%, the curve gradually 
transits into a weak S-type hysteresis, indicating the emergence of ferromagnetic long-
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range ordering in Fe-doped Na0.5Bi0.5TiO3. Remarkably, a typical hysteresis for ferro-
magnetic materials is observed with Ms ~ 0.005emu/g (ca. 0.05uB/Fe) and the coercive 
field of ca. 100 Oe, indicating that the Fe-doped Na0.5Bi0.5TiO3 (1% doping concentra-
tion) samples do become ferromagnetic even at room temperature. By increasing the 
doping concentration of Fe from 1% to 10% in Na0.5Bi0.5TiO3, the paramagnetic com-
ponent becomes strong. The linearization in M–H curves gradually increases, and the 
variation trend of the curves is similar to that of Fe-doped PbTiO3 and Mn-doped ZnO 
[13, 16]. It could be attributed to the competition between ferromagnetic and para-
magnetic contributions to the magnetism of the samples. 

 

Fig. 2. M–H curve of the as-obtained 
Na0.5Bi0.5TiO3 samples with Fe doping  
concentration ranging from 0% to 10%  

at room temperature 

  

Fig. 3. SEM image of the Fe-doped 
Na0.5Bi0.5TiO3 crystals with 1% Fe  

doping concentration 

Fig. 4. High-resolution TEM image  
of Fe-doped Na0.5Bi0.5TiO3 crystals 
with 1% Fe doping concentration 

As shown in Fig. 2a, pure Na0.5Bi0.5TiO3 shows diamagnetism, doping with Fe is 
the cause of its ferromagnetism (in the case of 1% concentration). One should care-
fully consider the possibility that secondary phase formation is possible. Although 
a secondary phase was not detectable in our XRD, it might exist in the samples. 
Firstly, one can consider what known ferromagnetic impurity phases are possible. 
A metallic Fe cluster is ferromagnetic at room temperature, but it is impossible for it 
to form in the the process under consideration here. Moreover, nearly all of the possi-
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ble Fe-based oxides are antiferromagnetic, such as FeO and Fe2O3. The exception to 
this is Fe3O4. However, even if Fe3O4 were responsible for the ferromagnetic behav-
iour, a further increase up to 10% in the Fe doping concentration would presumably 
enhance the corresponding ferromagnetism. Instead, the opposite behavior is ob-
served. Therefore, the observed ferromagnetism is considered to be an intrinsic prop-
erty of Fe-doped Na0.5Bi0.5TiO3. As shown in Figs. 3, 4, in SEM and high-resolution 
TEM images of the Fe-doped Na0.5Bi0.5TiO3 no elemental Fe or Fe-contained nanopar-
ticles or clusters can be found, confirming that Fe ions had been doped into the 
Na0.5Bi0.5TiO3 lattice. 

An F-center exchange (FCE) mechanism can be employed to explain the ferro-
magnetism in Fe-doped Na0.5Bi0.5TiO3 crystals, proposed by Coey et al. in the case of 
Fe-doped SnO2 thin films [17]. In addition, Fe3+ ion is paramagnetic. Thus, the compe-
tition between ferromagnetic and paramagnetic components will lead to the observed 
variations in Fig.2. 

4. Conclusions 

Room-temperature ferromagnetism was successfully observed in Fe-doped 
Na0.5Bi0.5TiO3 crystals. The magnetism of Fe-doped Na0.5Bi0.5TiO3 crystals can be 
controlled by the Fe doping concentration, exhibiting diamagnetism, ferromagnetism, 
and paramagnetism. The results presented in this study may provide new insights into 
the problem of synthesizing more single-phase multiferroic materials, which will 
hopefully lead to rich and fascinating fundamental physics. 
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Controllable synthesis of ZnO nanostructures 
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Flower-shaped ZnO nanostructures, composed of ZnO nanorods, and sphere-shaped ZnO nano-
clusters, composed of ZnO nanosheets, were synthesized by reacting zinc acetate dehydrate with sodium 
hydroxide and polyethylene glycol-20000 (PEG-20000) at 180 °C for 4 h in solution. The thickness of 
individual nanosheets is about 40–60 nm. The nanorods are of hexagonal shape with sharp tips, and have 
basic diameters of ca. 450–550 nm. The ZnO nanostructures were characterized by scanning electron 
microscropy, transmission electron microscopy, X-ray diffraction, Fourier transform infrared, and Raman 
scattering measurements. The results demonstrated that the synthesized products are single crystalline 
with wurtzite hexagonal phase, the sphere-shaped ZnO grew in the [100] direction and the flower-shaped 
ZnO grew in the [001] direction. 

Key words: nanostructure; zinc oxide; optical properties; self-assembly 

1. Introduction 

Controllable synthesis of semiconductors with nanostructures in terms of size and 
shape has been strongly motivated as their properties can be tailored by shape and size and 
novel applications can be investigated dependent on their structural properties  [1–4]. 
Among various semiconductor nanostructures, a variety of ZnO nanostructures have been 
investigated, showing them to be one of the richest families of nanostructures [5]. ZnO is a 
key technological material that finds uses in a large number of applications in nanoelec-
tronics, piezoelectric devices, optoelectronics, chemical sensors. ZnO has three key advan-
tages. First, ZnO is a semiconductor with a direct wide band gap of 3.37 eV and a large 
exciton binding energy (60 eV). Second, because of its noncentral symmetry (wurtzite 
structure), ZnO is highly piezoelectric, which is a key property in building electrome-
chanically coupled sensors and transducers. Finally, ZnO is a bio-safe and biocompatible 
material, and hence can be used for biomedical applications. 

 __________  
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A variety of ZnO nanostructures have been reported in the literature, for instance, 
nanowires [6, 7], nanorods [8, 9], nanobelts [10], nanotubes [11], hexagonal nanocolumns 
[12], nanobows, nanorings, nanosprings [13, 14], nanostars [15], nanoflowers [16], micro-
spheres and cages [17], aligned nanonails and nanopencils [18], nanosheet networks and 
hexagonal nanodisks [19]. In this study, we investigated a controllable synthesis of single-
crystalline sphere-shaped ZnO and flower-shaped ZnO by a simple solution route.  

2. Experimental 

Zinc acetate dihydrate, sodium hydroxide and PEG-20000 were used as the source 
materials for the synthesis of ZnO, which was carried out at 180 °C in solution. All of 
the chemicals were purchased from the Tian Jin City Tian Xin Refined Chemical Cor-
poration and used without further purification. Equivalent volumes of zinc acetate 
dihydrate (0.5 M) and sodium hydroxide (5 M) were mixed to obtain solution A. 1 g 
of PEG-20000 was dissolved in 4 ml of water by sonication to obtain solution B which 
was then added to 5 cm3 of solution A to obtain solution C. 55 cm3 of distilled water 
was added to solution C under stirring at room temperature to obtain solution D, Solu-
tion D was divided into two portions, and poured into Teflon tubes A and B, respec-
tively. The Teflon tube A was immediately transferred to a Teflon-lined stainless steel 
autoclave, which was then heated at 180 °C for 4 h in an electric oven. The Teflon 
tube B was first kept at room temperature for 12 h, and then transferred to a Teflon-
lined stainless steel autoclave, which was then heated at 180 °C for 4 h in an electric 
oven. ZnO crystalline powders were separated from the solution by filtration, washed 
with distilled water and dried. The ZnO samples obtained from tubes A and B were 
labelled A1 and A2, respectively. 

General morphologies were identified using scanning electron microscopy (SEM). 
The SEM samples were made by dipping a copper grid into the suspension of ZnO 
powder in ethanol and dried at room temperature. The structure and crystal phases 
were determined by an X-ray powder diffractometry (XRD) with CuKα radiation 
(λ = 1.54178 Ǻ), with the Bragg angle ranging from 20° to 80°. The quality and com-
position of the synthesized sphere-shaped ZnO nanostructures were characterized by 
the Fourier transform infrared (FTIR) spectroscopy in the range of 400–4000 cm–1. 
Optical properties were analyzed by the Raman scattering. 

3. Results and discussion 

3.1. Structural characterization of the sphere-shaped ZnO nanostructures 

Figure 1 shows general scanning electron morphologies of synthesized samples. 
Figures 1a, b show the low magnification SEM images and Fig. 1c presents the high 
magnification images of the grown products of A1. The images clearly show the 
flower-shaped structures that are composed of hexagonal nanorods. The magnified 
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All the nanorods are seen to have originated from a single centre exhibiting flower-shaped 
morphologies. Figures 1d, e show low magnification SEM images, and Fig. 1f shows high 
magnification images of the grown products of A2. The images clearly revealed that the 
sphere-shaped structures are formed by the accumulation of several hundred ZnO 
nanosheets. The size of each full array of a sphere-like structure is in the range of 3–4 μm. 

 

Fig. 2. Typical XRD pattern of the synthesized nanostructure:  
the indexed peaks correspond to the wurtzite hexagonal phase 

Figure 2 presents the X-ray diffraction pattern of the synthesized powder. All of 
the indexed peaks are well matched with the bulk ZnO which confirmed that both A1 
and A2 have wurtzite hexagonal structures. No other peaks related to impurities were 
detected in the spectra within the detection limit, which indicated that the synthesized 
powders are pure ZnO. 

  

Fig. 3. Low magnification TEM image of the grown ZnO nanorods (a), HRTEM image  
showing the difference between two lattice fringes (b), being ca. 0.281 nm. The corresponding 

FT pattern (inset) is consistent with the HRTEM observation 
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Figure 3a shows a low magnification TEM image of the ZnO nanorods grown in the 
flower-shaped structures. The presence of ZnO nanorods is clearly evident from this im-
age. The corresponding FFT pattern obtained from the shown nanorods confirmed that the 
synthesized products grew in the [001] direction. Figure 3b shows the HRTEM image of a 
nanorod. The lattice fringes between two adjacent planes is about 0.52 nm, being equal to 
the lattice constant of the ZnO, further indicating that the obtained structure is a wurtzite 
hexagonal phase and predominantly grown along the c-axis [001]. The corresponding FFT 
pattern (inset in Fig. 3b) is consistent with the HRTEM observation [20]. 

 

Fig. 4. Low magnification TEM image of the grown ZnO nanosheets (a) and  HRTEM  
image showing the difference between two lattice fringes (b), which is about 0.281 nm.  

Corresponding FT pattern (inset) is consistent with the HRTEM observation 

Figure 4a shows a low magnification TEM image of the ZnO nanosheets grown in 
the sphere-shaped structures. The ZnO nanosheets are clearly evident from this image. 
The corresponding FFT pattern obtained from the shown nanosheets confirmed that 
the synthesized products are single crystalline and grew in the [100] direction. Figure 
4b shows a high resolution transmission electron microscopy (HRTEM) image of 
a nanosheet. The lattice fringe between two adjacent planes is about 0.28 nm, which is 
equal to the lattice constant of ZnO, indicating that the obtained structure has a wurtz-
ite hexagonal phase and is predominantly grown in the a axis [100] direction. The 
corresponding FFT pattern (inset in Fig. 4b) is consistent with the HRTEM observa-
tion. 

The composition and quality of the product was analyzed by the IR spectroscopy. 
Figure 5 (lower curve) shows the IR spectrum of A1 in the range of 400–4000 cm–1

. 
The band at 571 cm–1 is correlated with zinc oxide [21]. The bands at 3200–3600 cm–1 
correspond to the O–H vibration and the stretching vibration of C=O is observed at 
1430 cm–1. The IR spectrum of A2 in the range of 400–4000 cm–1

. is also shown in Fig. 
5 (upper curve). The band at 560 cm–1 is correlated with zinc oxide. The bands at 
3200–3600 cm–1 correspond to the O–H vibration and the stretching vibration of C=O 
is observed at 1437 cm–1. 
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Fig. 5. Typical IR spectra of the synthesized nanostructures 

3.2. Optical properties of the sphere-shaped ZnO nanostructures 

The optical properties of the synthesized sphere-shaped ZnO nanostructure were 
investigated by Raman scattering. The Raman spectra are sensitive to the crystal qual-
ity, structural defects and disorders of the grown products. With the wurtzite hexago-
nal structure, ZnO belongs to the 4

6VC with two formula units per a primitive cell. The 
primitive cell includes two formula units in which all the atoms occupy the 2b sites of  
 

 

Fig. 6. Typical Raman spectra of the synthesized nanostructures 

the C3V symmetry. The group theory predicts, the existence of the following optical 
modes at the Γ point of the Brillouin zone: Γ = A1 + 2B1+ E1+ 2E2. The A1, E1 and E2 
modes are Raman active. Furthermore, the A1 and E1 are infrared active and split into 
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longitudinal optical (OP) components and transverse optical (TO) components [22]. 
Figure 6 shows the Raman spectrum of the synthesized powder. A sharp and strong 
peak observed at 441 cm–1 is attributed to the optical phonon E2 mode of the ZnO and 
a characteristic Raman active peak for the wurtzite hexagonal phase of ZnO [23]. Two 
very small peaks at 335 and 383 cm–1

 observed in the spectrum are assigned as E2H–E2L 
(multiphonon process) and A1T modes, respectively. Additionally, a very suppressed peak 
at 582 cm–1

 the spectrum was assigned as  E1L mode [24, 25]. The origin of the E1L mode 
in the Raman scattering is explained by the impurities and structural defects (oxygen 
vacancies and Zn interstitials) of the synthesized products. The presence of the high 
intensity E2 mode with the suppressed and very weak E1L peak in the Raman scattering 
indicated that the synthesized sphere-shaped ZnO nanostructures have good crystal quality 
and possess the wurtzite hexagonal crystal structure. 

4. Conclusion 

Synthesis of sphere-shaped ZnO nanostructures composed of ZnO nanosheets and 
synthesis of flower-shaped ZnO nanostructures composed of ZnO nanorods were suc-
cessfully achieved by reacting zinc acetate dihydrate, sodium hydroxide and PEG-
20000 at 180 °C for 4 h in solution. Detailed structural characterizations demonstrated 
that the synthesized products are single crystalline with the wurtzite hexagonal phase, 
the obvious differences are clearly evident from the SEM and TEM data. 
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Au, Au–V and Au–VOx thin films were deposited on Si wafers by a co-sputtering technique. A four-
point probe shows that the electrical resistivity of pure Au thin film on Si wafer without annealing is 7.2 
mΩ·cm. The resistivities of thin films deposited on Si wafers, with or without annealing, tended to in-
crease with the increase in the V and VOx concentrations, and were attributable to the inhibited drift 
mobility of charge carriers within the films. By using the nanoindentation technique, the hardness in all 
cases also tended to increase with the increase in the V and VOx concentrations. The hardness of pure Au, 
without annealing, was 2.52 GPa. It decreased to 1.80 GPa and 1.75 GPa after annealing at 200 °C and 
400 °C, respectively. SEM and TEM analyses revealed the presence of nanosized particles on the surfaces 
of the thin films. XRD analysis of Au–4.00% VOx film deposited on Si wafer detected the presence of 
Au, VO and Si. However, SAED analysis only detected the presence of Au on the film. 

Key words: Au, Au–V, Au–VOx thin films; electrical resistivity; hardness 

1. Introduction 

The development of biological and microelectromechanical systems (MEMS), mi-
croelectronics and optoelectronics has been increasingly important, inspiring a number 
of researchers to investigate new materials for use as thin films [1–3]. Low electrical 
resistivity, good resistance to wear, and biological compatibility are the prime features 
of such materials [1, 2]. Among various thin films, Au/Si is widely used due to its 
chemical stability, low resistivity, good reliability and other factors. These properties, 
influenced by microstructures and processing temperatures [4], deserve further inves-
tigation. Au and its alloys are very attractive for use in many MEMS devices due to 
 __________  
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their low electrical resistivity and good corrosion resistance [1, 2]. Au thin films were 
deposited on substrates using various methods, such as Au films deposited on glass by 
ion beam-induced enhanced adhesion [5], nanoparticle Au films by pulsed laser depo-
sition [6], uniform Au film on glass by microwave-assisted deposition [7], Au thin 
films by Ar sputtering [8] and by thermal evaporation [9], Pt and Au thin films by 
filtered vacuum arc [10] and Au films by electrodeposition [1]. V is a promising ele-
ment which can be used as an alloying element of Au [2]. The electrical properties of 
VOx are also very attractive. They change between metallic and insulating behaviours, 
termed metal–insulator transition (MIT) [11, 12]. VO has metallic conductivity due to 
the overlapping of 3d orbitals of the metal [12]. VO2 exhibits phase change from insu-
lator to metallic state at 68 °C, and V2O5 does so at 250 °C [11]. V2O3 undergoes 
phase transition from semiconductor to metal at –123 °C [13]. It has a low noise prop-
erty due to its low resistivity at room temperature [13]. Therefore, VOx film can be 
used for many applications such as electronic switches, sensors and memory units 
[11]. The purpose of the research was to deposit Au, Au–V and Au–VOx thin films on 
Si wafers by the co-sputtering technique and to investigate their properties. 

2. Experimental 

Au, Au–V and Au–VOx thin films were deposited on Si wafers by dc magnetron 
sputtering under the pressure of 4×10–3 torr Ar pressure. To deposit the Au–V and Au 
–VOx films, two guns were used to control the Au and V compositions. The pressure 
of O2 equal to 10–4 Torr was also applied to the Au–VOx film depositions. Each film 
was deposited until it was 500 nm thick. A part of the deposited films were subject to 
annealing at 200 °C and 400 °C for 1 h. In order to characterize the resistivity, hard-
ness, morphology and phase compositions of the deposited films, the following tech-
niques were employed: a four-point probe method, a nanoindentation technique, X-ray 
diffractometry (XRD), scanning electron microscopy (SEM), transmission electron 
microscopy (TEM) and selected area electron diffraction (SAED). 

3. Results and discussion 

The electrical resistivities of Au and Au–V thin films deposited on Si wafers 
(Fig. 1a) increased with the increase in the V concentrations. These observations show 
that the additional V atoms hindered charged carriers from drifting in the films. The 
resistivities of pure Au thin films, with or without annealing at 200 °C and 400 °C, 
share the same values, namely 7.2 mΩ·cm. For the same V concentrations, their resis-
tivities tended to decrease after high temperature annealing, especially at 400 °C. Dur-
ing the annealing, Au and V atoms were arranged in a systematic array, leading to a 
decrease in resistivity. The resistivities of Au, Au–2.30% VOx and Au–4.00% VOx 
(Fig. 1b), with or without annealing, slowly increased with the increase in the VOx 
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content, and tended to decrease after the annealing. For each of the annealing tempera-
tures, the resistivity of Au–VOx is not as great as that of Au–V. The resistivities of 
Au–4.00% VOx are almost equivalent to those of the corresponding VOx 
–free matrix. They are 17.3 mΩ·cm if the sample is not subject to annealing (TR), 
whereas it measures 17.7 and 10.2 mΩ·cm if subjected to annealing at 200 °C and 
400 °C, respectively. 

 

Fig. 1. Resistivities of  Au, Au–V (a), and Au–VOx (b) thin films deposited on Si wafers  
before (room temperature, TR), and after annealing at 200 °C and 400 °C for 1 h 

The hardness of each thin film deposited on Si wafer was measured ten times. Av-
erages and standard deviations have been calculated (Fig. 2). The hardness of various 
Au and Au–V thin films (Fig 2), with or without annealing, tended to increase with the 
increase in the V concentrations. The hardness of pure Au not subject to annealing 
amounted 2.52 GPa, whereas after annealing at 200 °C and 400 °C it was 
 

 

Fig. 2. Hardness values of Au, Au–V (a) and Au–VOx (b) thin films  
deposited on Si wafers before and after annealing at 200 °C and 400 °C for 1 h 
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1.80 GPa and 1.75 GPa, respectively. In comparison with the values obtained for non-
annealed films, the hardness of the corresponding thin films deposited on Si wafers 
became lower after annealing, due to the grain growth and phase change processes. In 
general, the lowest hardness corresponds to the highest annealing temperature. In the 
case of Au, Au–2.30% VOx and Au–4.00% VOx (Fig. 2b), the hardness also tended to 
increase with the increase in the VOx concentration. The greatest hardness, equal to 
4.00 GPa, was found in non-annealed Au–4.00% VOx. The higher hardness implies 
that VOx particles have the effect of hindering plastic deformation of thin films, by trap-
ping dislocations. The hardness became lower when the films were subject to annealing. 

 

 

Fig. 3. SEM images of: a) Au, b) Au–0.65% V, c) Au–4.60% V and d) Au–4.00% VOx  
thin films deposited on Si wafers after annealing at 200 °C for 1 h 

SEM images show general morphologies of the films. After annealing at 200 °C, 
the Au, Au–0.65% V and Au–4.60% V surfaces (Figs. 3a–c) were composed of 
a number of nanodots or nanoparticles, although the films did contain a variety of V 
concentrations. The average size of pure Au particles was 56 nm. The addition of V to 
Au led to the reduction in their sizes by hindering grain boundary mobility. For the 
Au–4.00% VOx surface (Fig. 3d), a number of nanoparticles were also detected. This 
reflects their properties such as electrical resistivity, surface roughness and hardness. 

TEM image data (Fig. 4a) show that the thin film was composed of a number of 
dispersed, nanosized particles. Different colours (dark, white and gray) appear on the  
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Fig. 4. TEM image (a) and SAED pattern (b) of Au–4.00% VOx 
thin film without annealing at a high temperature 

image, showing that a rough surface had been produced on the wafer. Moiré fringes 
were detected. They are the interference patterns of two crystallographic phases with 
slightly different lattice parameters [14–16]. A SAED pattern (Fig 4b) appears as sev-
eral concentric rings, due to the diffraction of electrons through the polycrystals. The 
rings are diffuse and hollow, showing that the thin film was composed of nanosized 
crystals. Interplanar spaces of the diffraction planes were calculated [17–19] and com-
pared with those computed by the JCPDS software [20]. The pattern corresponds to 
(111), (200), (220), (311), (222), (400), (331) and (420) planes of the polycrystals, 
specified as Au (cubic) with Fm3m space group. The (111) ring has the strongest in-
tensity. No VOx was detected in the research presented here. Its concentration could 
have been too low to be detected. 

Fig. 5. XRD spectrum of Au–4.00% VOx  
thin film deposited on Si wafer without annealing 

at a high temperature  
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The XRD spectrum (Fig. 5) was indexed using Bragg’s law for diffraction, and 
was compared with that provided by the JCPDS software [20]. The spectrum is consis-
tent with the deposition of Au and VOx on Si wafer. It is very sharp, showing that the 
deposited film was composed of crystals. The strongest intensity peak is at 2θ = 38.1°. 
It mainly diffracted from the (111) plane of Au. VO played a relatively minor role in 
the diffraction, due to its low concentration (Au–4.00% VOx). 

4. Conclusions 

Au, Au–V and Au–VOx thin films were successfully deposited on Si wafers using 
a DC magnetron sputtering technique. The resistivities and hardness of thin films de-
posited on Si wafer increased with the increase in the V and VOx concentrations de-
creased after high temperature annealing. The properties were influenced by the num-
ber of nanosized particles and different phases of the thin films. 
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Influence of WO3 content on the optical properties 
of Eu3+-doped Bi2O3–B2O3–WO3 glasses 

Z. WANG*, R. TONG, H. LIN, D. YANG 

School of Chemical Material, Dalian Polytechnic University, Dalian 116034, P.R. China 

Eu3+-doped bismuth borate based glasses with various contents of WO3 were fabricated by melt 
quenching. Optical properties of Eu3+ ions in these ternary systems and their dependence on the WO3 
content were investigated: absorption and emission spectra were studied as the WO3 molar ratio was 
adjusted from 1 to 5 mol %. The Judd–Ofelt parameters were calculated from the emission spectra and 
expressed in terms of reduced matrix Ut (t = 2, 4, 6) characters for optical transitions. The influence of 
WO3 content on the Judd–Ofelt intensity parameter Ω 2 was also investigated. Experimental results lead 
us to conclude that the optimum luminescence of Eu3+-doped bismuth borate based glasses is achieved if 
the WO3 content is 3 mol %. 

Key words: Bi2O3–B2O3–WO3 system glasses; Eu3+ ions; Emission spectrum, Judd-Ofelt parameters 

1. Introduction 

Rare-earth doped glasses have attracted considerable attention owing to their ap-
plications in optical communications, bulk lasers and sensors, etc. [1–4]. Among 
conventional glasses, borate glasses are known to be excellent host matrices of rare 
earth oxides. Bismuth oxide glass has a high refractive index and a low phonon en-
ergy system, which enhances the radiative transitions of rare earth ions and is ex-
pected to have high fluorescence quantum efficiency. Besides, adding a low quantity 
of WO3 improves luminescence, a fact which has been confirmed by optical meas-
urements in TeO2–WO3–Tm2O3 systems [5, 6]. Therefore, we expect that the intro-
duction of WO3 into the bismuth borate matrix will influence the spectral properties 
of rare earth ions. Additionally, doping with suitable rare earth ions is important for 
studying the structure and bonding characteristics of different material: thus Eu3+ 
ions have been chosen due to their unsplit 7F0 ground state and relatively simple 
system of electronic levels [7–12]. 
 __________  
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The Judd–Ofelt theory is used to estimate the local structure and bonding states of 
rare-earth ions in host materials. Some important optical parameters such as the oscil-
lator strength, radiative transition probability, fluorescence branching ratio and radia-
tive lifetime can be calculated by the parameter Ω λ. Up to now, the Judd–Ofelt pa-
rameters have been calculated from absorption and emission spectra of Eu3+-doped 
glasses. However, Gao Tang et al. [9] have shown that the Ω λ parameters obtained 
from the emission spectrum is more reliable than that obtained from the absorption 
spectrum in the case of Eu3+-doped GaF3–InF3–CdF2–ZnF2–PbF2–SnF2 glasses. 

In this paper, we report the optical properties of Bi2O3–B2O3–WO3 glasses doped 
with Eu3+ ions. The Judd–Ofelt parameters were calculated from the emission spec-
trum. The influence of WO3 on the change of Ω 2 was also analyzed. 

2. Experimental 

A series of glass samples in molar composition: (99 – x)[Bi2O3·B2O3]xWO3·Eu2O3 
(x =1, 3, 5 mol %) were prepared. The starting materials were Bi2O3 (99.0%), H3BO3 

(99.5%), WO3 (99.0%), Eu2O3 (99.9%). A batch of 15 g in a platinum crucible was 
melted at 850 °C for 30 min in an electrical furnace. The melt was then quickly poured 
onto a preheated steel block, and the transparent samples were annealed at approxi-
mately the glass transition temperature Tg. Then the glass samples were polished in 
order to facilitate subsequent test measurements. The samples had a typical thickness 
of approximately 0.5 cm. 

The density of the glasses was measured according to Archimedes’ principle. The 
refractive indices of the glass samples were measured according to Brewster’s law 
[13, 14] with an FGY 201 spectrometer. The absorption spectrum of each sample was 
recorded with a Perkin-Elmer Lambda 35 UV-VIS double-beam spectrophotometer. 
The emission spectrum of each sample was obtained with a P-E LS 55 spectro-
fluorimeter. All the spectra were measured at room temperature. 

3. Results and discussion 

3.1. Absorption spectrum 

 Figure 1 shows the absorption spectra of the samples. Three absorption peaks are 
observed in the Eu3+-doped Bi2O3–B2O3–WO3 glasses at 462, 526 and 579 nm. The 
first excited state, 7

1F , is very close in energy to the ground state 7
0F . The absorption 

transitions from 7
1F  cannot be ignored at room temperature [15]. In view of this, the 

absorption peaks corresponding to the following transitions: 7 5
0 2F D→ , 7 5

0,1 1F D→  

and 7 5
1 0.F D→  As can be seen in Fig. 1, the absorption edge wavelength shifts to-
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wards the longer wavelengths as the WO3 content increases because the content of 
Bi2O3 with intense absorption at UV relatively decreases. However, several absorption 
 

 

Fig. 1. Absorption spectra of Eu3+-doped Bi2O3–B2O3–WO3 glasses 

bands of Eu3+ ions in the ultraviolet range were covered with strong absorption bands 
of the host glasses, especially Bi2O3. Only three weak absorption peaks were observed, 
ranging from 460 to 600 nm.  

3.2. Emission spectrum and the Judd–Ofelt theory  

Figure 2 shows the emission spectra of Eu3+-doped Bi2O3–B2O3–WO3 glasses in 
the 550–750 nm region. From the figure, it is clear that there are four peaks at around 
590, 615, 650 and 698 nm in the spectrum corresponding to 5 7

0 1D F→ , 5 7
0 2D F→ , 

3
7

0
5 FD →  and 4

7
0

5 FD →  transitions, respectively. As seen in Fig. 2, the band around 
615 nm is most intense, thus Eu3+-doped Bi2O3–B2O3–WO3 glasses emit bright red 
light under UV light excitations. Furthermore, the intensity of the transitions initially 
increases and then subsequently decreases as the of WO3 content increases: the most 
intense light emitted by the glasses appears when the WO3 content is 3 mol %. 

The Judd–Ofelt theory [16, 17] provides a very useful method for analyzing the 
local structure around rare-earth ions. As in this glass system some absorption peaks 
of Eu3+ ions at the ultraviolet range could not be observed and other peaks were very 
weak, we are unable to accurately calculate the Judd–Ofelt parameters from the ab-
sorption spectra. More recently, some scholars have extended the Judd–Ofelt theory 
by calculating the optical parameters from the emission spectrum [14, 18].  



Z. WANG et al. 496

 

Fig. 2. Emission spectra of Eu3+-doped Bi2O3–B2O3–WO3 glasses (λexc = 465 nm) 

Based on the optical transition law of rare-earth ions [19], the 
( )5 7

0 2,4,6JD F J→ =  transition is allowed by the electric dipole, and electric dipole 
radiative transition probability Aed can be calculated from the formula: 

 
( )224 2 3 2

2,4,6

264π
3 2 1 9

t
ed t

t

n ne vA J U J
h J

Ω ψ ψ
=

+
′ ′= ×

′ + ∑   (1) 

where e, c and n are the charge of electron, velocity of light and refractive index of the 
glasses, respectively; h is the Planck constant, ν  is the average wavenumber of the 
transition, J is the quantum number of angular momentum of the initial state and J ′ is 

that of the final state. 
2

tJ U Jψ ψ ′ ′ represents the square of the matrix elements of 

the unit tensor operation Ut connecting the initial and final states and the its value for 
the Eu3+ ion is given in Table 1. The 5 7

0 1D F→  transition is allowed by the magnetic 
dipole, and the magnetic dipole radiative transition probability Amd is given by: 

 
4 3

364π
3 2 1md md

vA n S
h J

=
′ +

  (2) 

where Smd is the line strength for magnetic dipole transition. The local rare earth envi-
ronment does not affect Smd, thus it is generally accepted as a constant. The value of 
Smd can be obtained from 

 
2 2 2

2 2 216π
t

md
e hS J U J

m c
ψ ψ ′ ′=   (3) 
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Table 1. Square of the matrix elements for ( )5 7
0 2, 4, 6JD F J→ =  of Eu3+ ions 

Parameter 
Transition 

5D0→7F2 5D0→7F4 5D0→7F6 
U(2)2 0.0032 0 0 
U(4)2 0 0.0023 0 
U(6)2 0 0 0.0002 

 
Neglecting the fact that the different transition wavelengths of 5 7

0 1D F→  and
( )5 7

0 2,4,6JD F J→ = should result in a difference in the refractive index, the transi-
tion intensity ratio of the electric dipole to the magnetic dipole is as follows: 

 
( )
( )

( )2232 2

3 2

2

9
J tJ

J
md mdmd

I v dv nve J U J
S v nI v dv

Ω ψ ψ
+

′ ′= ×∫
∫

   (4) 

Thus the optical transition intensity parameter Ω J can be calculated from Eqs. (1)–(4). 
Since the emission band for the 5 7

0 6D F→  transition centres at around 810 nm could 
not be detected, due to measurement limitations, we can only determine the value of 
Ω 2 and Ω 4. As a matter of fact, the parameter Ω 6 can be negligibly small compared 
with Ω 2 and Ω 4, because U(6)2 is comparatively small. The value of Ω J (J = 2, 4) is 
given in Table 2. 

Table 2. Transition intensity parameter Ω J (J = 2, 4) and refractive index n 

x Ω2 (10–20cm2) Ω4 (10–20cm2) n 
1 3.83 1.70 2.3790 
3 3.37 1.39 2.3751 
5 3.75 1.44 2.3711 

 
According to previous studies, Ω 2 is a useful parameter, because it is sensitive to 

the local symmetry of the ligand field and bond covalency [19–21]. The value of Ω 2 
increases as the local symmetry of the ligand field decreases and as the bond cova-
lency increases. It is necessary to consider these two aspects. The structure units 
([WO4] or [WO6]) of WO3 gradually participate in the glass network as the WO3 con-
tent increases, these then lower the symmetry of the glass network, thus leading to an 
increase in the value of Ω 2. On the other hand, the electric field of W6+ has a strong 
attraction to the O2– ion, the W6+ ion decreases the covalency of Eu–O by means of 
increasing the Eu–O distance, because the attractive function of W6+ to the O2– ion is 
higher than to the Eu3+ ion. From Table 2, we can see that Ω 2 shows a minimum when 
the WO3 content is 3 mol %, Ω 2 tends to decrease initially and then to increase subse-
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quently. When the content of WO3 is lower than 3 mol %, the influence of WO3 on the 
covalency of Eu–O plays a dominant role in changing Ω 2 compared with the local 
symmetry of the ligand field, so the value of Ω 2 initially decreases. However, the 
value of Ω 2 increases as the WO3 content increases beyond a critical level, thus the 
influence of the WO3 content on the symmetry of the ligand field plays a dominant 
role in changing Ω 2 compared with the covalency of Eu–O. 

4. Conclusions 

Eu3+-doped Bi2O3–B2O3–WO3 glasses having different WO3 contents were pre-
pared. The Judd–Ofelt parameters Ω 2, Ω 4 for Eu3+ were calculated from the emission 
spectra. The bright red emission is observed in Eu3+-doped glasses under UV light 
excitations. It is found that the glass with 3 mol % WO3 content has the best optical 
properties in this system. The effect of WO3 on the change of Ω 2 was also analyzed. 
When the content of WO3 is lower than 3 mol %, the influence of WO3 on the cova-
lency of Eu–O plays a dominant role in changing Ω 2, compared with the local symme-
try of the ligand field, thus the value of Ω 2 initially decreases. However, the value of 
Ω 2 increases as the WO3 content increases beyond a critical level; this is due to the 
influence of WO3 on the symmetry of the ligand field, which plays a dominant role in 
changing Ω 2, compared with the covalency of Eu–O. 

Acknowledgements 

The authors gratefully acknowledge the financial support of the Science and Technology Foundation 
of Liaoning Province (20041067) and the Technology Foundation of Dalian City (2004166) 

References 

[1] SAMSON B.N., MEDEIROS NETO J.A., LAMING R.I., HEWAK D.W., Electron. Lett., 30 (1994), 1617. 
[2] JACKSON S.D., Appl. Phys. Lett., 83 (2003), 1316. 
[3] CHIODINI N., PALEARI A., BRAMBILLA G., TAYLOR E.R., Appl. Phys. Lett., 80 (2000), 4449. 
[4] TRIPATHI G., RAI V.K., RAI S.B., Optics Comm., 264 (2006), 116. 
[5] CENK S., DEMIRATA B., ÖVEÇOGLU M.L., ÖZEN G., Spectrochim. Acta Part A., 57 (2001), 2367. 
[6] ÖZEN G., AYDINLI A., CENK S., SENNAROĞLU A., J. Lumin., 101 (2003), 293. 
[7] PISARSKI W.A., PISARSKA J., DOMINIAK DZIK G., MĄCZKA M., RYBA ROMANOWSKI W., J. Phys. 

Chem. Solids., 67 (2006), 2452. 
[8] CHAKRABARTI R., DAS M., KARMAKAR B., ANNAPURNA K., BUDDHUDU S., J. Non-Cryst. Solids., 353 

(2007), 1422. 
[9] TANG G., ZHU J.Q., ZHU Y.M., BAI C.Y., J. Alloys Compd., 453 (2008), 487. 

[10] LIM K.S., LEE S., TRIN M.T., KIM S.H., LEE M., HAMILTON D.G., GIBSON G.N., J. Lumin., 122–123 
(2007), 14. 

[11] NOGAMI M., J. Lumin., 92 (2001), 329. 
[12] RAMI REDDY B., J. Non-Cryst. Solids., 352 (2006), 483. 
[13] KAPLAN S.G., HANSSEN L.M., Opt. Eng., 239 (1998), 3425. 
[14] RUTT H.N., Infrared Phys. Technol., 38 (1997), 31. 



Eu3+-doped Bi2O3–B2O3–WO3 glasses 499

[15] DEJNEKA M., SNITZER E., RIMAN R.E., J. Lumin., 65 (1995), 227. 
[16] JUDD B.R., Phys. Rev., 127 (1962), 750. 
[17] OFELT G.S., J. Chem. Phys., 37 (1962), 511. 
[18] EPPENDORFF-HEIDEPRIEM H., EHRT D., J. Non-Cryst. Solids., 208 (1996), 205. 
[19] RIBEIRO S.J.L., DINIZ R.E.O., MESSADDEQ Y., NUNES L.A., AEGERTER M.A., Chem. Phys. Lett., 1994 

(220), 214. 
[20] TANABE S., J. Non-Cryst. Solids., 259 (1999), 1. 
[21] AHRENS H., WOLLENHAUPT M., FRÖBEL P., JUN LIN, BARNER K., SUN G.S., BRAUNSTEIN R., J. Lu-

min., 82 (1999), 177. 

Received 22 August 2008 
Revised 12 November 2008 

 



Materials Science-Poland, Vol. 27, No. 2, 2009 

Synthesis of claw-like CuO and its catalytic activity 
in the thermal decomposition of ammonium perchlorate 
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Claw-like CuO was prepared by solution process at 100 °C simply by using copper nitrate and 
hexamethylenetetramine for 3 h. The structure and morphology of resulting CuO powders were character-
ized by X-ray diffraction, scanning electron microscopy and transmission electron microscopy. CuO 
nanocrystals were studied as an additive for promoting the thermal decomposition of ammonium perchlo-
rate. With the addition of the claw-like CuO nanocrystals, thermal decomposition temperature of ammo-
nium perchlorate decreased. CuO nanocrystals showed catalytic activity on the decomposition of ammo-
nium perchlorate. 

Key words: nanostructure; crystal growth; chemical synthesis; catalytic activity 

1．Introduction 

In recent years, the research into the shape control of various nanostructures has 
been widely developed because of their morphology dependent properties. Such re-
search concentrated not only on metal and semiconductor nanostructures but also on 
transitional metal oxide nanostructures. Copper oxide (CuO), as an important oxide of 
transitional metal with a narrow band gap (Eg = 1.2 eV), has been extensively studied 
because of its importance for fundamental investigations and practical applications 
such as heterogeneous catalysts [1–3], gas sensors [4], and electrode materials [5, 6]. It 
is also a promising material for fabricating solar cells [7], due to its photoconductive 
and photochemical properties. Because of the practical reasons mentioned above, the 
synthesis of nanostructured CuO has also attracted considerable attention. To this end, 
various techniques have been used including precursor thermal decomposition [8], 
hydrothermal methods [9–11], solid-phase methods [12], wet-chemical methods 

 __________  
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[7, 13], hydrolysis route [14], electrochemical methods [15], template-free solution 
route [16], and chemical deposition method [17]. 

Up to now, there have been many reports about the preparation of CuO nanostruc-
tures such as nanorods [6, 7, 13], nanowires [12, 18], nanosheets [19] nanoparticles 
[20], nanoplatelets [11], nanowhiskers [21], nanoribbons [13], Other than morpholo-
gies of CuO structures, some complex structures of CuO have also been reported in 
the literature, such as flower-like [14, 17], sheaf-like [22], dendrite-like [9], doughnut-
like [8], and sphere-like structures [4, 23]. However, the obtained morphology (claw, 
flower,) in these reports is limited. 

In this paper, a simple chemical precipitation method is employed to synthesize 
CuO nanostructures in the presence of aqueous solution of hexamethylenetetramine. 
Without using templates, surfactants or additives, this route is capable of synthesizing 
a variety of complex CuO structures, including claw-like structures, and multilayer 
flower-like ones. These structures consist of nanometer-sized CuO crystals self-
organized into micrometer-sized flower-like with a hierarchical architecture. The in-
fluence of reaction time on morphology of the CuO nanostructure is examined. In 
addition, the catalytic effect of the as-synthesized CuO was studied in this paper. The 
claw-like CuO nanostructures showed effective catalytic activity on the decomposition 
of ammonium perchlorate. 

2．Experimental 

Synthesis of samples. Copper nitrate (Cu(NO3) 2·3H2O), hexamethylenetetramine 
(HMTA, C6H12N4) were all analytical reagents. In a typical procedure, 3.62 g of 
Cu(NO3) 2·3H2O was dissolved in 150 cm3 of deionized water under stirring. Then, 
0.05 M aqueous solution of hexamethylenetetramine was added into the above solu-
tion under constant stirring at room temperature, forming a blue aqueous solution with 
pH equal to 5.0. The obtained solution was then heated and refluxed with continuous 
stirring at 100 °C for 3 h in a three-necked refluxing pot. During refluxing, the tem-
perature of the solution was controlled by manually adjustable thermocouple. After 
cooling to room temperature, the products were filtered, washed with deionized water 
and ethanol for several times, and finally dried in ambient environment. The product 
was labelled as sample A. Reaction time extended to 5 h, other conditions kept un-
changed, the product was labelled as sample B. 

Characterization of samples. The morphologies of products were determined by 
scanning electron microscopy (SEM, JSM-6480A), equipped with EDS (energy dis-
persive spectroscopy), and transmission electron microscopy (TEM, Philips CM 200 
FEG, 160 kV). The structure and crystal phases were characterized by power X-ray 
diffraction (XRD) with CuKα radiation, wavelength λ = 1.54178 Å (Rigaku D/Max-
IIIA).The study of the thermal behaviour of the CuO nanocrystals was carried out with 
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an STA 409 PC thermal analyzer at the heating rate of 10 °C·min–1 from 35 °C to 450 

°C under argon atmosphere and under ambient atmospheric pressure. The quality and 
composition of the synthesized flower-shaped CuO nanostructures were characterized 
by the Fourier transform infrared (FT-IR) spectroscopy in the range of 400–4000 cm–1. 

Catalytic activity measurements. The catalytic activities of claw-like CuO nanos-
tructures in the thermal decomposition of AP were studied by TG technique using the 
STA 409 PC thermal analyzer at the heating rate of 10 °C·min–1 in an Argon atmos-
phere over the temperature range of 35–450 °C. In this experiment, the CuO powders 
and NH4ClO4 were thoroughly mixed in the mass proportion of 2:98 to prepare the 
target samples for thermal decomposition analyses. A total sample mass of 3.0 mg was 
used in all runs. In this work, open alumina crucibles were employed for all runs in 
order to eliminate possible catalytic impacts from noble metals. 

3. Results and discussion 

In Figure 1, typical XRD patterns for the sample series are shown. XRD patterns 
of the samples thus obtained matched well the standard data for bulk CuO, while no 
impurity peaks from secondary phase of Cu2O or Cu were detected. In addition, the 
EDS (Fig. 2c) spectrum reveals that the atomic ratio of Cu to O is equal to 1:1. There-
fore, it is obvious that the sample is composed of pure monoclinic phase CuO which is 
consistent with the XRD pattern. 

Fig. 1. XRD pattern of the CuO nanostructures; 
with reaction time 3 h (curve a) and 5 h  

(curve b); vertical lines represent the standard 
diffraction data of CuO from JPCDS file  

The particle size and morphology of CuO nanocrystals were investigated using 
SEM (Fig. 2) and TEM (Fig. 3). 

First, we briefly summarized the preparation conditions that yielded pure phase 
CuO nanocrystals with various reaction times. When CuO nanocrystals were prepared 
in solution at 100 °C simply by using copper nitrate and hexamethylenetetramine 
(HMTA) for 3 h, the morphologies of claw-like CuO nanocrystals with uniform shape 
and size were obtained on a large scale (Fig. 2a). 
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Fig. 2. SEM images of CuO nanostructures:  

a) claw-like, b) flower-like, c) EDS of the sample A 

When the reaction time extended to 5 h, the morphologies of CuO flower-like 
structures were investigated (Fig. 2b). Further structure characterization was carried 
out by the TEM equipped with the FFT setup. Figures 3a–c show the low magnifica-
tion TEM images of the claw-like CuO nanocrystals, flower-like structures and build-
ing blocks. The lattice fringes can be easily observed from the HRTEM image. The 
lattice fringe corresponding to (110) (d = 0.25 nm) crystallographic planes of CuO is 
presented in Fig. 3d, which is consistent with the Fourier diffractogram shown in the 
inset. In addition, the crystal plane spacing (d = 0.25 nm) was calculated in the Gatan 
Digital Micrograph and the photos were disposed by the Adobe Photoshop Image. 

The quality and compositions of the synthesized CuO structures, shown in Fig. 4, 
were characterized by the Fourier transform infrared (FTIR) spectroscopy in the range 
of 400–4000 cm–1. Several bands appeared in the FTIR spectrum of the as-grown 
sample. The presence of a weak absorption at 3444 cm–1  is caused by the stretching 
vibration of the adsorbed water and surface hydroxyls. No infrared active modes from 
Cu2O were detected. The absorption bands at 1673 cm–1 are bending vibrational modes 
of combined water molecules. The appearance of a weak and small absorption peak at 
2339 cm–1 could be ascribed to CO2 present in air.  Absorption bands observed at 
490, 433 cm–1 are characteristic of Cu–O vibrational modes. The absorption band at 
1412 cm–1 was also found in the spectrum which was attributed to the presence of CH 
plane bending vibrations. 
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Fig. 3. Low magnification TEM image of CuO nanostructures: a) claw-like, b) flower-like, 
c) low magnification TEM image of primary building units, d) HRTEM image of sample A showing 

the difference between two lattice fringes being ca. 0.252 nm using a Gatan Digital Micrograph.  
Corresponding FFT pattern (inset) is consistent with the HRTEM observation 

 

Fig. 4. FT–IR spectrum of the as-obtained  
final product A 

Fig. 5. TG curves for pure AP, mixtures of AP 
with addition of CuO nancrystals by the solution 

process in reaction times of 3 h and 5 h 
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To study the catalytic properties of the as-prepared CuO nanocrystals, the thermal-
decomposition of the mixture of as-prepared CuO and NH4ClO4 was studied. Figure 5 
shows TG curves for pure AP and mixtures of AP with CuO nanostructures. The de-
composition of pure AP generally extends from 322 to 412 °C. Addition of CuO 
nanostructures in AP led to a significant reduction of the ending decomposition tem-
perature, to 350 °C and 353 °C, respectively. 

4. Conclusion 

Claw-like or flower-like morphologies of CuO have been synthesized in a large-
quantity via simple solution process at low temperature of 100 °C without the use of 
any complex instruments and reagents. The morphologies and crystallization of the as-
prepared CuO were mainly determined by the molar ratio of hexamethylenetetramine 
(C6H12N4) to Cu(NO3)2, reaction temperature and reaction time. The detailed structural 
investigations revealed that the as-grown products are nanocrystalline pure CuO pos-
sessing a monoclinic structure. The products show an effective catalytic activity on the 
decomposition of NH4ClO4. With the addition of nanocrystalline CuO, the temperature 
of thermal decomposition of AP decreased. 
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A chemiresistive sensor was fabricated by the chemical modification of multi-walled carbon nano-
tubes (MWNTs) and chemical oxidation of polyaniline (PANI). The resistances of the sensing film sam-
ples against 100, 250, 500, 1000 ppm explosives (picric acid (PA), 2,6-dinitrotoluene (2,6-DNT) and 
2,4,6-trinitrotoluene(TNT)) agents were investigated. The MWNTs with various wt. % PANI agents were 
characterized by TGA, SEM, FTIR and Raman spectroscopy, respectively. The experimental results 
showed that 1wt. % MWNTs and 10, 5, 1wt. % PANI sensor samples provided high sensitivity, excellent 
selectivity and good reproducibility to PA and 2,6-DNT vapours. In addition, principal component analy-
sis (PCA) was applied to distinguish the performance of PA, 2,6-DNT and TNT agents. Our results indi-
cate that the electric detection of explosive agents is possible with simply fabricated MWNTs–PANI 
devices.  

Key words: multi-walled carbon nanotubes; polyaniline; explosive; PCA 

1. Introduction 

During recent years, explosives-based terrorism has grown enormously because 
explosive-based weapons are simple to make, easy to deploy, and can cause extremely 
large damage. Detecting explosives is a challenging task, because of a number of fac-
tors such as the low mass of explosives, frequent introduction of novel explosive com-
positions, and variety of concealment techniques [1]. Recently, many researchers have 
 __________  
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attempted to detect explosive gases using various methods, including electrical con-
ductivity of metal oxide semiconductors, quadrupole resonance, X-ray diffraction, 
electron capture detection and ion mobility spectrometry. Those techniques, however, 
are expensive and require frequent calibration [2]. Therefore, the fabrication of a more 
reliable and inexpensive technique with stable sensors, and the ability to adjust the 
pattern recognition routine according to the variation in the explosives adsorptive ma-
trix such as electrochemical/chemical polymer and nanostructure sensors is needed. 
Chemical sensors for the rapid detection of explosives are important because they 
have potential applications, such as tactical and humanitarian demining, remediation 
of explosives manufacturing sites and forensic and criminal investigations [3]. 

Since fast and accurate detection of explosives is essential to protect human be-
ings, many researchers have already attempted to detect nitro-aromatic explosive gases 
using various kinds of sensors. The explosives are mainly classified into four specific 
types such as trinitrotoluene (TNT), tetryl, picric acid and dinitrotoluene (DNT). In-
vestigations using MEMS explosive sensors based on piezoresistive silicon micro-
cantilevers to the desorption of explosive TNT, PETN and RDX vapours from under 
ambient air have also been carried out [4]. 

Carbon nanostructures show unique properties and morphological flexibility 
which makes them multifunctional and compatible with organic and inorganic sys-
tems. In other words, the gas sensor fabricated with multi-walled nanotubes (MWNTs) 
may work at room temperature [5]. But it did not receive much attention due to its low 
sensitivity.  

At present, analyses of this kind are possible exclusively within the confines of 
sophisticated research laboratories. “Nanostructure–polymer” detectors of explosives 
have to be portable, fast-acting, cheap, simple to operate, and they have to be very 
sensitive and selective to gases under detection. The sensor array described consists of 
various highly sensitive electrode carbon nanotube based sensors with metal assem-
blies, and carbon nanotubes coated with polymers. The viability has been established 
of semiconductor metal oxides (SMO) thick-film gas sensors prepared using cheap 
commercial sensor platforms and a very simple drop-coating technique accompanied 
with in situ annealing of the deposited films by integrated heaters [6]. In addition, 
MWNTs and polyaniline films deposited on glassy carbon (GC) electrodes by the layer-
by-layer method and have shown to be excellent amperometric sensors for H2O2 [7].  

Conducting polymers are an important and interesting class of organic conductors 
for molecular electronic devices. Polyaniline (PANI) is regarded as one of the most 
technologically promising conducting polymers because of its ease of preparation, low 
cost, high environmental stability and relatively stable electrical conductivity [8–10]. 

The aim of this study is to analyze the suitability of multi-walled carbon nano-
tubes (MWNTs)–PANI sensor arrays for the identification of certain gases, which 
swell reversibly and cause changes of resistance with a wide variety of chemical ex-
plosives in the gas/vapour concentrations at 1000, 500, 250, 100 ppm levels. Thereaf-
ter, the responses are examined to simulate the gases of trinitrotoluene (TNT),  
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2,6-dinitrotoluene (2,6-DNT) and picric acid (PA). Principal component analysis 
(PCA), one of the statistical classification methods, was performed, in order to classify 
these three test gases [11]. 

2. Experimental 

Materials. Multi-walled carbon nanotubes were produced by the chemical vapour 
deposition (CVD) method, with the nominal outside diameter (OD) of 10–20 nm. All 
chemicals (aniline, acetonitrile, methanol, 1-methyl-2-pyrrolidone) used were AR 
grade, The explosive agents (Cerilliant) were fabricated in our laboratory. Ammonium 
persulphate was used as an oxidizing agent for the preparation of the polyaniline. 

 Preparation of polyaniline. 2.0 moles of dodecylbenzenesulfonate were dissolved 
in 1 cm3 of aniline and allowed to stand at room temperature for 1 h. The ammonium 
persulphate ((NH4)2S2O8 ) solution was then added to 20 cm3 of deionized water, with 
constant stirring, over a period of 30 min. The resulting deep-blue solution was re-
moved and allowed to stand at room temperature for 12 h, then it was vacuum filtered 
and rinsed several times with deionized water (1.0 dm3) followed by rinsing with 
methanol (1.0 dm3). Polyaniline (Scheme 1) was allowed to remain under vacuum 
until it became a dark blue powder. 

 

Scheme 1. Polyaniline (PANI) 

Preparation of thin film (layer-by-layer), The first MWNTs (1 wt. %) layer-
modified electrode was prepared by casting 5mg/cm3 methylethylketone (MEK) of the 
dispersion on the surface of an interdigitated microelectrode device, which was air-
dried at room temperature. When the methylethylketone had volatilized, an MWNTs 
film was formed. The PANI layer was then formed from the PANI solution 
(5 mg/cm3, 1 M NMP) ultrasonicated for 10 min and deposited on the MWNT-
modified microelectrode, which was vacuum-dried to form the sensing film.  

Sensor measurements and characterization. Sensor response was measured using 
a customized interdigitated microelectrode (IME) device, having 12 pairs of gold elec-
trodes 1 mm wide with the 1 mm spacing on an SiO2 wafer substrate. A computer-
interfaced multi-channel home-made multimeter was used to measure the lateral resis-
tance of the nanostructured coating on IME. The resistance and frequency measure-
ments were performed simultaneously under a computer control. All experiments were 
performed at room temperature. The gas flow was controlled by a calibrated Aalborg 
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mass-flow controller (GFM-17), and the flow rates of the vapour stream were 
100 cm3/min. The vapour generating system followed the gas standard generator 
(KIN-TEK, Laboratories Inc. 670C). The vapour stream was produced by bubbling 
dry gas through a bubbler of the vapour solvent using a controller to manipulate va-
pour concentration. We measured the resistance percentage, and used the relative dif-
ferential resistance change ΔR/R0 for the evaluation of the vapour sorption responses. 
ΔR is the difference of the maximum and minimum values in the resistance response, 
and R0 is the initial resistance of the film. The gas devices were housed in a Teflon 
chamber (inner diameter of 1/8 inch) with tubing connections to vapour and air pump 
sources. The setup of the vapour generating system followed the standard protocol. 
The vapour concentration in the unit was calculated from the weight loss and the vol-
ume of the analyte in the air. 

The resistance measurement apparatus. An air pump was used for supply-
ing/removing the carrier gas. Various concentrations of vapours were generated using 
an impingement system. At the beginning of the experiment, the test chamber was 
purged with air for 30 min to ensure the absence of air and also to establish the base-
line. During the experiments, the test chamber was purged with air for 10 min and 
then with test vapour for 5 min at the desired vapour concentration. 

The functionalized MWNTs–PANI samples were characterized using several 
techniques. A Fourier-transform infrared (FTIR, Brucher VECTOR22 spectrometer of 
Varian) spectrometer was used to examine the types of functional groups present in 
those samples. Raman spectra, with the excitation in the visible range of a HeNe 
633 nm laser, were captured on a Renishaw inVia Reflex Raman microscope using an 
objective of the 50× magnification and 10 s accumulation time. The power was always 
kept low to avoid destruction of the samples. A thermo-gravimetric analyzer (TGA), 
manufactured by the TA Co. of America, was used to determine the content of 
MWNTs–PANI under air flow at the heating rate of 10 °C/min. The observation of 
polyaniline morphology was performed by a JSM-6500F scanning electron micro-
scope (SEM). 

3. Results and discussion 

The TGA analyses have been carried out on carbon nanotubes to investigate the 
content of PANI on the MWNTs surface. Figure 1 shows the TGA curves of 
MWNTs–PANI and of pure PANI samples. In curve a, the weight loss of 18.72% can 
be attributed to the decomposition of PANI in the MWNTs–PANI. In contrast, the 
57% weight loss of pure PANI occurred at 972 °C, resulting from thermal decomposi-
tion of the PANI sample (Fig. 1, curve b). The weight loss of the MWNTs–PANI is 
mainly due to the depolymerization of PANI chains; we can therefore assume that, the 
weight percentage of PANI on the MWNTs surface can be estimated to be 18.72%. 
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Fig. 1. TGA traces of 1 wt. % MWNTs 
–10 wt. % PANI (a) and pure PANI (b) 

Fig. 2. FTIR spectra of MWNTs (a),  
MWNTs–PANI (b), pure PANI (c) 

While the TGA data allows one to determine shows the concentration of PANI on 
the MWNTs surface, it does not provide any significant evidence as to the chemical 
bonding of the PANI onto the MWNT surface. Fortunately, it can be shown from 
FTIR spectra that the PANI was attached to the MWNTs. Figure 2 depicts the FTIR 
spectra of MWNTs, PANI and MWNTs–PANI. The characteristic absorption band of 
PANI is 1582 cm–1 (N=Q=N) and 1117 cm–1 (C–N) (Fig. 2, curve c), while the absorp-
tion peaks of MWNTs–PANI composite shift to 1584 cm–1 and 1130 cm–1 (Fig. 2, 
curve b). The absorption peak of the MWNTs–PANI composite is thus shifted by ca.  
2 cm–1 and 13 cm–1 when compared to that of the pure PANI. These results indicate 
that intermolecular interactions exist between MWNTs and PANI. As shown in Fig. 2, 
curve a, pure MWNTs has no peak between 2000 cm–1 and 600 cm–1. 

Fig. 3. Raman spectra of carbon  
nanotubes covered with PANI: pure PANI (a), 

pure MWNTs (b), 5 wt. % PANI–1 wt. % 
MWNTs (c), 10 wt. % PANI–1 wt. % MWNTs 

(d), 1 wt. % PANI–1 wt. % MWNTs (e)  

Figure 3 shows that Raman spectroscopy is a useful tool for the characterization of 
PANI and MWNTs composite materials. A typical G-band (derived from the graphite-
like mode) is situated at 1599 cm –1 in the spectrum of neat CNT. In contrast with the 
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graphite G-band, which exhibits a single Lorentzian peak, the band for CNT has 
a shoulder extending to higher wavenumbers. The disorder-induced D-band is situated 
at 1337 cm–1 and its second-order harmonic D0 band is found at 2656 cm–1 (Fig. 3, 
curve b). After coating of CNT with PANI, the spectrum of this polymer is dominant 
in all samples. This observation confirms that good coverage of CNT with PANI has 
been achieved. The peaks in the spectra are typical of protonated PANI and are located 
at 1599, 1510, 1337, 1169, 827 and 578 cm–1 (Fig. 3, curve a). Their positions remain 
practically unchanged for all contents of CNT. We have observed a relative decrease 
and a shift of the second-order of the disorder-induced band D0 which indicates a less 
perfect structure for the nanotubes embedded in the polymer (Fig. 3, curves c–e) [12]. 

 

 
Fig. 4. SEM images of pure PANI (a),  

MWNTs (b), MWNTs–PANI (c) 

Scanning electron micrographs (SEM) of the MWNTs and PANI are shown 
in Fig. 4. In these micrographs, PANI can be seen as an amorphous region. The sur-
face of the particles is not smooth; lumps and holes (about 100 nm) in the material are 
visible (Fig. 4a). This uneven surface is a good property for gas adsorption. As shown 
in Fig. 4b, the SEM images also reveal that the MWNTs, with the diameter ranging 
from 30 to 80 nm, are well distributed on the surface and that most of the MWNTs are 
in the form of small bundles or single tubes. Such small bundles and single tubes as-
sembled homogeneously on the substrate are believed to improve sensor performance 
because most of well-dispersed MWNTs are electrochemically accessible. In contrast, 

a) b) 

c) 
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Fig. 4c shows that depositing PANI on MWNTs film produces a layer-by-layer mor-
phology : agglomeration and holes on the surface of the film were also observed. The 
larger diameter of PANI covered MWNTs compared with the neat MWNTs is visible. 

 

Fig. 5. Sensor response patterns (left) and fit-linear values (right) to TNT  
with an array of three weight percentages MWNTs/PANI sensing films 

  

Fig. 6. Sensor response patterns (left) and fit-linear values (right) to 2,6-DNT  
with an array of three weight percentages MWNTs/PANI sensing films 

  

Fig. 7. Sensor response patterns (left) and fit-linear values (right) to picric acid  
with an array of three weight percentages MWNTs/PANI sensing films 
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The anchoring of PANI covering the MWNTs surface can impart its compatibility 
and transfer the electron, which greatly improves the responsiveness and reversibility 
of the materials. The response of the MWNTs–PANI composite film to three explo-
sive vapours has been examined, as shown Figs. 5–7. Herein, the relative resistance 
responsivity is defined as S = ((ΔR)/R0)×100%, where R0 and R are the original resis-
tance and the maximum resistance of the film upon exposure to the above explosive 
vapours, respectively. The resistance of the sensors was in the range of 20–100 kΩ. 

As shown in Figs. 5–7, the responsivities of the MWNTs- PANI systems to TNT, 
2,6-DNT, PA are about 1.18 and ca. 5.51, respectively. However, only very small 
responsivities to any other explosive vapours were observed, for example to TNT. All 
these facts mean that the 10 wt. % MWNTs–PANI sensor has a stronger anti-jamming 
capacity and high sensitivity to PA vapour, and is therefore considered to be an ideal 
candidate for potential selective sensor applications. 

The phenomenon may be associated with the differences in physical properties of 
MWNTs and polyaniline (PANI) conductive polymers. A high polar surface energy 
component was found for multi-walled carbon nanotubes, which significantly differs 
from that of carbon black particles [13], leading to different interaction of MWNTs 
and PANI sensing films. Moreover, the MWNTs–PANI film with centrally hollow 
core structures enables the analytes to permeate both the inner-layer and the outer-
layer of the polymer nanotube, thus swelling the polymers rapidly. Additionally, it is 
likely that when the interlayer interactions of nanotubes were introduced, MWNTs 
–PANI could induce changes from metal to semiconductor, resulting in an increase in 
resistance. Of course, whether PA can definitively induce a change in conductive per-
formances by adsorption on the MWNTs–PANI surface needs further investigation.  

In fact, the PANI chain consisting of aniline anion and C18H29 SO3 cation units 
may be responsible for the unique characteristics of the composite samples. This struc-
ture allows the formation of inter- and intramolecular hydrogen bonds [14], and the 
electronic transitions from the valence band into the mid-band gap states occur 
through the polaron state, containing one electron; the bipolaron state (i.e., containing 
two holes) is completely empty. In this case, the polymer material appears to “swell” 
and “dissolve” so that the original structure or configuration of the film will be de-
stroyed. At the same time, the polymer volume increases under swelling and the inter-
layer distance between MWNTs is enlarged, which breaks the conducting network, 
leading to a large increase in the electrical resistance of the film. 

It is worth noting that the swelling behaviour of PANI chains wrapped around 
MWNTs is very different from that of a pure PANI matrix. The former is concerned 
with the influence of interactions on the surface of MWNTs–PANI. The interactions 
among polymer differ from the latter that is easy to aggregate. Thus, only the dissolu-
tion ability to polymer is not a sufficient criterion to throw light on the aforementioned 
phenomenon. Up to now, there has been no extensive theoretical investigation into the 
interaction between polymer and MWNTs [15]. One viewpoint suggests that the 
polymer molecular structure and atomic interactions at CNT interfaces are likely to 
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significantly influence the properties of sensor systems [16]. The other viewpoint is 
that weak electrostatic or noncovalent interactions between highly delocalized electron 
system of nanotubes and polymer may affect the molecular recognition of PANI to 
solvent molecules. For covalently functionalized MWNTs, the polymer is individually 
anchored onto the tube surface, forming a nanoscale layer of coating, especially in the 
case of higher conducting polymer proportions. A hopping mechanism is responsible 
for intertube charge transfer between CNTs and an intertube modulation of the CNTs 
network in lieu of a conductivity change [17]. This leads one to conclude that PANI 
molecules form an assembly domain around MWNTs with a large radius (Fig. 8) be-
ing a plausible structure model, suggested to explain the response mechanism. 

 

Fig. 8. Schematic representation of a possible structural model  
of MWNTs–PANI for explaining the response mechanism 

In our study, explosive nitroaromatic compounds possess multiple basic sites at 
the nitro group oxygen atoms and the hydrogen-bond acidity of the polymer group is 
complimentary to these basic sites oriented to interact with electron rich oxygen atoms 
of the nitro groups on the nitro aromatic analytes. Here, hydrogen bonds may play an 
important role, and 2,6-DNT molecules act as good agents of MWNTs–PANI film. On 
the other hand, explosive agents such as TNT and PA, clearly induce an excellent re-
sponse. Especially, PA vapour molecules act as a good agent of MWNTs–PANI film.  

 

Scheme 2. Possible scheme of MWNTs–PANI interactions 
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Because the PA structure has –NO and –OH groups with strong electron donor 
properties, the sensor adsorption of a PA agent results in a partial charge transfer be-
tween the analyte and MWNTs–PANI that changes its electrical resistance, and speeds 
the motion and swelling of the polymer chains; it thereby breaks the conductive path and 
leads to an increase in resistance. The possible interaction is presented in Scheme 2. 

  

 

Fig. 9. Typical electrical responses of MWNTs 
–PANI sensing films to 1000 ppm picric acid  

vapours (a), 2,6-DNT (b) and TNT vapours (c) 

We have contrasted the response patterns of the sensors in Figs. 5–7, based on the 
MWNTs–PANI materials. The resistance of the MWNTs–PANI (10 wt. %) sensing 
film drastically increased to over 5.5 of % within 1 s upon exposure to PA vapour 
(Fig. 9a). When it was transferred from the solvent vapour into dry air, the electrical 
resistance returned to the original value rapidly, showing a significant improvement in 
the restoring performance. This is also attributed to the weak hydrogen bond interac-
tion between 2,6-DNT vapour and a polymer, which results in an abrupt adsorption of 
analyte molecules in a short time. The TNT adsorption resistance increased by about 
1.73 of magnitude and the resistance could return to the original value (see also 
Fig. 9b). This further suggests that the rate of reversible response of the former is ap-
parently superior to the latter. Therefore, a highly selective explosive gas sensor based 
on the MWNTs–PANI can be obtained. Figure 9 shows that the sensor developed 
from various weight ratios of MWNTs–PANI conductive material exhibits a better 
resistance reproducibility and stability five-fold exposure to the explosive vapours and 
dry air. Over a 6000 s period, the maximized variation in the baseline resistivity is less 
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than 0.6 %. Such minor shifts did not significantly affect the response patterns and 
therefore do not affect sensor functionality. And the sensor film can be reused at least 
12 times in this way. These results imply that the MWNTs–PANI material is a highly 
promising vapour sensor candidate, with excellent stability. 

In the principle component analysis (PCA) study [18], the input data of the pri-
mary matrix are the normalized responses, chosen as the relative MWNTs–PANI re-
sistance change (ΔR/R0), and processed by the correlation matrix (centred and stan-
dardized data). The response of the three MWNTs–PANI sensors array is normalized 
by the sum of all the sensor response values towards a given analyte. Such a normali-
zation process reduces the dependence of the array response to the PA, 2,6-DNT and 
TNT concentrations, and also reduces slightly the effects of sensor drifts. 

Fig. 10. PCA scores plot of the TNT, 2,6-DNT 
and PA in the PC1–PC2 plane of the original 

dataset obtained from the normalized responses 
of the all three deferent concentration MWNTs 

–PANI sensors of the IME  

Figure 10 shows the scores plot in the PC1–PC2 class plane of two distinct clusters 
of PA, DNT and TNT with a spread of data points related to explosive agents with 
various graduated mixing ratios. The separate regions including the measurements of 
single simulantes indicate that the two different simulantes under test can be clearly 
discriminated from each other, and the first PCA value, 88.26, indicates the impor-
tance of the specific axis from the whole axis. In other words, if the sum of a whole 
axis importance was assumed to be 100, 88.26 means that the X-axis occupies about 
88. As shown in Fig. 10, test gases can be easily distinguished by using a sensor array. 
The second principal component provides less information (11.74%), while the third 
principal component the lowest amount of information, by summing the overall in-
formation content of 100%. The results obtained indicate that the MWNTs–polymer 
composite sensors are the most appropriate option for the detection of a low concen-
tration of an explosive. 

4. Conclusion 

We have demonstrated that chemical polymerization of PANI to the surface of 
MWNTs could endow devices with remarkable gas sensing properties with regard to 
both PA and DNT. The MWNTs–PANI sensor samples were afforded high sensitivity, 
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excellent selectivity and good reproducibility or long stability. Thus the modification 
of the electronic structure of MWNTs–PANI by chemical functionalization provided 
a valuable route for the development of advanced sensor materials. To explain the 
selective responsiveness, we suggest swelling of PANI chains covering MWNTs. The 
interaction among PANI chains, MWNTs–PANI and analytes may also play an impor-
tant role in gas sensing. The change in resistance of the film is caused by the inter-
layer distance change induced by the polymer swelling via gas absorption. On the 
other hand, the response on the MWNTs–PANI film to PA and 2,6-DNT differed from 
that to TNT, which is attributed to hydrogen bond interaction between explosive 
molecules and PANI chains. This interaction greatly affects the properties of MWNTs. 
In summary, we have developed a simple MWNTs, functionalized with a PANI sensor 
platform, for detecting explosive vapours at room temperature. The application of the 
PCA can be used to distinguish between the performance of PA, 2,6-DNT and TNT 
agents. The progress made here could be used as the basis for developing MWNTs 
–PANI sensors for highly sensitive and specific molecular detection. 
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Carbon supported Pt–Ni nanoparticles 
as catalysts in direct methanol fuel cells 
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Two types of carbon supported Pt–Ni nanoparticles were fabricated as catalysts for the cathode part 
of a direct methanol fuel cell, and were characterized by X-ray diffraction, transmission electron micros-
copy and cyclic voltammetry analyses. TEM and XRD analyses pointed to a good dispersion of the cata-
lysts with carbon black and carbon nanotubes (CNTs) having sizes of ca. 2–6 nm, which is very important 
for supporting catalysts of the methanol fuel cell. CV analysis showed that the catalytic activity of 
a Pt–Ni/CNTs catalyst is more efficient than that of other catalysts. We also noticed that it is more appro-
priate to use a glassy carbon electrode rather than carbon paper as the working electrode for the methanol  
electrooxidation of Pt Ni/CNTs catalysts.  

Key words: carbon nanotubes; carbon black; direct methanol fuel cell 

1. Introduction 

Fuel cells are efficient, silent and clean energy conversion systems producing elec-
tricity via electrochemical reactions. Direct methanol fuel cells (DMFC) are expected 
to be the first fuel cells to provide a power source for portable electronic devices, such 
as mobile phones, laptop computers and advanced mobile electronic devices [1]. 
A successful commercialization of DMFC is very much dependent, however, on the 
activity of their electrocatalysts. Nowadays, all pre-commercial, low-temperature fuel 
cells use supported Pt and Pt alloys as electrocatalysts. Critical properties to consider 
when choosing an electrocatalyst support include its electrical conductivity, surface area, 
microstructure, macromorphology, corrosion resistance and cost. carbon nanotubes 
(CNTs) have been shown to be more corrosion-resistant under operational conditions than 
carbon black (CB) in a simulated fuel cell [2–6]. Ever since their discovery in 1991 [7], 
CNTs have shown a highly electrochemically accessible surface area and offered a re-
markable electronic conductivity in comparison with the vulcan carbon black. 

 __________  
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In the present study, we pretreated CNTs, CB and prepared electrocatalysts, then 
characterized these supporting Pt–Ni electocatalysts in order to find out better cata-
lysts for DMFC, and finally we observed the performance of two types of working 
electrodes for Pt–Ni/CNTs. 

2. Experimental 

CNTs of diameters ranging from 10 nm to 20 nm were treated separately with 
30% HCI and HNO3 step by step at 120 °C with 300 rpm on a hot plate. Then they 
were washed twice and dried in an oven at 120 °C. CB was refluxed with 30% HNO3 
at 60 °C at 80 rpm. It was also finally filtrated, washed twice and dried in an oven at 
120 °C. 20 wt. % of Pt–Ni nanoparticles were loaded separately onto CNTs and CB by 
the impregnation method. These catalysts were refluxed at room temperature and 
stirred for 12 h. The solutions were then evaporated by heating, rotating and drying at 
100 °C. The impregnated samples were finally reduced with hydrogen at 350 °C. Be-
fore the hydrogen gas reduction, nitrogen was purged for 35 min to prevent re-
oxidation. For TEM investigations, catalysts were ultrasonicated in ethyl alcohol for 
30 min and then deposited on Cu grids.  

X-ray diffraction measurements of catalysts were accomplished using a CuKα 
source. Scans were recorded at 5 deg·min–1 for 2θ in the range of 30–90°. Electro-
chemical measurements were performed with a computer-controlled voltammetric 
analyzer EGG 273 potentiostat/galvanostat.  

A three electrode cell composed of an Ag/AgCl reference electrode, Pt wire as 
a counter electrode and a glassy carbon electrode (GCE) was used as the working elec-
trode. The working electrode was polished with 0.5 mg alumina powder on a polishing 
cloth prior to each electrochemical measurement. Then, it was thoroughly rinsed with 
methanol and rinsed twice in distilled water, and then gently dried with tissue paper. 
The Nafion-impregnated Pt–Ni catalysts ink were prepared by mixing carbon material 
with 5% of Nafion (Aldrich Inc.) solution and electrocatalysts was applied on it. 1 M 
CH3OH in 1 M H2SO4 solution was used as the electrolyte. To record another current 
–potential curve for Pt–Ni/CNTs, another three electrode cell was used, made of an 
Ag/AgCl reference electrode, Pt wire as a counter electrode and the sample pasted on 
carbon paper, used as working electrode. The working electrode was made of a paste 
of 5% Nafion and a catalyst sample (4 mg per square inch with catalysts). Voltammo-
grams were recorded after fifty activation cycles for each measurement. 

3. Results and discussion 

Figure 1 presents a schematic diagram of fabrication of Pt–Ni nanoparticles with 
CNTs and CB. From Figure 2, one may conclude that the methanol oxidation on the 
two catalysts commenced in the potential range 0.7–0.9 V. The peak corresponding to 



Carbon supported Pt–Ni nanoparticles 523

full oxidation was found at 0.81V for Pt–Ni/CNTs catalysts; the peak is much higher 
and wider than the corresponding one for Pt–Ni/CB. This fact is very important for 
improving DMFC catalysts, and is probably due to a higher electrical conductivity of 
multiwall CNTs. 

 

Fig. 1. Schematic diagram of fabrication of  Pt–Ni/CNTs and Pt–Ni/CB catalysts 

 

Fig. 2. Cyclic voltammetry of the catalysts: a) Pt–Ni/CB, b) Pt–Ni/CNTs 

In fact, CNTs with Pt–Ni nanoparticles attached showed much more electroac-
tivity. The change of the potential toward more positive values proved that the cata-
lysts have high electrocatalytical activity. The peaks in the current were also pro-
tected from the methanol crossover voltages. The peak current densities associated 
with methanol oxidation at the forward scan were –12.0 and –12.7 mA/cm2 for  
Pt–Ni/CNTs and Pt–Ni/CB, respectively. Moreover, CNTs are promising materials 
for improving the catalytic activity supporting fuel cell electrode reactions. Previous 
studies have also shown that Pt (or Pt alloys) supported on CNTs exhibits a better 
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performance for the electrooxidation of methanol and oxygen reduction than that on 
vulcan XC-72 [8–11]. 

 

 

Fig. 3. TEM images of CNTs and CB supported catalysts: a) Pt–Ni/CNTs, b) Pt–Ni/CB  
taken at 50 nm wavelength and particle sizes shown in (c) for Pt–Ni/CNTs and (d) for Pt–Ni/CB 

Figure 3 presents the TEM images of two types of catalysts. TEM was used to 
confirm the dispersion of the nanoparticles in the support, and the histograms for par-
ticle size distribution of each catalyst were obtained. The average sizes of each sample 
were respectively 2.12 nm (Pt–Ni/CNTs) and 3.26 nm (Pt–Ni/CB). The dependence of 
electroactivity on the particle size of the catalytically active component is well known. 
It is known that metal–support interactions can significantly affect supported catalysts.  
On the TEM image, Pt–Ni/CNTs catalysts indicated that the small black particles are 
better dispersed on the carbon support than that of Pt–Ni/CB catalysts. TEM images 
also confirmed that metal catalysts were uniformly and finely deposited on to CNTs. 

In Figure 4, the TEM images are shown of the two catalysts taken at 20 nm wave-
length. From these photographs, we can see that the CNTs surface acted as a stabilizer 
for the nanoparticles, to inhibit agglomeration. A high stability of Pt–Ni/CNT is 

probably due to a specific interaction between Pt–Ni and the support. 
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Fig. 4. TEM images of CNTs and CB supported catalysts: a) Pt–Ni/CNTs, b) Pt–Ni/CB  
at 20 nm wavelength and particle sizes shown in (c) for Pt–Ni/CNTs and (d) for Pt–Ni/CB 

 

Fig. 5. XRD pattern of CNTs and CB supported Pt–Ni catalysts 



S. S. DIPTI et al. 526

The XRD patterns of Pt–Ni/CNTs and Pt–Ni/CB catalysts are shown in Fig. 5. In 
the case of Pt–Ni/CNTs and Pt–Ni/CB catalysts, Pt peaks are identifiable in the (111), 
(200), (220), (311) planes, and Ni peaks in the Ni (111) plane for specific 2θ values. 
The width of all peaks in Pt–Ni/CNTs is quite sharp and well localised, which is nec-
essary for supporting catalysts of DMFC. It can be seen that the Pt–Ni/CNTs catalysts 
have the most intense diffraction peak in the (111) plane, among the supporting cata-
lysts. This may indicate that the crystallization of the (111) plane has improved the Pt–
Ni/CNTs catalyst activity. 

The Pt–Ni/CNTs catalysts displayed the diffraction peaks characteristic of the fcc 
structure of Pt. The broader diffraction peaks for the two catalysts also led to smaller 
average particle size as calculates from Scherrer’s equation: 
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Here, L is the average particle size, λkα1 is the X-ray wavelength (1.54056 Å for 
CuKα1 radiation), B2θ  is the half-peak width for Pt (111), and θB is the maximum angle of 
the (111) peak. The calculated values of the average Pt particle sizes are 6.7±0.6 nm and 
6.7 ±0.6 nm for CNTs and CB, respectively. The negligible differences between the 
particle sizes obtained by XRD with TEM are probably due to the fact that Scherrer’s 
equation is only approximate. Another important detail is that the average particle sizes 
obtained from TEM are generally smaller than those for crystallites of XRD, but in most 
cases TEM results confirm the average values obtained from XRD when the standard 
deviation is considered. It has to be taken into account that only a fraction of particles were 
measured by TEM. TEM and XRD analyses consistently showed that the Pt–Ni/CNTs 
catalyst has a smaller particle size and more uniform distribution than Pt–Ni/CB. 

 
Fig. 6. Cyclic voltammogram of Pt–Ni/CNTs catalysts with:  

a) carbon paper, b) GCE as a working electrode 
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Figure 6a shows the voltammogram of Pt–Ni/CNTs with carbon paper used as 
a working electrode. The oxidation-reduction peaks are observed in the potential re-
gion of –0.12 V to 0.4 V, demonstrating an electrochemically active surface area of 
the catalysts. However, upon comparison of the glassy carbon electrode (GCE) with 
the carbon paper electrode (Fig. 6b), it can be confirmed that the methanol oxidation 
peak for the Pt–Ni/CNTs catalysts appears in a more suitable potential range in the 
case of GCE: the peak appears at higher positive voltages thus allowing a higher 
methanol tolerance. For the Pt–Ni/CNTs, a very large cathodic current was detected 
between 0.7~0.9 V thus indicating a high electro-catalytic activity of the Pt–Ni/CNTs 
with GCE.  

Figure 6b confirms that the peak is protected and very far from methanol cross-
over voltage because the methanol crossover drop voltage is from 0.2 to 0.3 V [8]. 
However, in the case of 20 wt. % Pt–Ni/CNTs (with GCE), the thickness of the cata-
lyst layer is reduced and methanol can penetrate more easily into the electrode, even if 
the current is high. Probably due to that the current-potential curve for Pt–Ni/CNTs 
catalysts with GCE, better methanol electrooxidation occurs through electro-catalytic 
activity. 

4. Conclusions 

The performances of the two types of electrocatalysts were distinct with impreg-
nation method for DMFC under similar conditions. The experimental results of 
methanol electrooxidation showed that the catalysts prepared on CNTs as supporting 
catalysts for cathodes produce better performance and have stronger resistance com-
pared with those prepared on CB. However Pt–Ni/CNTs catalysts also have good par-
ticle sizes, according to morphological tests. Pt–Ni/CNTs will be efficient catalysts 
due to their particle size, adhesion, uniformity and electro-activeness for DMFC. 

On the other hand, GCE for Pt–Ni/CNTs catalysts showed better electrochemical ac-
tivity for methanol oxidation, compared with carbon paper as the working electrode. Thus 
the method is useful for direct methanol fuel cell applications and can be used as a general 
method for the preparation of other carbon supporting catalysts for methanol fuel cells. 
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X. TANG*, Y.G. YANG 

 State Key Laboratory of OGRGE, Southwest Petroleum University,  
No. 8 Xindu Road, Chengdu 610500, P.R. China 

Fine M-type hexagonal barium ferrite (M-Ba ferrite) powders were synthesized by a novel sugar-
based process. The effects of synthesis variables such as the molar ratio of Fe/Ba, the calcination tem-
perature and the pH value of the precursor solution on the phase component of the obtained powder and 
the magnetic properties of M-Ba ferrite were studied by the thermogravimetric analysis, differential ther-
mal analysis, X-ray diffraction, scanning electron microscopy and a physical properties measurement 
system. The results of this study showed that magnetic properties and formation of M-Ba ferrite were 
significantly influenced by the Fe/Ba molar ratio, the heat treatment temperature and pH of the precursor 
solution. Single phase M-Ba ferrite powders with the specific saturation magnetization of 63.6 emu/g and 
the coercivity of 1849 Oe could be obtained when the Fe/Ba molar ratio was 11.5 and the pH value of 
precursor solution was 6.5. 

Key words: sugar-nitrates process; M-Ba ferrite powder; X-ray diffraction; magnetic properties 

1. Introduction 

Barium ferrite with a hexagonal molecular structure is a well-known permanent 
magnet. It is widely used in magnetic recording media, in microwave devices and as 
an absorber [1]. The conventional way of producing ferrite is by solid-state reaction of 
a mixture of BaCO3 and Fe2O3, and then calcination at high temperature (higher than 
1200 °C). The solid-state reaction method has some inherent disadvantages such as 
chemical inhomogeneity, coarser particle size, and the contamination with impurities 
during ball milling. In the last few years, alternative methods, such as chemical co-
precipitation [2], precursor technique [3], salt-melt technique [4, 5], hydrolysis of 
metal-organic complexes [6], etc., have been proposed in order to overcome the limi-
tations of the solid-state reaction method and improve the properties of barium ferrites. 
As is well known, the method of synthesis strongly affects homogeneity of the prod-
uct, particle size distribution, shape, and magnetic characteristics [7]. Moreover, the 
 __________  

*E-mail: tungqin@126.com 



X. TANG, Y.G. YANG 530

synthesis parameters are interrelated in a complex way which, in turn, determines the 
material performance. In the current research, we present a novel, sugar-based process 
to prepare barium ferrite. Sugar (saccharose) is a carbohydrate, which yields two 
monosaccharides upon hydrolysis, and the product can easily be further oxidized into 
carboxylic acid in the presence of an oxidizer. Carboxylic acid is a kind of ligand and 
forms chelate complexes with many multivalent ions. Therefore, we used white granu-
lated sugar as a chelating agent. A metal nitrates–white granulated sugar solution was 
used to prepare the precursor of the product, and then the precursor was thermally 
decomposed and transformed into fine powder of BaFe12O19. In this paper, we report 
on the synthesis, phase evolution, microstructure, and magnetic properties of barium 
ferrite. In particular, we discuss the effects of processing parameters such as pH, the 
molar ratio of Fe/Ba and the calcination temperature on the phase composition and 
magnetic properties of the resultant barium ferrites powders. 

2. Experimental 

Synthesis of samples. The chemicals used in this study were of reagent purity and 
were used without further purification. The starting materials were Fe(NO3)3·9H2O 
(99.9% purity), Ba(NO3)2 (99.5% purity), white granulated sugar (Shanghai Sugar and 
Tobacco Industry Limited Company, China, GB317, saccharose >98%) and ammo-
nium hydroxide (concentration: 30 wt. %). For studies on the effect of various Fe/Ba 
molar ratios, the molar ratio of Fe/Ba was set to 10.9, 11.5, and 12.0 which are de-
noted as A1, A2 and A3, respectively. The chemicals were weighed and dissolved in 
a minimum quantity of water (120 cm3 for 0.1 mol of Fe3+). Ferric nitrate and sugar 
solutions were mixed according to a prespecified proportion (for all the samples, the 
molar ratio of sugar to metal ions was set to 3/2) and barium nitrate was added with 
continuous stirring for 2 h. Then the mixed solution was evaporated slowly at 90 °C, 
during which the Fe3+ and nitrate ions provided an in situ oxidizing environment for 
the sugar to be hydrolyzed and converted into carboxylic acids. The nitrates them-
selves were decomposed with the evolution of brown fumes of nitrogen dioxide. Then 
the obtained solution was cooled. Solutions with various pH values can be obtained by 
introducing appropriate amounts of ammonia solution. The precursors were precipi-
tated and separated from the reaction medium by adding ethanol. The shallow green 
precipitate was then filtered and dried at 80 °C for 24 h to become a dry precursor. 
Finally, powders of the dried precursors were heat treated in air at various tempera-
tures at the heating rate of 10 °C/min to obtain barium ferrite phase. 

Characterization. The thermal decomposition of the dried powders was examined 
by the DTA/TGA in air using a TA Instruments TGA2050 thermo-gravimetric ana-
lyzer with the heating rate of 20 °C·min–1. The X-ray powder diffraction pattern data 
of the samples were collected by an X-ray diffractometer (Philips X’pert Pro PW3040) 
set to a wavelength of 1.54051 Å of CuKα radiation in the 2θ range  20–80°. The 
morphology of particles was examined with a Philips Siron 200 field emission type 
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scanning electron microscope (FE-SEM). The magnetic properties of some selected 
specimens were measured by means of a physical properties measurement system 
(PPMS-9, USA) at a maximum applied field of 30 kOe at room temperature. 

3. Results and discussion 

The TGA and DTA curves recorded in air for the dried precursor with the Fe/Ba 
molar ratio of 11.5 and a pH of 6.5 are shown in Fig. 1, as a typical example. All other 
samples show a similar thermal behaviour. The TGA pattern exhibits three distinct 
weight loss steps corresponding to an endothermic peak and two exothermic peaks in 
the DTA curve.  

 

Fig. 1. DTA/TG curves of the dried precursor with the Fe/Ba  
molar ratio of 11.5 and pH value of 6.5 

On heating we observe a continuous mass loss in the TG curve between room 
temperature and 250 °C which is accompanied by a distinct endothermic peak around 
147.6 °C in the DTA curve, ascribed to the vaporization of residual water molecules; 
a more pronounced mass loss between 250 °C and 350 °C is associated with the re-
lease of large quantities of gas, the DTA analysis indicated a large exothermic double 
peak at 250–350 °C, which is caused by the release of a large amounts of heat due to 
vigorous oxidation reaction or combustion reaction of carbonaceous residue. The 
whole thermal process is accompanied by the evolution of large amounts of gas that is 
manifested in the weight loss in the TG curve. The exothermic temperature in the 
DTA pattern is consistent with the major weight loss temperature in the TGA pattern. 
No further distinguishable weight change above 350 °C is observed, though there is 
a broad exothermic peak around 800 °C, due to the crystallization process of phase 
transformation. 
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Fig. 2. XRD patterns of calcination powders at:  
a) 400 °C, b) 650 °C, c) 850 °C, d) 1000 °C, e) 1100 °C 

Figure 2 shows the X-ray powder diffraction patterns of the specimens with the 
molar ratio of Fe/Ba = 11.5 annealed at various temperatures. It is evident that the 
powder annealed at 400 °C mainly shows a mixture of phase α-Fe2O3, γ-Fe2O3 and 
BaCO3. As temperature reached 650 °C, the intensity of γ-Fe2O3 decreases markedly, 
and BaCO3 phase disappeared, the BaFe12O19 (JCPDS No. 74-1121) and intermediate 
phase identified as barium iron oxide (BaFe2O4) were formed. In the 850–1000 °C 
temperature range, BaFe12O19 was the major phase with a small amount of residual  
α-Fe2O3. Pure BaFe12O19 was formed at 1100 °C. It is in disagreement with the results 
by Pullar et al. [8] where the single phase barium ferrite can be easily formed directly 
in sol-gel systems, where no BaCO3 is involved, and without formation of an interme-
diate phase. In this study, α- and γ-Fe2O3 co-exist in the intermediate phase in pattern 
(a), α-Fe2O3 has FeTiO3-type structure, which belongs to the trigonal crystal system 
difficult to transform into the BaFe12O19 phase, a complete conversion of the mixture 
into single BaFe12O19 phase requires a high temperature. 

Figure 3 shows the SEM micrograph of the specimens synthesized with the Fe/Ba 
molar ratio of 11.5 and calcined at 1100 °C for 2 h. From the image it can be seen that 
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the sample consists of various morphologies, i.e., it shows small amounts of spherical 
particles and a greater number of platelets, aggregated and joined by weak bonding. 
As shown in the SEM micrograph, barium ferrite powders annealed at 1100 °C exhibit 
aggregates with an irregular shape and particle coarsening and sintering. 

 

Fig. 3. SEM micrograph of the sample  
with the Fe/Ba molar ratio of 11.5, calcined 

at 1100 °C for 2 h  

 

Fig. 4. X-ray diffraction patterns of powders derived from the sugar-nitrate process 
with various pH values of the precursor solution: a) 1.2, b) 4.0, c) 6.5, d) 9.0 

The influence of pH of the precursor solution on the chemical composition of the 
sugar-based derived barium ferrite powders can been seen in Fig. 4, which shows the 
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XRD patterns of the specimens after having been thermally treated at 1100 °C for 2 h. 
The heated specimens with a Fe/Ba ratio of 11.5 were prepared using precursor solu-
tion of different pH values (i.e., pH = 1.2 (without any NH4OH addition), 4.0, 6.5 and 
9.0, respectively). Barium ferrite was the major phase in all specimens, however, pure 
barium ferrite was obtained at pH = 6.5. Small amounts of α-Fe2O3 or BaFe2O4 crys-
tallites were detected at pH of 1.2, 4.0 and 9.0. As previously indicated, sugar yields 
two monosaccharides upon hydrolysis, and the product can easily be further oxidized 
to carboxylic acid in the presence of an oxidizer. Carboxylic acid is a kind of ligand 
and complexes with many multivalent ions to form chelates. Bechtold et al. [9] de-
scribed the complexation of Ca2+ ions by the Fe–D-gluconate system, and the species 
distribution calculated for the system Ca2+Fe3+DGI is shown in Fig. 5.  

 

Fig. 5. Species distribution calculated for the system Ca2+Fe3+DGI [9] 

In this case, gluconic acid molecules, with a carboxylic acid group at one end and 
five linear hydroxyl groups, easily form metal ion complexes in the complex system of 
Ba-Fe-gluconic acid. As described in the literature, the formation constants, species 
distribution and stoichiometry of the complexes are dependent on pH of the solution. 
It is believed that the complex species resulting from chelation of metallic ions in the 
solution is responsible for the phase composition of the resultant powders. Upon heat-
ing, the specimen prepared from the solution of pH = 6.5 can easily and completely 
convert to hexagonal barium ferrite. 

The saturation magnetization (Ms), remanent magnetization (Mr) and coercivity 
(Hc) of barium ferrite particles at various pH are shown in Table 1. When the pH of 
the precursor solution is 6.5, the particles are single phase BaFe12O19, exhibiting better 
magnetic properties than those obtained at other pH values. It is believed that chemical 
phases present in the specimens are the main reason for small differences in the values 
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of saturation magnetization. Magnetic data are in good agreement with the results 
obtained from XRD. 

Table 1. Magnetic properties of calcined powders  
for various pH values of the precursor solution 

pH Ms [emu/g] Mr [emu/g] Hc [Oe] 
1.2 52.8 27.5 2476.3 
4.0 58.4 30.8 2502.8 
6.5 62.2 31.5 2546.5 
9.0 55.5 28.6 2396.3 

 
It is worthwhile to point out that these values of magnetic saturation are high, al-

though they are lower than the theoretical one (72 emu/g). On the other hand, the co-
ercivity values for the products are lower than those obtained for barium ferrite pow-
ders produced by coprecipitation [10]. It is unlikely that the lower coercivity were 
a result of the presence of small amounts of amorphous impurities, undetectable by 
XRD: it is far more likely that the intrinsic properties of the prepared powders are 
responsible. The higher saturation magnetization and the lower coercivity have poten-
tial applications in microwave absorption and in high-density magnetic recording. As 
is well known, the magnetic properties are influenced by many factors such as the 
grain size and particle size distribution, morphology and microstructure of particles, 
the method of synthesis, etc. According to our SEM image (Fig. 3), the particle shape 
was not an ideal hexagon and plate-like. Also, evident agglomeration occurred. In our 
opinion, the non-equilibrium microstructure and the uniform size of the particles 
should be the main reasons for those low coercivity values, and, in addition, the 
method of synthesis might be another reason. More evidence may be required to un-
derstand the present results of measurements. 

Figure 6 shows the XRD patterns of the specimens obtained at various Fe/Ba mo-
lar ratios. Table 2 shows their magnetic properties. Single phase M-type BaFe12O19 
powders with better magnetic properties were obtained at the Fe/Ba ratio of 11.5. On 
the other hand, the XRD patterns showed that formation of the mono-ferrite BaFe2O4 
took place at the Fe/Ba molar ratio of 10.9 and of α-Fe2O3 at the Fe/Ba molar ratio of 
12.0. Owing to their antiferromagnetic character, the α-Fe2O3 or BaFe2O4 intermediate 
phases deteriorate the magnetic properties. The appropriate molar ratio of Fe/Ba may 
vary with the fabrication method used and the starting materials. Liu et al. [11] sug-
gested that the Fe/Ba molar ratio of 8 is a favourable one in order to obtain single 
phase M-type BaFe12O19. An investigation of the synthesis of barium ferrite by co-
precipitation showed that the M-type phase only forms as a pure product in a non-
stoichiometric mixture with a Fe/Ba =11 [12]. On the other hand, single phase barium 
ferrite can be obtained from a stoichiometric mixture of Fe/Ba = 12 via a sol-gel route 
[13]. Usually, an iron deficient non-stoichiometric mixture with the excess barium is 
needed to form the single-phase product.  
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Fig. 6. XRD patterns of powders calcined at 1100 °C 
 for 2 h at various starting Fe/Ba molar ratios 

Table 2. Magnetic properties of calcined powders for various Fe/Ba molar ratios 

Fe/Ba molar ratio Ms [emu/g] Mr [emu/g] Hc [Oe] 
10.9 56.3 30.6 1649.5 
11.5 64.5 33.8 1848.9 
12.0 54.5 26.9 1785.2 

 
In our study, it seems that the Fe/Ba molar ratio of 11.5 is more favourable than 

other ratios for the formation of single phase barium ferrite. In the case of chemical 
synthesis routes, it has been proposed that a deviation from BaFe12O19 stoichiometry 
should be considered due to variations in the solubility of the Fe3+ and Ba2+ cation 
sources. This can be accounted for by the fact that the solubility of Ba nitrate in water 
is poor, and the coordinative ability of carboxylic acid to the Fe3+ cation is much 
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stronger than that of carboxylic acid to the Ba2+ cation. Ba nitrate can crystallize from 
precursor solution during evaporation [14]. The other reason is attributed to enhanced 
diffusion rates among various ions in the non-stoichiometric mixtures due to induced 
lattice defects permitting single-phase formation at a lower temperature [15]. Similar 
to the other synthesis routes, it is noticeable that an excess amount of barium ions is 
required in order to keep the stoichiometry for barium ferrite in the sugar-nitrates process. 

4. Conclusions 

Using Fe(NO3)3·9H2O, Ba(NO3)2 and white granulated sugar as the starting mate-
rials, fine M-type barium ferrite powders were synthesized successfully by the sugar 
nitrates process. The crystal structure and magnetic properties of the prepared powders 
were investigated. The results show that the annealing temperature, the molar ratio of 
Fe/Ba and pH of the precursor solution affected greatly the phase composition and 
magnetic properties of M-Ba ferrite powders. Single phase M-type barium ferrite 
powders with superior magnetic properties were obtained at the Fe/Ba molar ratio of 
11.5 and pH = 6.5.  The powders exhibited higher values of saturation magnetization 
and lower coercivity. These features of the prepared powders point to their potential 
applications in microwave absorbing and in high-density magnetic recording. 
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Amorphous phase formation of Zr–Cu thin films 
fabricated by magnetron co-sputtering 
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ZrxCu1–x amorphous films were prepared on Si(111) substrates by magnetron co-sputtering of pure 
Zr and Cu targets. It was found that the amorphous forming ability of the films increased with x when x 
was smaller than 65. It was therefore different from their bulk counterparts, which only for x = 35 and 50 
were reported to have high glass forming ability during casting. The structures of the films were sensitive 
to the substrate temperature and the sputtering pressure of argon. X-ray diffraction and atomic force 
microscopic analyses of the Zr65Cu35 amorphous films annealed at various temperatures confirmed that 
the crystallization temperature was approximately 573 K. 

Key words: Zr–Cu thin film; magnetron sputtering; amorphous film; crystallization 

1. Introduction 

Amorphous alloys have been researched intensively since the 1960s [1, 2] due to 
their special properties, which result from the long-range disorder arrangement of 
atoms. Two main ways to obtain new amorphous alloy systems are: (i) enhancing the 
cooling rate during casting, and; (ii) finding appropriate chemical composition for 
a given alloy. A high cooling rate could be obtained easily during film preparation.  In 
1929, Kramer fabricated for the first time an amorphous alloy by electrodepositing 
Au–Si films [3]. In recent decades, amorphous alloy films have been the subject to 
intense research, due to the progress of preparation technology (deposited by sputter-
ing or evaporation, solid-state reactions, ion beam mixing, etc.), and its excellent po-
tential for direct or indirect exploitation in applications such as superconducting [4], 
ultra-high density magnetic recording [5], shape memory [6], etc. Although much 
progress has been achieved in research on bulk metallic glasses (BMGs), most of them 
developed so far have been complex multi-component alloys. Consequently, it is diffi-
cult to examine glass forming ability (GFA) with these alloy systems. As amorphous 
 __________  
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films can be prepared with relative simple alloy systems, they are, therefore, best can-
didates to understand GFA of alloys. 

Zr–Cu alloy is an important amorphous alloy [7–10]. Several studies on the struc-
ture, mechanical properties [11–14] and superconductivity [15] of Zr–Cu amorphous 
alloy films have been reported in recent years. Dudonis et al. [16] fabricated ZrxCu1–x 
amorphous films in a wide composition range of (5 ≤ x ≤ 95) by using high working 
power (490–1380 W) in a relatively high vacuum (p ≤ 3×10–2 Pa) during magnetron 
sputtering deposition. As the structure of the deposited films depends on the deposi-
tion parameters, the aim of this study was to acquire detailed understanding of how 
conditions of film deposition influence the formation of amorphous Zr-Cu films. 

2. Experimental 

ZrxCu1–x alloy films were prepared by magnetron sputtering deposition in an argon 
atmosphere. Two targets, pure Cu (purity, 99.999%) and pure Zr (purity, 99.999%), 
were used for co-deposition of the alloy films. Through altering the sputtering power 
for the two targets, films with various compositions were obtained. In the present ex-
periments, the power used for the Zr target was 40–85 W, and the power for the Cu 
target was 80–130 W. The target–substrate distance was 130 mm. The target dimen-
sion was ∅80 mm. Single crystal Si(111) substrates, ultrasonically cleaned before 
deposition, were placed on a rotating holder which could be electrically heated. Before 
deposition, the targets were sputtered for 20 min in order to remove contaminants and 
oxides on the surfaces. Samples of the prepared films were annealed at various tem-
peratures for 30 min in a furnace having the base vacuum of 5×10–4 Pa. 

The compositions of the alloy films were measured by the Kevex-Sigma level4 
energy dispersive spectroscopy (EDS) and the percentage error of measurements was 
lower than ±1％. Small angle X-ray diffraction was used to investigate the structures 
of the films. To observe the surface morphology of the samples, a Solver P47 atomic 
force microscope was employed. 

3. Results and discussion 

3.1. Influence of chemical composition on the amorphous film formation 

In order to investigate the influence of composition on the amorphous formation 
ability, the ZrxCu1–x films were deposited under the same processing parameters except 
the sputtering power. A series of film samples with various compositions were pre-
pared at room temperature (substrates), under the argon pressure of 0.5 Pa; the voltage 
bias was –30 V, and the sputtering lasted 15 min. Results of the small angle  
X-ray diffraction experiments of the films are shown in Fig. 1. The Zr35Cu65 film sam-
ple clearly displays a crystalline characteristics of separated Cu- and Zr-based solid 
solution phases rather than a single solid solution phase or any Zr–Cu compound.  
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Fig. 1. XRD patterns of ZrxCu1–x films of several compositions 

As the content of Zr in the composition increases in the 35 ≤ x ≤ 65 range, both 
the phase separation tendency and the crystalline characteristics weaken. When x = 65, 
just one broad, diffuse peak was left, indicating a fully amorphous structure had been 
obtained. Beyond this composition range, the amorphous formation ability was de-
creased. Thus it can be concluded that the amorphous forming ability of ZrxCu1–x films 
increases continuously with the increase of Zr content. This result is apparently differ-
ent from the bulk counterparts which have been reported that only with particular 
compositions did the amorphous structure form easily [7, 8, 11]. During casting, 
Zr35Cu65 alloy was proved to be a good glass former because it was around the eutectic 
composition and the liquid had a high stability which was beneficial for glass forma-
tion [17–20]. During the film deposition, this composition exhibited, however, rather 
low amorphous formation ability. In sputtering, the atoms or clusters were continu-
ously deposited onto the surface of the substrates. Typically, deposited atoms had 
higher diffusion ability than the atoms in the liquid being quenched during casting. As 
reported [21, 22], the diffusivity was approximately by one order of magnitude higher 
during deposition. This was possibly why separated Zr- and Cu-based crystal phases 
were formed during deposition as only a limited solubility range was found in Zr-Cu 
alloy system from the phase diagram. Diffusion ability of the atoms, therefore, deter-
mines to some extent the formation ability of the amorphous film. As to the higher 
amorphous formation ability with increasing Zr content from 35 to 65 at. %, the most 
possible reason was also the atomic diffusion. Typically, atoms with smaller atomic 
diameters exhibit higher diffusion ability. Because the atom diameters of Cu and Zr 
are 0.256 nm and 0.320 nm, respectively, it is reasonable to conclude that Cu atoms 
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AFM images of the morphologies formed at various substrate temperatures, as 
shown in Fig. 3, reveal that the higher substrate temperature was conducive to the 
crystalline formation. At a higher substrate temperature the atoms reaching the sub-
strate had higher mobility and diffused more easily. Consequently higher substrate 
temperature was not conducive to the formation of the amorphous structure as pointed 
out above. 

3.3. Influence of argon pressure on the formation of amorphous films 

Appropriate argon pressure is necessary to deposit amorphous films. A relatively 
high pressure (≥ 2 Pa) decreases the quality of the films. On the other hand, if an ultra 
low argon pressure is employed, the plasma cannot be inducted, thus the deposition 
cannot take place. A pressure scale of 0.1–0.5 Pa was imposed in order to investigate 
the effect of working pressure on the amorphous formation of the films. For the com-
position of Zr65Cu35, obvious crystalline structure formed at the argon pressure of 
0.5 Pa, as shown in Fig. 4.  

 

Fig. 4. XRD patterns of Zr65Cu35 films sputtered at various argon pressures 

By decreasing the argon pressure, the amorphous formation ability was increased, 
and the pressure of 0.1 Pa was the optimum pressure for the formation of amorphous 
structure, assuming that the method of deposition satisfies all the conditions described 
earlier. When the pressure was smaller than 0.1 Pa, the deposition was too slow. The 
mechanism of the influence of pressure on the formation of amorphous films is hard to 
be explained. When the argon pressure was high, the atoms and the clusters sputtered 
from the Zr and Cu targets had higher energy and, and this consequently led to 
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a higher diffusivity on the substrates. As pointed out above, separate Zr- and Cu-based 
crystalline phases formed more easily. 

3.4. Annealing and crystallization of the Zr65Cu35 amorphous films 

Zr65Cu35 amorphous film samples were annealed for 30 min at 373, 473, 573, 623, 
673, and 773 K, respectively. The XRD results of the annealed samples as well as of 
the as-sputtered one are shown in Fig. 5.  

 

Fig. 5. XRD patterns of as-sputtered and annealed Zr65Cu35 films 

It can be seen that the crystallization of the films did not occur when the tempera-
ture was lower than 473 K. However, some small crystal peaks can be seen in the 
XRD pattern of the sample annealed at 573 K. When the annealing temperature in-
creased to 623 K, obvious crystalline peaks could be found in the XRD pattern. The 
film crystallized even further when annealed at 673 K. Thus, the onset temperature 
(Tx) of crystallization was at about 573 K. 

4. Conclusions 

In the range 35 ≤ x ≤ 65, the amorphous forming ability of ZrxCu1–x films in-
creased continuously with x. The amorphous formation ability was sensitive to the 
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deposition parameters. If the argon pressure ranged between 0.1~0.5 Pa, a lower pres-
sure was conducive to the formation of amorphous film. A high substrate temperature 
was unfavorable to the formation of the amorphous structure. The effect of the pa-
rameters investigated in this paper on the formation of the amorphous phase is proba-
bly due to their influence on the diffusivity of atoms or clusters deposited on the sub-
strates. 
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Effects of substrate temperature 
on crystallite orientation of HfO2 thin films 
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Hafnium dioxide thin films were deposited on fused silica substrates by reactive electron beam 
evaporation at three different substrate temperatures. After deposition, hafnium dioxide thin films were 
annealed in the ambient atmosphere for two hours at 500 °C and 1000 °C, respectively. X-ray diffracto-
metry was used to study physical characterizations of as-deposited and annealed hafnium dioxide. The 
experimental results showed that hafnium dioxide fabricated at various substrate temperatures had differ-
ent crystallite orientations after annealing at 500 °C or 1000 °C. These facts suggest that substrate tem-
perature influences not only the crystallization state of as-deposited hafnium dioxide but also crystallite 
re-orientation after annealing. 

Key words: hafnium dioxide; reactive electron-beam evaporation; crystallite re-orientation 

1. Introduction 

Hafnium oxide (HfO2) has been extensively studied during the last few years due 
to its relatively high values of the refractive index, bulk modulus, melting point and 
chemical stability. In particular, it is being considered as a suitable high-k material 
candidate for replacing the gate dielectrics in field effect transistors and dynamic ran-
dom access memories [1]. HfO2 is well known as one of the most important oxide thin 
film materials for interference multilayer coatings down to 250 nm [2, 3]. In general, 
the dielectric properties of high-k materials can be affected by the degree of crystallin-
ity, crystal structure, and crystallographic orientation, in addition to their stoichiomet-
ric composition. There have been several reports on the dependences of the dielectric 
constant upon the crystal structure or crystallographic orientation in high-k materials 
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[4, 5]. HfO2 may form four crystalline phases (monoclinic, tetragonal, cubic, and ortho-
rhombic) having different dielectric constants [6, 7]. Amorphous layers are generally pref-
erable to gate oxides, but a polycrystalline layer may also be acceptable [8]. Tetragonal 
and cubic phases can be transformed thermodynamically at approximately 1720 °C and 
2600 °C, respectively, whereas the monoclinic phase appears at room temperature [9]. 

It is therefore important to understand the crystallization kinetics of pure HfO2 
films deposited under various conditions and by various methods and when they are 
subject to high temperatures. Jiang et al. have demonstrated that the orientation of 
HfO2 films is determined by the competition between the surface energy and strain 
energy by changing fabrication parameters [10]. The morphology and crystallization 
kinetics of HfO2 films in function of annealing time or temperature have been previ-
ously reported [8, 11, 12]. Until now, however, little work has been done to study the 
relationship between deposition parameters and annealed HfO2 crystallization state. In 
this paper, we report on the solid phase crystallization of HfO2 films fabricated at various 
substrate temperatures and on the changes of crystallite orientation after annealing. 

2. Experimental 
HfO2 films were prepared by using a box type electron-beam gun coating system 

(OTFC-1300DBI, Optorun.co., Ltd) at three deposition temperatures, i.e., 100 °C, 
200 °C, and 300 °C, on fused silica substrates. The vacuum chamber was baked out 
prior to deposition for a minimum of 2 h. A programmable temperature controller was 
used to monitor and control the chamber temperature. Before evaporation, the cham-
ber was evacuated to the pressure lower than 3.0×10–4 Pa. Ultrahigh purity O2 was 
used to backfill the chamber to the pressure of 1.5×10–2 Pa for the deposition. The 
pressure was monitored by a hot cathode ionization gauge, and it was automatically 
controlled with a variable leak valve. The evaporation material for HfO2 films was 
granular hafnium (of 99.9% purity). The rate approximately of 1 Å/s was maintained 
for all depositions. Film thickness and deposition rate were monitored by both a crys-
tal monitor and an optical monitor. The crystal monitor was primarily used to control 
deposition rate, and the optical monitor was used to control film thickness. Table 1 
shows the substrate temperatures and the film thicknesses. 

Table 1. Films deposited at various substrate temperatures 

Sample Substrate 
temperature [°C] 

Physical 
thickness [nm] 

A 100 756 
B 200 739 
C 300 735 

 
After deposition, HfO2 samples were annealed in the ambient atmosphere for 2 h 

at 500 °C and 1000 °C. The crystal structures of HfO2 films were investigated using an 
X-ray diffractometer (XRD Rigaku) in θ–2θ configuration with CuKα radiation. 
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3. Results and discussion 

The X-ray diffraction diagrams in Fig. 1 demonstrate that HfO2 films deposited at 
100 °C are amorphous, while other samples are polycrystalline. 

 

Fig. 1. The influence of substrate temperature to HfO2 film crystallization state 
after annealing at: 1) 100 °C, 2) 200 °C, 3) 300 °C 

The peak positions and intensities for monoclinic HfO2 and Hf films from the 
powder diffraction ICDD card files are shown in Fig. 2.  

 

Fig. 2. ICDD card for hafnium and monoclinic hafnia 
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Each of the resolved peaks in Fig. 1 corresponds to the monoclinic crystal stan-
dard and there is no obvious Hf film peak. Around 2θ = 35°, there is a strong peak in 
Fig. 1 (curves 2a and 3a, respectively), which may be enhanced by the superimposed 
effects of (002), (020) and (200) orientations. The orientations of all the samples 
changed after annealing and showed different characteristics. After annealing at 500 
°C, HfO2 films deposited at 100 °C follow the transition from amorphous to polycrys-
talline with strong (111) peak and weak (021) peak, as shown in Fig. 1 (curves 1). As 
the deposition temperature increases, the (111) peak becomes weak and the (021) peak 
becomes gradually higher. After being annealed at 1000 °C, the re-orientation of HfO2 
proceeds and the films show the same orientation with stronger (021) peak compared 
with HfO2 films annealed at 500 °C. It is obvious that HfO2 films show preferred ori-
entation during the annealing process. The degree of crystallinity depends strongly on the 
annealing and deposition temperature, indicating that grain growth in this system is ther-
mally activated. 

4. Conclusions 

HfO2 films were deposited at four substrate temperatures and annealed at 500 °C 
and 1000 °C. The results demonstrate that substrate temperature has great influence on 
the crystalline state of bpth, as-deposited and annealed HfO2 films. Sample structure 
also has important consequences for their optical properties. 
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of tube-structured ZnO needles 
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Tube-structured ZnO needles were successfully synthesized hydrothermally, using H2O2 as the sol-
vent, Zn (NO3)2·6H2O and NaOH as the starting materials and C19H42BrN as the additive. The samples 
were characterized by scanning electron microscopy, X-ray diffraction and room temperature photolumi-
nescence measurements. The as-synthesized ZnO needle possesses a tube structure coiled by multilayer 
along the [0001] direction and a wurtzite structure. The intensity of the (0002) diffraction peak is obvi-
ously lower than the (1010) and (1011) peaks. Photoluminescence results reveal that the UV emission is 
restrained as hydrothermal temperature increases, and that the concentration of H2O2 has no influence on 
the photoluminesence when the concentration of H2O2 is higher than 10%. 

Key words: zinc oxide; hydrothermal synthesis; photoluminescence; morphology; tube 

1. Introduction 

Zinc oxide (ZnO) is one of the important prospective short wavelength emitters 
owing to its large excitation binding energy and a wide energy gap of 3.3 eV at room 
temperature. It is also a material suitable for generating ultraviolet (UV) light [1]. Fur-
thermore, high exciton binding energy of about 60 meV in ZnO, which is significantly 
larger than the thermal energy at room temperature (26 meV), can ensure an efficient 
exciton emission at room temperature [2, 3]. Owing to these properties, zinc oxide is 
widely used in various applications such as photonic devices [4], solar cell windows 
[5], plasma display panels [6], surface acoustic wave devices [7], and gas sensors [8]. 
It is well-known that the optical, electrical and magnetic properties of zinc oxide are 
markedly influenced by its microstructure and morphology [9]. Therefore, various 
morphological crystallites of zinc oxide, such as nanorods [10], and microflowers 

 __________  
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[11], nanorings [12], nanowires [13] have been synthesized via different methods. 
Needle-shaped nano zinc oxide has been synthesized by the wet chemical method [14] 
and solid-vapour method [15]. In this paper, a novel tube-structured ZnO needles were 
successfully synthesized hydrothermally. The morphologies and photoluminescence of 
ZnO needles were characterized by XRD, SEM and PL methods. A multilayer struc-
ture, namely a spiral growth line and a honeycomb structure, not reported in the above 
references, have been found in our experiment. 

2. Experimental 

Nitrate hexahydrate (Zn(NO3)2·6H2O), sodium hydroxyl (NaOH), hydrogen peroxide 
(H2O2, 30%) and N,N,N-trimethyl-1-hexadecanaminium bromide (CTABr, C19H42BrN) 
were analytical grade reagents, purchased commercially and used without further puri-
fication. 

The ZnO needles were prepared according to the following process. 0.1 M aque-
ous solution of Zn(NO3)2·6H2O and 0.2 M solution of NaOH were all prepared with 
deionized water. NaOH solution was added to zinc nitrate solution drop by drop at 
room temperature under vigorous stirring which resulted in formation of a white 
suspension. The suspension was then separated with a centrifuge and washed three 
times with distilled water, and then finally washed with absolute alcohol. The sepa-
rated powder was dried at 70 °C for 24 h in an oven to obtain the precursor. Subse-
quently, 2 g of precursor materials and CTABr were added to 30 cm3 of H2O2 solu-
tion and the mixture was stirred and then sealed into a Teflon-lined autoclave with 
a filling capacity of about 35%. The autoclave was treated by hydrothermal method. 
Two batches of ZnO samples were obtained under different conditions. The first 
batch was synthesized at 70 °C, 90 °C, 120 °C, 150 °C and 180 °C for 12 h in a mix-
ture of 30 cm2 H2O2 (30%) and 0.1 g CTABr. The other batch was synthesized at 
120 °C for 12 h in 30%, 25% and 10% H2O2 solutions. The resulting white precipi-
tates were collected and washed with distilled water and alcohol for several times to 
obtain ZnO crystallites. 

The morphology of ZnO particles was observed with a 1530VP model field emis-
sion scanning electron microscope (SEM) and Axioskop 40 Pol optical microscope. 
X-ray diffraction (XRD) with CuKα radiation (λ = 0.1542 nm) on DX-2000 X-ray 
diffractometer was used for checking the formation and identification of compounds 
present in the obtained particles. Photoluminescence (PL) spectra of ZnO nanocrystals 
were recorded with a WGY-10 fluorescence spectrophotometer equipped with a Xe 
lamp (150 mW). The excitation wavelength was 325 nm. The emission spectrum of 
solid zinc oxide powder samples at room temperature was observed in the wavelength 
range of 350–650 nm. 
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3. Results and discussion 

3.1. Powder X-ray diffraction analysis 

Figure 1 shows the X-ray diffraction (XRD) patterns of as-obtained ZnO crystal-
lites synthesized hydrothermally at various temperatures. In Figure 1, curves c–e, the 
the ZnO crystals possess a wurtzite structure and the diffraction peaks can be well indexed 
to hexagonal ZnO with the lattice parameters a = 0.324982 nm and c = 0.520661 nm. 
Although the peaks of (1010) and (1011) planes in Fig. 1, curves a, b are uniform  
 

 
Fig. 1. XRD patterns of ZnO needles synthesized at: a) 70 °C, b) 90 °C, c) 120 °C, d) 150°C, e) 180°C 

with that in Fig. 1c–1e (0002), (101
—

2) and (112
—

0) peaks are not visible due to small 
sizes and lower dimension of the samples synthesized at lower temperature. Mean-
while, the intensity of the (0002) peak in Fig. 1 is obviously lower those of the peaks 
(1010) and (1011).  This result seems to be in conflict with the long needle shaped 
morphology (Fig. 2) grown quickly along the [0001] direction. In fact, the low inten-
sity of the (0002) peak is caused by a small area of (0001) cross section and a thin 
multilayer wall of the tube-structured needle. Upon increasing hydrothermal tempera-
ture, the diffraction peaks intensities of five polar planes increase substantially, be-
cause the growth rate of ZnO increases when the temperature is raised. 

3.2. Morphology of ZnO samples 

Figure 2 shows the morphology of the synthesized ZnO. Samples synthesized at 
various temperatures have similar morphologies to that in Fig. 2 besides having larger 
dimensions at higher temperatures. 
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Fig. 2. SEM images of tube-structured ZnO needles synthesized at 180 °C for 48 h 

The tube-structured ZnO needles in Fig. 2, with a thin (up to 50 nm) and long (up 
to 1 μm) tips (Figs. 2a, e), are 5–10 μm long, 500–1000 nm in external diameter and 
100–200 nm (Fig. 2f) in inner diameter. The local wall thickness of the tube is ca. 
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100–150 nm. A random honeycomb structure, decorticated needles resulting from 
experimental processing, coiled by belts or layers with the width of about 200 nm and 
50–100 nm thick are observed in Fig. 2b, d, and the remains of the surface layers can 
be seen in Fig. 2d. The top (0001) and bottom (0001) surfaces are partly or com-
pletely opened (Fig. 2f) and some cracks and holes are observed in the side surface 
wall as shown in Figs. 2c, f. Interestingly, for some needles, the inner layer and outer 
layer and the interstice between the layers can be clearly observed (cf. Fig. 2c). Fur-
thermore, some tubes derived from layer coiling along the [0001] direction with a 
multilayer wall were found, the hatch and some cracks could be seen in the tube end in 
the middle of Fig. 2f. The spiral lines formed by the layer coiling approach during the 
growth of ZnO needles could be clearly observed in Fig.2e. It is reasonable to suggest 
that these needle-shaped ZnO tubes with polycrystalline walls consist of wurtzite-type 
ZnO layers. It is implied that the supersaturation near the side surface of the growing 
crystal is higher than that at the centre, leading to preferential stronger nucleation and 
growth along the [0001] direction of the side surface. Furthermore, hydrogen peroxide 
could support the growth along the [0001] direction and the side-face by providing 
enough oxygen. The most likely growth mechanism is that described in the references 
[16]: an initially grown sheet turns into a roll and the cone-shaped roll transforms into 
a cylindrical tube, presumably via a dislocation “zipper” mechanism. Finally, a hollow 
tube transforms into a needle. 

3.3. Photoluminescence 

Figure 3 presents the photoluminescence (PL) spectra of the as-prepared ZnO 
crystallites fabricated at various temperatures, excited with 325 nm UV light from 
a He-Cd laser at room temperature. A typical emission spectrum consists of a peak at 
ca. 400 nm, a broad blue emission at ca. 410–470 nm, and a narrow green one at ca. 
550 nm. The visible emission is usually considered to be related to various intrinsic 
defects produced during preparation of ZnO and post-treatment. Normally, these de-
fects are located at the surface of the ZnO structure. The blue emission corresponds to 
the zinc vacancy and oxygen vacancy; the zinc vacancy forms a shallow acceptor level 
and the oxygen vacancy forma a shallow donor level [17]. There are two kinds of tran-
sitions for blue emission: one is electron transition from conduction band to the shal-
low acceptor level formed by zinc vacancy, the other is an electron transition from the 
shallow donor level formed by oxygen vacancy to the valence band. The UV emission 
corresponds to the near band-edge emission resulting from the recombination of free 
excitons. 

Figure 3 shows that the UV emission gradually diminishes, while the blue emis-
sion intensity increases and the UV peaks cannot be observed in Fig. 3, curves d and e. 
It implies that the blue emission probability is higher than that of the UV emission due 
to the concentration of zinc vacancies and oxygen vacancies increasing as the hydro-
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thermal temperature increases. The green emission is commonly referred to as the 
singly ionized oxygen vacancy and the emission results from the radiative recombina-
tion of photo generated holes with electrons occupying oxygen vacancies [18]. 

 
Fig. 3. Room temperature photoluminescence spectrum of ZnO needles hydrothermally 

synthesized at: a) 70 °C, b) 90 °C, c) 120 °C, d) 150 °C, e) 180 °C 

 
Fig. 4. Room temperature photoluminescence spectrum of ZnO needles 

synthesized in: a) 30%, b) 25%, c) 10% H2O2 solution 

The room temperature PL spectra of the ZnO nanoneedles (batch 2) fabricated for 
three different quantities of H2O2 were recorded as shown in Fig. 4. A broad UV-blue 
emission peak scatters at around 400 to 470 nm and a green emission peak centred at 
about 550 nm are observed in Fig. 4. It is found that concentration of H2O2 has no 
influence on the PL properties when the concentration of H2O2 is higher than 10%. 
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4. Conclusion 

Tube-structured ZnO needles were successfully synthesized via a hydrothermal 
method in H2O2 solution. It was found that ZnO needles possess a tube structure encir-
cled by multilayer along the c-axis. Hydrogen peroxide could support the growth 
along c-axis and the side-face by providing enough oxygen. The XRD spectroscopy 
results show that each ZnO needle has a wurtzite structure, and the weak intensity of 
the (0002) peak is caused by the small area of (0001) cross section and a thin multi-
layer wall of the tube-structured needle. PL results reveal that the blue emission prob-
ability is greater than that of the UV emission as increasing the hydrothermal tempera-
ture or the concentration of H2O2 has no influence on the PL properties when the 
concentration of H2O2 is higher than 10%. 
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and photoluminescence spectroscopy 

S. CHOPRA1, R.P. GUPTA2, B.C. JOSHI2, G. ERANNA2, S. BANERJEE3* 

1Department of Physics, Birla Institute of Technology and Science,  
Pilani, Rajasthan-333031, India 

2Semiconductor Device Fabrication, Central Electronics Engineering Research Institute, 
Pilani, Rajasthan-333031, India 

3Department of Physics, Birla Institute of Technology and Science Pilani,  
Hyderabad Campus, Andhra Pradesh, India 

Amorphous silicon nitride (a-SiNx:H) films were deposited at 300 °C by plasma-enhanced chemical 
vapour deposition. Silane/ammonia (SiH4/NH3) and silane/nitrogen (SiH4/N2) gas compositions were used 
at various flow rates to study the effect of hydrogen passivation of the films using the photoluminescence 
(PL) spectroscopy. Fourier transform infrared (FTIR) spectroscopy was employed to derive the relative 
changes in the total bonded hydrogen (TBH) concentration with increasing flow rates. The composition 
and the refractive indices of the as-deposited films were also extracted using the bond density calculations 
from FTIR spectra. The calculated refractive indices of the silicon nitride films were consistent with the 
ellipsometry measurements. The PL spectra were observed to be free from any interference effect and this 
was attributed to the nitrogen related defects in all the a-SiNx:H films. The films deposited using 
SiH4/NH3 showed a higher PL intensity than those deposited in a SiH4/N2 environment. A direct relation 
between the PL intensity and TBH content of the films was found. 

Key words: silicon nitride; PECVD; FTIR; photoluminescence; hydrogen passivation 

1. Introduction 

Since the discovery of visible light emission in porous Si [1], intense research ac-
tivity has been focused on Si nanostructures for their potential application in Si-based 
light-emitting devices (LED), which is compatible with the current electronic ultra 
large scale integration technologies [2]. Several prototype devices have been demon-
 __________  
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strated recently in silicon dioxide (SiO2) embedded with Si nanostructures, revealing 
a bright future for Si-based photonics [3, 4]. However, a too large band gap of SiO2 
hinders the injection of carriers, reducing the efficiency and reliability of the devices. 
In this context, silicon nitride embedded with Si nanoclusters has received great atten-
tion due to its smaller band gap and lower tunnelling barrier in comparison with 
SiO2 [5]. This makes it more advantageous for carrier injection in electroluminescent 
devices, often showing intense light emission in the full visible light range in photo-
luminescence (PL) spectroscopy studies [6, 7]. Thus, Si-rich nitride structures emerge 
as potential candidates for the development of tunable and highly efficient Si-based 
LEDs [8, 9]. However, the origin of PL from Si-rich nitride films (hereafter referred as 
SRN) is still a subject of debate. Though it has been related to the quantum confine-
ment effect of Si nanoclusters in SRN films [10], the radiative lifetime of this SRN 
structure was found to be much shorter than that of Si nanocrystals [11–13]. Thus 
there was an apparent ambiguity whether the light emission comes from the defect 
centres or Si nanoclusters or even from the interface states in the SRN films [14, 15]. 
Moreover, a thin hydrogenated silicon nitride film on a polished substrate has optical 
properties similar to those of Fabry–Perot etalon so that it can exhibit interference 
effect, which may affect the shape of PL spectra substantially [16]. Hence further in-
vestigation of the origin of photoluminescence, particularly in light of the interference 
effect, is of utmost importance. 

The present study aims to clarify and classify the origin of PL in amorphous sili-
con nitride (a-SiNx:H) films, deposited under identical conditions, using plasma en-
hanced chemical vapour deposition (PECVD) technique in ammonia (NH3) and nitro-
gen (N2) ambience in the presence of silane (SiH4). Though there were several reports 
which showed that there existed a substantial difference in the hydrogen passivation of 
SiNx:H films deposited in NH3 and N2 atmosphere [10, 17], there have been very few 
works that related the dependence of PL intensity on the hydrogen passivation of those 
SRN films [18]. In this paper, we present a comparative study of hydrogen passivation 
in a-SiNx:H films deposited using the two gas systems mentioned above. Chemical 
bonds in the films were examined with the aid of a Fourier transform infrared (FTIR) 
spectrometry, and room temperature photoluminescence spectroscopy was employed 
to investigate the dependence of PL intensity on the hydrogen passivation of the SRN 
films, and from which a direct relation was found between the PL intensity and the 
hydrogen content of the films. 

2. Experimental 

The silicon nitride films were prepared using argon-diluted 3% silane with ammo-
nia and argon-diluted 3% silane with nitrogen at the purity in excess of 99.9999%, as 
the reactant gas sources. Hereafter the SiH4/NH3 and SiH4/N2 deposited samples will 
be referred as samples A1, A2 and A3 and samples B1, B2 and B3, respectively. The 
depositions were carried out on RCA cleaned Si(100) wafers kept at 300 °C. The op-
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erating frequency, the RF power and the pressure were maintained at 13.56 MHz, 
120 W and 0.3 Torr, respectively. Whereas only the gas flow rate ratios R(NH3/SiH4) 
and R(N2/SiH4) were set to 6.76, 10.14, 13.52 for samples A1, A2 and A3 and set to 
27.8, 37, 46.3 for samples B1, B2 and B3, respectively, the flow rate of SiH4 was kept 
at a fixed value of 10.8 sccm for both kinds of samples. The thicknesses t of the sam-
ples A1, A2 and A3 and samples B1, B2 and B3 were around 120 nm and 150 nm, 
respectively, as measured by a Stylus profilometer. An ellipsometer using 632.8 nm 
light (Sentech, Laserpro-37-001) was employed to determine the refractive indices of 
all the samples. Absorption spectra of the samples were obtained using a Shimadzu 
IR-Prestige-21 FTIR spectrometer at the resolution of 4.0 cm–1. The IR scanning range 
was from 400 cm–1 to 4000 cm–1. PL measurements were performed using a Shimadzu 
RF-5301PC spectrofluorophotometer under the excitation of the 450 nm line of a 150 W 
Xe lamp at room temperature. The amorphous nature of the as-deposited silicon ni-
tride films was confirmed from the broad hump-like feature exhibited in X-ray diffrac-
tion studies. 

3. Results and discussion 

3.1. FTIR Analysis 

Figure 1a shows the FTIR spectra of nitride films deposited using NH3 and Fig. 1b 
shows the corresponding spectra for the films deposited using N2. The figure exhibits 
the presence of N–H and Si–H bonds responsible for the hydrogen content present in 
these films. In samples A1, A2 and A3, the peaks for the stretching modes of Si–H 
and N–H bonds appear in the range 2330–2357 cm–1 and 3330 cm–1, respectively, with 
a broad Si–N stretching peak centred at 854 cm–1.  

 
Fig. 1. FTIR absorption spectra for SRN films deposited using: a) NH3/SiH4, b) N2/SiH4 gas systems 
exhibiting N–H, Si–H and Si–N stretching bonds. It is to be noted that N–H bonds are absent in b) 
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The absorbance peaks obtained in the samples B1, B2 and B3 are at 2345 cm–1 for 
the stretching mode of the Si–H bond with a broad Si–N stretching peak around 840 
cm–1. The peak positions obtained in the FTIR spectra of our samples are very similar 
to that reported by several groups in FTIR studies of SRN films [18]. It is also to be 
noted that there is a relative change in the concentration of Si–H and N–H bonds in the 
silicon nitride films. 

The Si–H and N–H bond concentrations were estimated by the integration of the 
absorbance peaks centred around 2340 and 3330 cm–1, respectively, using the follow-
ing equations [19]: 

 [Si–H] = Si H 2340Iβ −   (1) 

 [N–H] = N H 3330Iβ −  (2) 

where I is the integrated absorption and β represents the absorption cross sections with 
βSi–H = 7.4×10–18 cm2 and βN–H = 5.3×10–18 cm2 [20], thus 

 N H

Si H

1
1.4

β
β

−

−

=  (3) 

The total concentration of bonded hydrogen (TBH) in the silicon nitride film 
equals: 

 [Htotal] = [Si–H] + [N–H] = [ ]2340 3330const 1.4I I+   (4) 

Since, in this study, we are primarily interested in the relative change in TBH con-
tent under various gas flow rates, it is permissible to ignore the constant and use the 
sum of the two integrals (total area under the Si–H and N–H peaks) in the FTIR spec-
trum as a measure of the concentration of TBH (in arbitrary units) in the film as pre-
scribed by Cai et al. [19]. 

 

Fig. 2. PL intensity and TBH contents of the SRN films in function of: a) NH3, b) N2 flow rates. The 
figure clearly indicates a direct correspondence between PL intensity and TBH contents of the SRN films 



Hydrogen passivation in SiNx:H films 563

The value of TBH for samples A1, A2 and A3 was found to increase as the gas 
flow rate ratio R(NH3/SiH4) increases, as shown in Fig. 2a. This increase in TBH is 
attributed to the formation of more N–H bonds as R increases [18]. A close look at the 
FTIR spectra (Fig. 1) would reveal that samples B1, B2 and B3 contain more Si–H 
bonds and a negligible amount of N–H bonds. This can be attributed to the choice of 
improper plasma deposition parameters, namely, RF power and the gas flow rate ratio 
(N2/SiH4) in our study as predicted by Smith et al. [21, 22]. Hence TBH in this case 
would equal the integral area of Si–H bond only. Unlike the value of TBH for samples 
A1, A2 and A3, here it was found to decrease as the gas flow rate ratio R(N2/SiH4) 
increased, as depicted in Fig. 2b. This is consistent with a corresponding decrease in 
Si–H bond area as the gas flow rate ratio R (N2/SiH4) increases. Reduction of Si–H 
bond area can be explained by the displacement of hydrogen atoms from the adsorbing 
silane radicals as the N2 flow rate is increased [22]. 

It is customary to determine the composition x and the refractive index n of the as-
deposited SRN films. Though, ellipsometry is generally used to estimate the refractive 
indices of the silicon nitride films [23], there are several techniques to calculate the 
composition of the film. Zambom et al. [24] used Rutherford back scattering spectros-
copy to extract the composition of their nitride films, whereas Mackel et al. [25] calcu-
lated the same composition using the data on the bond densities available from the 
FTIR spectra of the films through the following equation 

 [Si]
[N]

 = 1
x

 = 0.084 [Si H]
[N H]

−
−

 + 0.70  (5) 

where [Si–H] and [N–H] correspond to the respective bond densities determined from 
the FTIR spectra. As we have carried out extensive analysis of FTIR spectra of the 
SRN films, it prompted us to adopt Eq. (5) for estimating the N/Si ratio of those films. 
Mackel et al. [25] also asserted that there is a relation between x and n such that 

 [N]
[Si]

3 3.3
4 0.5

nx
n

−= =
−

 (6)  

The composition x and the refractive indices for the samples A1, A2 and A3 are 
estimated using Eqs. (5) and (6), respectively. The variation of the same data as 
a function of NH3 flow rate is plotted in Fig. 3. The values of the refractive indices 
were also obtained from the ellipsometry measurements, which show a variation from 
2.20 to 1.98 with the increase in the NH3 flow rate. It is clear from Fig. 3 that the cal-
culated values of the refractive indices are in close agreement with the ellipsometry-
derived values. The increase in the N/Si ratio with the increase in the NH3 flow rate is 
attributed to the increase in [N–H] bonds, as is evident from the FTIR spectra 
(Fig. 1a). Similar correlations between the composition and [N–H] bond densities 
were also reported by Zhang et al. [23] in silicon nitride films. However, we avoided 
direct estimation of the composition for samples B1, B2 and B3 using Eq. (5) as it 
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would lead to erroneous result due to the negligible presence of [N–H] bonds in those 
samples. Instead, Eq. (6) was used to estimate the N/Si ratio from the knowledge of n, 
extracted from the ellipsometry data. Since the refractive indices for samples B1, B2 
and B3 vary nominally between 2.0 and 1.95 as obtained from the ellipsometry meas-
urements, the values of x turn out to vary only between 0.65 to 0.70, respectively. 

Fig. 3. Refractive index and [N]/[Si] vs. NH3 
flow rate as calculated from Eqs. (5) and (6) 

3.2. Analysis of photoluminescence  

Figure 4 shows the room temperature PL spectra of samples A1–A3 and B1–B3. 
A comparison between PL intensities of two typical SRN films, namely, sample A1 
and sample B1 is shown in Fig. 5, indicating a stronger visible photoluminescence 
response for the sample A1 than for the sample B1. A similar trend is also seen for the 
other sets of samples. The PL intensity in the former case was found to be nearly 1.3 
times higher than that in the latter case. This increase is attributed to a better hydrogen 
passivation in samples A1, A2 and A3, as more N–H bonds contribute to the TBH 
content [18].  

 
Fig. 4. PL spectra of samples: a) A1 (■), A2 (▲), A3 (●) and b) B1 (●), B2 (▲), B3 (■).  

The figures show an insignificant shift in the emission wavelengths both in a) and b) 
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The PL intensity for these samples was also found to increase as the NH3/SiH4 ra-
tio increases, as shown in Fig. 2a. This observation is consistent with the increase in 
the N/Si ratio as the NH3 flow rate increases (Fig. 3). On the other hand, Fig. 2b shows 
a small decrease in PL intensity with the increase in the N2/SiH4 ratio for the samples 
B1–B3. This can be explained by a slight decrease in TBH content if there is an in-
crease in the N2/SiH4 ratio, where the bonds S–H between the hydrogen and the silicon 
atoms start breaking as the N2/SiH4 ratio increases as mentioned earlier [22]. It is  
interesting to note that in both kinds of the samples we found a one-to-one correspon-
dence between the TBH concentration and the PL intensity, as clearly exhibited in 
Fig. 2, though the variations were nominal in samples deposited using N2. The en-
hancement of PL in the case of NH3 deposited samples is clearly due to a greater hy-
drogen content, as given by the value of TBH, exhibiting a direct dependence of PL 
intensity on the extent of nonradiative defect passivation of the films, as recently pro-
posed by Kim et al. [18]. 

Fig. 5. PL spectra for two typical SRN films, 
namely, samples A1 (■) and B1 (▲)  

It is now important to investigate the luminescence mechanisms in the samples. 
Generally, luminescence mechanisms have been classified into two types, namely due 
to radiative defects in the film and due to the quantum confinement effect (QCE) in Si 
quantum dots [26]. In this context, three main radiative defect energy levels around 
1.8, 2.4, and 3.0 eV have been reported for a-SiNx:H films [15]. Pundur et al. [27] also 
observed two peaks, around 1.75 and 2.0 eV in SRN films using cathodolumines-
cence, which were also attributed to defect levels. 

Before analyzing the emission properties of SRN films to understand the origin of 
the PL spectra, it is essential to check if there is any interference effect that might have 
masked the true spectra or have resulted in any additional peak in the PL spectra. Two 
typical PL spectra corresponding to samples A1 and B2 (Fig. 4a, b) were thoroughly 
investigated in view of the interference effects by studying how the PL spectra are 
modified by changing the angle of incidence of light, as prescribed by Marra et al. 
[28]. The incidence angle with respect to the surface normal was intentionally varied 
by a small amount from the measurement angle θ and the corresponding PL spectra 
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were recorded. When the original PL spectra (Fig. 4a) are compared with the new 
ones, as shown in Fig. 6, it is evident that: an additional peak appears around 596 nm, 
which was previously absent for these samples, and two broad peaks mask the original 
peaks, which were situated around 696 nm (ca. 1.78 eV) and 718 nm (ca. 1.73 eV). 
Moreover, the PL intensity of the samples under investigation is much higher than that 
for the original PL spectra. These observations closely match the PL spectra resulting 
from the interference effect in a thin amorphous nanocrystalline silicon film as re-
ported by Golubev et al. [16]. It is to be noted that as the true luminescence spectrum 
in a film–transparent substrate system can always be reconstructed by straightforward 
division of the PL spectrum by the experimental transmission spectrum, it was sug-
gested that a sample showing comparatively lower PL intensity will not indicate the 
interference effect, unlike as observed in our SRN films [16]. It is clear from Fig. 6 
that there is no shift in the peak positions compared with those obtained in the original 
PL spectra. This also supports our conclusion that the original PL spectra of SRN 
samples are free from interference effects [28]. 

 

Fig. 6. Combined plot of the original PL spectra (□) and the PL spectra obtained by changing the measurement 
angle (θ) of light (▲) for the samples: a) A1, b) B2 with thicknesses ca. 120 nm (a) and 150 nm (b) 

In the PL spectra of SiNx:H films (Fig. 4) one can observe two peaks, around 
697 nm (ca. 1.78 eV) and 718 nm (ca. 1.73 eV) for samples A1–A3 whereas in sam-
ples B1–B3, they were found around 696 nm (ca. 1.78 eV) and 718 nm (ca. 1.73 eV). 
Along with it, an insignificant shift in the emission wavelengths has also been appar-
ent in both kinds of films. This eliminates the possibility that photoluminescence in 
the as-deposited nitride films was due to any QCE, which is generally associated with 
a blue shift [18]. The emission peaks obtained near 1.78 eV and 1.73 eV in all samples 
could be associated with the recombination between nitrogen defect states 4N+  and 

0
2N  which are mostly present in a-SiNx:H films as suggested by several groups 

[15, 23]. The absence of other defect related peaks, namely around 2.4 eV and 3.0 eV, 
could be due to the choice of excitation wavelength (450 nm = 2.76 eV) which may 
not be sufficiently high to excite those defects, as claimed by Wang et al. [29]. 
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4. Conclusion 

Silicon nitride films have been fabricated by PECVD using SiH4/NH3 and SiH4/N2 
gas compositions. The composition ratio (N/Si) of the SRN films deposited using NH3 
was found to increase with the NH3 flow rate, whereas the analogous ratio for N2 de-
posited films showed a nominal increase with the N2 flow rate. The refractive indices 
of the SRN films vary between 2.20 to 1.98 and 2.0 to 1.95 for samples deposited 
using NH3 and N2, respectively. The PL in both kinds of films is found to be free of 
any interference effect: this was attributed to the recombination between the nitrogen 
defect states 4N+  and 0

2N .  The absence of signatures of other defects around 2.4 eV 
and 3 eV in the films could be related to the inadequacy of the excitation wavelength 
(450 nm). On changing the gas flow rates, improved PL was observed when using 
NH3 as the reactive gas, instead of conventional N2. This enhancement/suppression of 
PL intensity in the case of the NH3/N2 deposited samples is due to the presence of 
greater/less hydrogen content, as given by the value of TBH, resulting in a direct cor-
relation between the PL intensity and the TBH content of the films. It is also con-
cluded that the existence of Si–H and N–H bonds could effectively passivate the non-
radiative defects in the films. However, to ascertain the role played by the defect states 
in tuning the PL spectra, it is crucial to investigate how the PL intensity is modified 
after the samples are annealed at various temperatures. Such investigations are already 
underway. 
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Details on the transport measurements of high-Tc superconductors have been presented using the van 
der Pauw technique. Basic procedures to obtain good and reliable results in polycrystalline samples were 
discussed. The influence of heating rates and the direction of the applied magnetic field on the results of 
measurements has been examined. An unexpected nonzero transverse voltage at zero magnetic field was 
observed in the vicinity of the superconducting temperature transition (Tc). Measurements in two different 
magnetic field directions allowed one to calculate the symmetric and the asymmetric components of the 
Hall resistance. Those components were calculated for two different superconductor systems and ana-
lyzed in the framework of the recent theory about the longitudinal and transverse voltages in high-Tc 
superconductors. 

1. Introduction 

The measurement of electrical resistivity and the Hall effect in high-Tc supercon-
ductors (HTSC) remains a subject of great interest [1–5]. In particular, the unusual 
behaviour of the Hall effect in many high-temperature superconductors and in some 
conventional superconductors has become a persistent problem in understanding the 
flux motion in superconductors. To measure resistivity and the Hall effect employing 
standard methods, the samples need to be processed into a bar structure with two end 
contacts, for passing electrical current, and two pairs of thin protruding leads on each 
side of the bar, where the longitudinal and Hall voltages can be measured. In an ideal 
case, the Hall contacts should be correctly placed to avoid longitudinal contributions 
to the Hall voltage. Since the superconductor samples are usually very small and have 
no regular geometry, the fabrication of such contacts is more difficult. 

In a normal state, the Hall effect in superconductors is antisymmetric in an exter-
nal magnetic field, and should be zero at zero magnetic field. However, for real sam-
 __________  
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ples we usually find a finite voltage at zero field which can superimpose on the Hall 
signal when a magnetic field is applied. This undesired contribution can result from 
either a geometrical mismatch in voltage contacts, a misalignment of the magnetic 
field and current directions, or the inhomogeneity of the sample. Several methods are 
used to eliminate or reduce that undesired contribution. One of them is the technique 
elaborated by van der Pauw (vdP) [6, 7]. The van der Pauw technique enables the 
measurement of resistivities on thin samples with arbitrary shapes. In contrast to Hall-
bar measurements, the vdP technique requires only four sufficiently small contacts 
placed at the circumference of an arbitrarily shaped (but simply connected) sample  
[6, 7]. The methods of reversing magnetic field and without reversing its direction 
may be used. 

The method of reversing magnetic field is based on the fact that the Hall potential 
changes its sign (but not the absolute value) after reversing the magnetic field while 
the longitudinal potential remains the same. The non-Hall potentials can be thus 
eliminated after two measurements in both field directions (H, –H). Here, we have to 
keep in mind that the polarity of the injected current should be kept the same. So, the 
longitudinal and Hall voltages can be calculated by: 
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AC BD AC BD

XY

V H V H
V

⎛ ⎞− −
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where the VAC,BD is defined as the voltage between points A and C when an applied 
current flows through contacts B and D (see Fig. 1). 

 
Fig. 1. Schematic view of the electrical 

contacts in the sample 

In the method without reversing the applied magnetic field, the voltage due to 
the transversal electric field can be detected by permutation of voltage and current 
contacts (see Fig. 2). Any pair of contacts can be used as current contacts and the 
remaining pair as voltage contacts. From the reciprocity theorem it follows that 
VAC,BD(–H) = VBD,AC(H) [8, 9]. Thus, the Hall and longitudinal voltages can now be 
reformulated as: 
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Fig. 2. Scheme of a four probe configuration used for the longitudinal (left) and Hall  
voltages (right) measurements. The solid and dashed arrows represent current  

and potential pairs of the contacts, respectively. In the top, the two configurations denote  
VAB,CD and VAC,BD and the other two below VAB,CD and VBD,AC voltages, respectively 

Based on the methods described above, this work reports an important dc tech-
nique which uses the van der Pauw method for measurements HTSC polycrystalline 
sample. Firstly, a modified method has been presented. Basic procedures to obtain 
good and reliable results have been discussed. The influence of heating rates and of 
the direction of the applied magnetic field is described. The results are analyzed in the 
framework of the recent theory of the longitudinal and transverse voltages in high-Tc 
superconductors. 

2. Experimental 

Polycrystalline samples of YBa2Cu3O7–δ were prepared by a solid state reaction. 
Samples of the Bi2Sr2Ca1–XPrXCu2O8+δ superconducting system were also prepared 
with x = 0.2 and 0.3. X-ray powder diffractometry showed that all the samples are 
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single phase. For more details about sample preparation and characterization see the 
references [10, 11]. 

In order to obtain a good voltage signal, the sample was mechanically polished un-
til very thin square prism had been obtained. The contacts were placed in the corners 
as shown schematically in the Fig. 1. The electrical terminals were prepared using low 
resistance sputtered Au contacts (~ 0.1 Ω). Magneto-transport properties were studied 
using a Maglab Oxford system of 9T. The magnetic field was applied perpendicular to 
the sample surface. A constant current was applied using a programmable current 
source Keithley model 220, and the corresponding voltage was measured using 
a nanovoltmeter Keithley model 181. VXX and VXY were measured by means of the van 
der Pauw technique, with permutation of the voltage and current contacts. The con-
tacts were appropriately switched using a computer-controlled relay circuit (Fig. 3). In 
this method, the Hall and longitudinal voltages were measured simultaneously at each 
temperature and each applied magnetic field. Data acquisition and calculation of VXX 
and VXY were done in real time using the LabVIEW software [12]. 

 

Fig. 3. Measurement setup for the modified switching contacts exploiting  
the van der Pauw technique. The contacts are switched using four different relays 

Noise (thermopower effects, etc.) was eliminated by reversing the transport cur-
rent polarity (I) in the samples under measurement. Thus, to obtain longitudinal (VXX) 
and transverse (VXY) voltages, eight voltage signals were measured. The VXX and VXY 
components were calculated based on the combination of eight records, which can be 
expressed as 
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and 
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By the method without field reversal, all voltages may be detected due to the 
transversal electric field. However, using Eq. (6), we can only partially compensate for 
those voltages added to the Hall effect. In this case we should also revert the magnetic 
field to separate the asymmetric and symmetric part of the Hall effect. 

3. Results and discussion 

Separating the Hall effect signal from its resistive offset signal is hard enough un-
der normal circumstances, but it becomes even more challenging when the resistivity 
is drifting rapidly, as happens in materials transforming from metallic to superconduc-
tor behaviour. An important prerequisite for the validity of Eqs. (5) and (6) is that the 
measurements of the eight components are made under the same conditions, especially 
at the same temperature. Thus, the van der Pauw measurement of high-Tc supercon-
ductors requires consideration of some additional factors such as the influence of heat-
ing conditions of the sample during the measurement. 

 

Fig. 4. Longitudinal resistance (upper curves) and transverse resistance of YBa2Cu3O7–δ 
(lower curves) in function of the temperature measured for the various heating rates  

at B = 0, and I = 30 mA 

We have performed a number of tests focused on the temperature stabilization of 
the sample. Figure 4 presents longitudinal (RXX) and transverse (RXY) resistances in 
function of temperature for the sample of YBa2Cu3O7–δ measured at various heating 
rates under zero applied magnetic field. Measurements were taken during heating at 
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the rates of 0.2 K/min and 2 K/min. At 2.0 K/min, the onset of the superconducting 
transition is far from the well-reported critical temperature for YBa2Cu3O7–δ 
(Tci ≈ 90 K). However, at 0.2 K/min, Tci is ca. 89 K which suggests that the measure-
ment was performed under thermal equilibrium. Note that RXX is essentially independ-
ent of the heating rate but the longitudinal resistance moves towards lower tempera-
tures for higher heating rates. However, in the RXY signal, both the intensity and the 
temperature dependence are altered with the change in the heating rate. The peak in-
tensity (positive) at Tc increases while the second peak intensity (negative), at lower 
temperatures, decreases as the heating rate increases. Also both peaks move towards 
lower temperatures at 2 K/min. Based on these results, we conclude that lower heating 
rates are crucial for reliable transport measurements in superconductor materials, es-
pecially for Hall effect measurements. 

The fact of occurrence of the Hall resistance at zero magnetic field is worth not-
ing. In the mixed state, the Hall resistance in superconductors results from hydrody-
namics vortices produced by the current flowing through the sample in an external 
magnetic field [1–5]. Then, in zero magnetic field we should not observe the appear-
ance of a transverse voltage. However, transverse voltages in zero magnetic field have 
been observed in various HTSC materials [1, 5, 13–17]. Near Tc, a free vortex in the 
mixed state was observed which can be generated without the application of an exter-
nal magnetic field. In this case, vortex–antivortex pairs may be excited by thermal 
fluctuations in the superconducting state, or induced by transport current passing 
through the sample on the opposite sides of the sample [13–17]. From Fig. 4, we can 
clearly see nonzero longitudinal transverse voltage close to Tc at zero magnetic field. 
The VXY curves are non-zero close to the critical temperature with the maximum value 
approximately in the middle of the longitudinal superconducting transition, which has 
been reported in the literature [14, 15]. Moreover, a sign change from positive to nega-
tive is observed as the temperature decreases. In a true superconducting state (R = 0 in 
the longitudinal resistance) and in the normal state (T > Tc), no finite transversal vol-
tage was detected. These results can be explained based on induced vortex–antivortex 
pairs applying the guiding vortex model [15]. The theory of the guiding vortex was 
proposed to explain the even effect in superconductors which assumes the existence of 
a new force acting on the vortex. This force (the guiding force) impels the vortex to 
move only in a given direction that is determined by the direction of the pinning po-
tential valley. However, the nature of this pinning potential has not been completely 
solved. One of the promising models is the intrinsic pinning model, which assumes 
that the origin of the guiding forces is due to the layered structure of the HTSC [18]. 
Other mechanisms such as grain boundary guiding in polycrystalline materials for 
example, should be kept in mind. This model seems to offer a consistent explanation 
of our results. 

In general, transverse voltage consists of three components: a component coming 
from the geometrical misalignment of the contacts, a Hall voltage component, and 
a component originating from the guided motion of vortex and antivortex. The geo-
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metrical misalignment can be detected by normal state measurements in zero magnetic 
field. In our case, in the normal state, no transverse voltage was detected at zero ap-
plied magnetic field. Therefore, the transverse voltage in zero magnetic field cannot 
originate from a geometrical misalignment of the contacts. The other two components 
can be distinguished by comparing the voltages measured in two opposite magnetic 
field directions: while in the Hall voltage, the sign of the measured voltage depends on 
the applied magnetic field direction because the vortex motion is only governed by the 
Lorentz force: in the case of the guided vortex–antivortex motion, it is independent of 
the field direction. This difference gives us the chance to distinguish between genera-
tion mechanisms of these two voltages. Figure 5a shows the transverse voltage in 
function of the temperature measured in the same sample that was presented in Fig. 4 
under magnetic field in positive (H = 9 T) and negative (H = –9 T) directions. 

 

Fig. 5. Transverse resistance in function of the temperature measured  
in the sample of YBa2Cu3O7–δ at the applied magnetic field in positive (H = 9 T)  

and negative (H = –9 T) directions (a); and symmetric  
and asymmetric transverse resistances calculated from the data of Fig. 4a (b) 

From Figure 5a we can observe two distinct behaviours: above Tc (ca. 90 K), RXY 
is dependent on the direction of the applied magnetic field; below Tc, the transverse 
resistance is independent of its direction. Using RXY measurements in both directions 
of the magnetic field, we can calculate the symmetric ( )S

XYR  and asymmetric ( )A
XYR  

resistance components. To obtain the symmetric transverse resistance which is due to 
the applied magnetic field, we should calculate S

XYR  = (RXY(H) – RXY(–H))/2, where 
RXY(H) and RXY(–H) are measured under magnetic field applied in positive and nega-
tive directions, respectively. The asymmetric transverse resistance was calculated as 

A
XYR  = (RXY(H) + RXY(–H))/2. The results for both components are presented in Fig. 5b. 

In the normal state (T > Tc), the symmetric component presents a positive signal, as 



M. S. DA LUZ et al. 576

observed for several superconductor materials. In the superconducting state (T < Tc) 
no transverse voltage was detected for this value of magnetic field. Thus, we can say 
that this component presents the true Hall resistance effect. The inset (Fig. 5b) shows 
the asymmetric component which can be due to guided motion of vortex and anti-
vortex, similar to Hall measurements in zero applied magnetic field. 

 

Fig. 6. S
XYR in function of temperature for the same sample YBa2Cu3O7–δ for various magnetic  

fields. The inset shows the transverse resistance in function of magnetic field at ca. 100 K 

In Figure 6, we show other results for S
XYR  in function of temperature for the sam-

ple YBa2Cu3O7+δ for various magnetic fields. In the normal state (see inset), the trans-
verse voltage is positive and increases linearly as the strength of the applied magnetic 
field increases, as is expected of hole-doped high-Tc superconductors [19, 20]. The 
resistance changes from positive to negative below Tc for low and moderate magnetic 
fields. Higher fields suppress this sign reversal and restore RXY > 0 near Tc, while at 
low temperatures RXY tends to zero. There are several models to explain this effect, but 
common agreement has not been achieved up to now [3, 5]. In addition to the sign 
reversal near Tc, the S

XYR  measured for the sample Bi2Sr2Ca0.8Pr0.2Cu3O8+δ suggest the 
occurrence of a second sign reversal which has been observed in most high-Tc super-
conductors (see inset of Fig. 7) [21, 22]. The error is about 5%. Figure 7 shows longi-
tudinal resistance (upper) and symmetric transverse resistance (lower), calculated from 
the results of the van der Pauw measurements at 5 T. In the RXX we can see a broad 
superconducting transition which can be related to granular superconductivity. The 

S
XYR  is positive in the normal state and changes to negative around Tc. These sign re-

versals in the transverse component are believed to be related to the quasiparticle or 
vortex-core contributions which are associated with the normal state excitation, super-
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conducting dissipation resulting from vortex hydrodynamics and superconducting 
fluctuations [22]. 

 

Fig. 7. Longitudinal resistance (upper) and symmetric transverse (lower) resistances 
calculated from the results of the van der Pauw measurements at 5 T, for the sample of  

Bi2Sr2Ca0.8Pr0.2Cu3O8+δ. In the inset, the results suggest a double sign reversal  
of the RS

XY in the vicinity of Tc 

 

Fig. 8. Longitudinal resistance (upper) and symmetric transverse (lower) 
 resistances calculated from results of the van der Pauw measurements at 3 T,  

for the sample of Bi2Sr2Ca0.7Pr0.3Cu3O8+δ 

Finally, the longitudinal resistance and symmetric transverse resistance, calculated 
from results of the van der Pauw measurements at 3 T for Bi2Sr2Ca0.7Pr0.3Cu3O8+δ are 
shown in Fig. 8. We have noted a very wide superconducting transition in the tem-
perature dependence of RXX. In contrast with that observed for Bi2Sr2Ca0.8Pr0.2Cu3O8+δ 
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(see Fig. 7), no sign inversion was observed in the transverse component. This differ-
ence in behaviour probably reflects the difference in the flux dynamics and the nature 
of the pinning mechanism between these two superconductor materials. Similar behav-
iour is observed in some of the conventional high-Tc superconductors in the mixed 
state, but is not fully understood yet [23]. 

4. Conclusion 

A modified van der Pauw technique has been presented to measure transport prop-
erties of HTSC superconductors. It was observed that a low heating rate is crucial for 
obtaining reliable transport measurements in high-Tc superconducting materials. It is 
necessary to carry out measurements in two opposite magnetic field directions in order 
to separate the transverse resistance components. We believe that this technique makes 
real-time Hall and longitudinal measurements practical in undergoing superconducting 
transitions. 
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 Composites were made from isotactic polypropylene and lignocellulosic materials derived from 
hemp and flax plants using moulding and hydraulic pressing techniques. Frequency dependences of the 
electric permittivity ε ′  and the ac conductivity σac of the composite samples were measured in the fre-
quency range from 100 Hz to 13 MHz at room temperature. The linear relationship between the reciprocal 
relative permittivity (1/ε ′) and the volume fraction of the lignocellulosic material was established. The 
loading of the polypropylene with the lignocellulosic materials increases the electric permittivity ε ′ and 
improves the electrical conductivity σac. The effect of temperature (150–450 K) on the dielectric spectrum 
of polypropylene and the composites was investigated in the frequency range from 100 Hz to 1 MHz. 
Four dielectric relaxation processes were found in the spectra of the composites: β – ascribed to the local 
motion of the main polymer chain, βwet – associated with the presence of water, δ – related to the motion 
of the end groups in the branched polymers and σ – due to the conductivity effect. The dielectric spec-
trum of polypropylene does not exhibit anomalies. 

Key words: polymer matrix composites; lignocellulosic material; electrical properties 

1. Introduction 

Composites of thermoplastic polymers based on lignocellulosic fillers are widely 
used in several branches of industry, e.g. automotive and building engineering [1], 
aviation and the packaging industry [2]. Mechanical and physical properties of 
a polymer can be improved by addition of a lignocellulosic filler [3–5]. Composites 
made from polypropylene (PP) and wood fibre are known to exhibit significantly 
higher stiffness than unreinforced polypropylene [6]. The loading of the polypropylene 

 __________  
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with rice husk powder increases Young’s modulus and the flexural modulus of the 
composite, compared with those of the polypropylene [7]. Cellulose fibres incorpo-
rated into the polyethylene matrix also enhance the mechanical performance of the 
composite [8–10]. The most interesting feature of the biocomposites is their partial 
biodegradability as the filler materials come from a natural resource. The addition of 
lignocellulosic materials results in a significant decrease of such essential parameters 
as heat release rate (HRR) peak and mass loss rate (MLR) [11, 12] which are very 
important in terms of the resistance against the fire expansion. The nonabrasive nature 
of lignocellulosic fillers allows one to treat biocomposites as an ecological alternative 
[1] to composites reinforced with glass fibre and other mineral fillers. An additional 
advantage of the polymer composite based on the lignocellulosic filler is their sound 
absorption capacity due to the anatomic structure of the tubiform lignocellulosic com-
ponents [13–16]. The hollow structure is responsible for the insulation against heat 
and noise. 

Combination of the polymer and the lignocellulosic materials results in new di-
electric properties of the composite. The possibility of designing new materials with 
predictable properties is very promising from the application point of view. The mate-
rials characterized by a low electric permittivity are applied as insulators to cut off the 
energy flow in alternating and direct electric current circuits. However, to achieve 
good energy accumulation in the presence of an electric field, materials having high 
electric permittivity are particularly suitable. In the latter application, the temperature 
insensitivity and the dispersion of the electric permittivity are of great importance 
because the materials are often used for thermal compensation of the electric circuits 
as well as they work in high frequency range [17]. Recently, new composite materials 
with non-standard dielectric properties were designed. The composites containing 
hollow keratin fibres are characterized by unusually low value of electric permittivity 
due to air present inside [18]. They can replace dielectrics in microchips and printed 
circuit boards used in the electronic industry. Some composites were designed with 
the aim of application as antistatic materials to dissipate static charges. They show 
typical behaviour which can be concluded: the electric permittivity, the dissipation 
factor and the electrical conductivity increase steadily with increasing fibre loading 
whereas the volume resistivity decreases with increase of fibre content. Sisal fibre 
reinforced LDPE [19, 20], sisal–oil palm hybrid biofibre reinforced natural rubber [18] 
and epoxy resin reinforced with sisal fibre [21] belong to this kind of biocomposites. 

In recent years, the composites of polypropylene reinforced with hemp [22] and 
flax [23] were developed. The thermal behaviours and thermal decompositions of both 
composites were examined by the differential scanning calorimetry (DSC) and ther-
mogravimetry (TGA), in addition to microscopy analyses. The mechanical properties 
(tensile modulus, stress and elongation at break) of polypropylene–hemp composites 
were also determined [22]. However, dielectric properties of polypropylene composites 
reinforced with hemp and flax have not been investigated to date. The aim of this work 
is to show the influence of the lignocellulosic material loading on the electric permittiv-
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ity ε′  and on the ac conductivity σac of the composites. The temperature dependences of 
the electric permittivity ε′ and the loss factor ε′′ have also been studied. 

2. Experimental 
Materials. Isotactic polypropylene Malen F-401 (Melt Flow Index 230/2.16 = 2.4 

–3.2 g/10 min, isotacticity 95%), produced by Orlen Płock (Poland) was used as 
a matrix for fabrication of the composites. Lignocellulosic materials: long and short 
flax fibres, long and short hemp fibres as well as flax and hemp shivers were used as 
filling materials. 

Sample preparation. The composites were made by two different methods. The 
former one consisted in mixing crumble lignocellulosic materials with polypropylene 
granulate in proportion of 25 wt. % of natural component. After that, the extrusion 
was carried out using a “Fairex” (McNell Akron Repiquetn, France) single-screw ex-
truder, L/D = 25. The composite material was obtained in a granulate form [24]. To 
obtain samples for investigations, the granulate of the composite was melted in 
a mould between heating plates at 200 °C under the load of 3000 kG. The composites 
containing long fibres of hemp and flax (40 wt. %) were fabricated using only the 
technique of hydraulic pressing at 200 °C under the load of 3000 kG, described else-
where [25]. Finally, all the samples assumed the shapes of disks, typically having the 
diameter of 10 mm and the thickness of 1.5 mm. In Table 1, all the fabricated samples 
are specified. 

Table 1. Specification of the investigated samples 

No.  Material 
Density
[kg/m3] 

Volume fraction of the
lignocellulosic material 

1 Polypropylene (PP) 881.8 0 
2 PP+25% of short hemp fibres 862.5 0.27 
3 PP+25% of hemp shivers 911.3 0.28 
4 PP+40% of long hemp fibres 927.9 0.37 
5 PP+25% of short flax fibres 883.0 0.25 
6 PP+25% of flax shivers 943.1 0.20 
7 PP+40% of long flax fibres 934.6 0.37 

 
Measurement. The plane surfaces of the samples (Table 1) were covered with gold 

electrodes using the BALTEC SCD 050 sputter coater and fixed to the sample holder 
of the measurement device. Frequency dependences of the electric permittivity ε ′   and 
the ac conductivity σac of the samples were measured by means of a computer aided 
(program WinDETA V4.0) HP 4192 LF impedance analyzer operating in the fre-
quency range from 100 Hz to 13 MHz at room temperature.  

The effect of temperature variation on the dielectric spectrum of PP as well as the 
of the composites was investigated in the frequency range from 100 Hz to 1 MHz us-
ing a computer-aided (program HP VEE) HP-4284A precision LCR meter. The sam-
ples were mounted in a CF 1204 Oxford Instruments cryostat equipped with an ITC 4 
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temperature controller. The measurements were performed during heating from 150 K 
to 450 K at the rate of 1 K/min. 

The relative electric permittivity ε ′ was calculated from the expression: 

 
0

' Cd
S

ε
ε

=   (1) 

where: C is the capacitance of the condenser with the dielectric, S stands for the area 
of the sample covered by the electrode, d means the thickness of the sample and ε0 
equal to 8.85·10–12 F/m is the electric permittivity of the vacuum. 

The ac conductivity σac was determined by using the following equation: 

 0 tanacσ ε ωε δ′=  (2) 

where tanδ  denotes the dielectric dissipation factor  and ω stands for the angular fre-
quency. 

3. Results and discussion 

The frequency dependences of the electric permittivity ε ′ measured at room tem-
perature for the polypropylene composites reinforced with various lignocellulosic 
materials derived from hemp and flax are presented in Figs. 1 and 2. The effect of 
loading with the lignocellulosic material consists in the increase of the electric permit-
tivity ε ′ over the whole measurement frequency range. The effect is predominant at 
lower frequencies. This result is very similar to that obtained by Paul et al. [19] for 
sisal fibre–LDPE composites. 

Pure polypropylene is a non-polar hydrophobic material which shows only instan-
taneous ionic and electronic polarization. Its electric permittivity ε ′ remains nearly 
constant over the whole frequency range with a slender increase below 103 Hz. The 
addition of a hydrophilic lignocellulose material to the polypropylene entails the inser-
tion of polar groups into the non-polar material, explaining why the polarization, de-
pendent of the dipole reorientation, increases. Moreover, the presence of the hydroxyl 
groups –OH in the cellulose, the hemicellulose and the lignin extends the moisture 
absorption, due to the interaction of –OH groups and water molecules. The overall 
polarization of the composite, being the sum of three contributions: electronic, ionic 
and dipole reorientation-related ones, exhibits the maximum values at low frequencies 
and decreases with increasing frequency. The same behaviour shows the electric per-
mittivity of the composites ε’. 
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Fig. 1. Frequency dependences of electric  
permittivity ε′ obtained for PP and the composites 
with hemp: No. 1 – PP, No. 2 – PP + 25 wt. % of 
short hemp fibres, No. 3 – PP + 25 wt. % of hemp 
shivers, No. 4 – PP + 40 wt. % of long hemp fibres 

Fig. 2. Frequency dependences of electric 
permittivity ε ′ obtained for PP and the composites 

with flax: No. 1 – PP, No. 5 – PP + 25 wt. % of 
short flax fibres, No. 6 – PP + 25 wt. % of flax 

shivers, No. 7 – PP + 40 wt. % of long flax fibres 

The relative electric permittivity ε ′ increases as the content of the lignocellulosic 
material increases. In the higher frequency range, i.e. above 106 Hz, the value of the 
relative electric permittivity ε ′ tends to the constant value fixed by squared refractive 
index. Moreover, the values for composites with the same content (25 wt. %) of dif-
ferent lignocellulosic materials converge. In the case of hemp–polypropylene compos-
ites (Fig. 1), one can notice that the values of ε ′ for PP + 25 wt. % of short hemp fibres 
(No. 2) and for PP + 25 wt. % of hemp shivers (No. 3) are ca. 2.7. For the flax 
–polypropylene composites it can be seen (Fig. 2) that the values of ε ′ obtained for PP 
+ 25 wt. % of short flax fibres (No. 5) and for PP + 25 wt. % of flax shivers (No. 6) 
tend to 2.8 as the frequency increases. In the frequency range between 103 and 104 Hz, 
one can notice a characteristic point below which the crucial modification in the fre-
quency dependences of the relative permittivity ε ′ appears. Thus, the differences in the 
electric permittivity ε ′ are most significant in the low frequency range, and they are 
observed also for the composites having the same content of lignocellulosic materials 
derived from different parts of hemp and flax. The composites containing the shivers 
derived from hemp as well as from flax (25 wt. %) exhibit lower ε ′ than the ones 
comprising short fibres (also 25 wt. %). The shivers are the lignified parts of stems, 
separated from the fibres, and they show lower capacity of moisture absorption. This 
fact can be indicative of a smaller number of polar groups and lower polarization re-
lated to dipole reorientation. 
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Fig. 3. Reciprocal electric permittivity 1/ε ′  
in function of volume fraction of lignocellulosic 

material derived from hemp and flax 

Figure 3 displays the plots of the reciprocal relative electric permittivity 1/ε ′ vs. 
the volume fraction of lingocellulosic material derived from hemp and flax at the fre-
quency of 1 MHz. The obtained results are in agreement with the theoretical model of 
the electric permittivity for natural rubber biocomposites reinforced with sisal oil palm 
hybrid biofibre, as presented by Jacob et al. [18]. The relationship between the recip-
rocal of the relative electric permittivity ε ′ and the volume fraction of the lignocellu-
losic material is linear for the applied contents of the filler. The dielectric imperme-
ability of the composite decreases as the filler content increases. 

 

Fig. 4. Frequency dependences of ac conductivity
for the samples: No. 1 – PP, No. 2 – PP + 25 wt. % 

of short hemp fibres, No. 3 – PP + 25 wt. % of hemp 
shivers, No. 4 – PP + 40 wt. % of long hemp fibres 

Fig. 5. Frequency dependences of ac conductivity 
obtained for the samples: No. 1 – PP, No. 5 – PP + 25 
 wt. % of short flax fibres, No. 6 – PP + 25 wt. % of 

flax shivers, No. 7 – PP + 40 wt. % of long flax fibres 

The variations of the ac conductivity in function of the frequency measured for the 
polypropylene and all composite samples at room temperature are shown in Figs. 4 
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and 5. The reinforcement of the polypropylene with the lignocellulosic material in-
creases the conductivity. The frequency dependence of the electrical conductivity is 
described by the expression [26]: 

 ( ) nσ ω ω∝   (3) 

The exponent n is close to 0.5 for pure polypropylene and points to diffusive car-
rier transport. For the composites, n changes from ca. 0.5 at low frequencies to ca. 1 at 
high frequencies. This fact proves the existence of diffusive as well as hopping carrier 
transport. The lack of any frequency-independent conductivity at low frequencies in-
dicates that no ohmic conduction occurs at room temperature in any of the samples 
under investigation. 

One can state the influence of the distribution of the lignocellulosic fillers in the 
matrix on the frequency dependence of ac conductivity. The incorporation of the shiv-
ers (No. 3 Fig. 4, and No. 6, Fig. 5) as well as long fibres (No. 4, Fig. 4, and No. 7, 
Fig. 5) in the polypropylene causes a relatively small increase in the conductivity at 
lower frequencies. A comparatively high increase in the conductivity at lower fre-
quencies is shown by the composites with the short fibres derived from hemp (No. 2, 
Fig. 4) as well as from flax (No. 5, Fig. 5). This fact is probably due to the different 
distribution of the filler. Short fibres are randomly distributed in the matrix, and the 
electric field is applied at different angles with respect to the axes of the fibres. The 
random distribution enables rearrangement of the short fibres in a chain structure 
which ensures better carrier mobility in the presence of electric field. However, the 
manufacturing method of the composites with long fibres implies the perpendicular 
orientation of the electric field with respect to the fibre axis. It is difficult to arrange 
the fibres so that they form a chain structure. These results demonstrate that the com-
posites having short, randomly distributed fibres provide the best conductivity among 
the investigated samples. 

The variations of the relative electric permittivity ε ′ with the temperature investi-
gated for the polypropylene as well as the composites with hemp and flax are pre-
sented in Figs. 6 and 7. The value of ε ′ measured for polypropylene is almost inde-
pendent of temperature, up to the melting point at 438 K [27]. The dielectric response 
of the composites is dominated by the relaxation ascribed to an orientational motion of 
mixed phase of both lignocellulosic material and water. This phenomenon, character-
istic of cellulose and its derivatives, has been reported by many authors [28–31]. The 
electric permittivity ε ′ of the composites increases with the temperature up to the 
maximum associated with traces of water, and then decreases. The position of the 
maximum is determined by the contents of chemically bound water which cannot be 
removed during the preparation. The maximum is shifted towards higher temperatures 
in the case of higher water contents [21]. In the vicinity of the melting point of the 
polypropylene, a steep fall is visible. The relative electric permittivity ε ′ decreases as 
the frequency increases, as is seen for two frequencies: 100 Hz and 1 MHz. 
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Fig. 6. Temperature dependences of electric 
permittivity ε ′ obtained at frequencies 100 kHz 
and 1 MHz for the samples: No. 1 – PP, No. 2  

– PP + 25 wt. % of short hemp fibres, No. 3 – PP 
+ 25 wt. % of hemp shivers, No. 4 – PP  

+ 40 wt. % of long hemp fibres 

Fig. 7. Temperature dependences of electric 
permittivity ε ′ obtained at the frequencies  

100 kHz and 1 MHz for the samples: No. 1 – PP, 
No. 5 – PP + 25% of short flax fibres, No. 6 – PP 
+ 25% of flax shivers, No. 7 – PP + 40% of long 

flax fibres 

 

Fig. 8. Temperature dependence of dielectric loss 
factor ε ′′ for polypropylene. Inset: the dependence 

 at the frequency of 100 kHz. Note an expanded 
ε ′′ scale 

The temperature dependence of dielectric losses of the composites is strongly in-
fluenced by the contribution of the lignocellulosic materials. The dielectric loss factor 
ε ′′ of pure PP in function of temperature is presented in Fig. 8. Pure PP is known to 
exhibit two characteristic features [32]: a glass relaxation peak around 263 K, and 
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a high-temperature (ca. 323 K) shoulder associated with chain relaxation in the crys-
talline phase. These features cannot be exactly detected by the dielectric relaxation 
spectroscopy (DRS) method without special modification of the polymer structure or 
introducing polar groups in the structure [33] because of the non-polarity of the poly-
propylene. The absence of polar groups is the reason why the temperature dependence 
of the dielectric losses does not show any anomalies (Fig. 8). In the inset, the two 
shoulders are hardly visible. The former one starts to increase above 263 K and is 
ascribed to the glass transition. The other one appears around 314 K and is caused by 
the chain relaxation in the crystalline α-phase. These trace relaxation processes in the 
spectrum of pure polypropylene result from the presence of a small number of polar 
groups, due to undesired phenomena (thermal degradation of chains and oxidation) 
during processing of the polymer. 

 

Fig. 9. Temperature dependences of dielectric 
losses ε ′′ obtained for the samples: a) No. 2 – PP
+ 25 wt. % of short hemp fibres, b) No. 3 – PP  

+ 25 wt. % of hemp shivers, c) No. 4 – PP  
+ 40 wt. % of long hemp fibres  

Figures 9 and 10 show the dielectric loss factor ε ′′ in function of temperature 
measured for the polypropylene composites reinforced with the lignocellulosic mate-
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rial derived from hemp and flax, respectively. Both kinds of fillers modify the dielec-
tric absorption spectrum in the same way. The anomalies due to polar groups present 
in the lignocellulosic material can be easily detected by means of DRS.  

 

 

Fig. 10. Temperature dependences of dielectric 
losses ε′′ for the samples: a) No. 5 – PP + 25 wt. % 
of short flax fibres, b) No. 6 – PP + 25 wt. % of flax 
shivers, c) No. 7 – PP + 40 wt. % of long flax fibres 

In the low-temperature range (from 200 to 270 K) one can observe the maxima of 
ε ′′ ascribed to the β relaxation in cellulose, which is the main component of each lig-
nocellulosic filler (71 wt. % in flax, and 75 wt. % in hemp fibres [3]). The β relaxation 
is interpreted as a local motion of chain segments via the glucosidic linkages [28]. 
Above room temperature (330–400 K) one can notice high relaxation peaks. From 
their shape, it can be deduced that two relaxation processes overlap in this temperature 
and frequency range: βwet – the relaxation associated with the orientational motion of 
both cellulose and water [28, 29] and δ – the relaxation ascribed to the motion of the 
end groups in branched polymers [28] present in the lignocellulosic material (hemicel-
lulose, pectin, lignin). Because the intensity of the δ relaxation is significantly lower 
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than that of βwet relaxation [28], one can state that in the polypropylene–lignocellulose 
material composites the βwet relaxation is disturbed by the δ process. In the case of 
composites with long fibres derived from flax as well as hemp (Figs. 9c and 10c), 
higher dielectric losses were observed in the highest temperature range (above 420 K). 
This effect results from the electric conductivity and is called σ relaxation [28]. The 
losses due to the electric conductivity are ascribed to charge carrier hopping between 
localized sites in amorphous solids. The fact that the σ relaxation was observed only 
for the composites with long fibres confirms the conclusion [28] that the activation 
energy for the carrier hopping increases when the amount of water is reduced. The 
technique of hydraulic pressing, applied for fabrication of composite samples with 
long fibres implied low contents of water. The intensity of βwet relaxation is propor-
tional to the contents of water. The low intensity of βwet relaxation in the composites 
with long fibres is a reason for a relatively high strength of β relaxation in comparison 
with that observed for other investigated samples where the β process is suppressed by 
βwet relaxation. 

The temperature dependence of the β relaxation time τ(T) follows an Arrhenius type 
behaviour, characterized by the activation energy Ea and a pre-exponential factor τ0: 

 0( ) exp aET
kT

τ τ ⎛ ⎞= ⎜ ⎟
⎝ ⎠

  (4) 

where k is the Boltzmann constant. The activation energy is interpreted as the height 
of the potential barrier between two orientational conformation states which can be 
reached during the molecular motion [28]. The pre-exponential factor τ0 represents the 
inverse oscillation frequency of the molecular group in a conformational potential 
minimum [28]. According to the Eyring rate theory [34], the factor τ0 is an indicator of 
the cooperativity of the orientational motion within polar groups. A smaller value of τ0

 

means higher cooperativity of the motion.  

Fig. 11. β -relaxation time vs. reciprocal of  
temperature for the composite samples:  

No. 4 – PP + 40 wt. % of long hemp fibres  
and No. 7 – PP + 40 wt. % of long flax fibres  
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The Arrhenius plots of the relaxation times for the polypropylene composites with 
long fibres are presented in Fig. 11. The values of the activation energy Ea and the pre-
exponential factor τ0 resulting from fitting indicate better cooperativity of the motion 
than that of cellulose, which is usually characterized by the activation energy below 
0.5 eV and pre-exponential factor of the order of 10–16 s [28]. The origin of the im-
proved cooperativity might be the presence of branched polymers (hemicellulose, 
pectin, lignin) in the lignocellulosic materials. Branched polymers are known to have 
the capacity to form interchain hydrogen bonds, due to their high dimensions. In this 
manner, the local chain motion can be involved not only in the nearest repeating unit 
of the same chain but also in motion of another chains [35]. 

4. Conclusions 

The dielectric properties (relative electric permittivity ε ′ and ac conductivity σac) 
of polypropylene–lignocellulosic material composites were evaluated in function of 
frequency, filler contents and temperature. The relative electric permittivity ε ′ in-
creases with loading of the polypropylene with the lignocellulosic material. In all the 
filler types considered, the relative permittivity ε′ is inversely proportional to the vol-
ume fraction of the lignocellulosic material. The increase in the electric permittivity ε ′ 
is attributed to the increase in the orientation polarization of polar groups present in 
the lignocellulosic material. The effect is more predominant in the low frequency 
range. The incorporation of the lignocellulosic materials in the polypropylene matrix 
improves ac conductivity σac. 

The effect of temperature variation (150–450 K) on the dielectric spectrum of 
polypropylene and the composites was investigated in the frequency range from 
100 Hz to 1 MHz. Four dielectric relaxation processes were found in the spectra of the 
composites: β – ascribed to the local motion of the main polymer chain, βwet – associ-
ated with the presence of water, δ – related to the motion of the end groups in the 
branched polymers and σ – due to the conductivity effect. The dielectric spectrum of 
polypropylene does not show anomalies. The temperature dependence of dielectric 
losses of the composites is strongly influenced by the contribution of the lignocellu-
losic materials. 

The obtained results point to the possibilities of practical application of the inves-
tigated composites. The increased electric permittivity, in comparison with the poly-
propylene, is preferable in the application for accumulation of the energy in electric 
field. The constant value of ε ′ at frequencies above 1 MHz is evidence that the com-
posites can be used in the high frequency range. The temperature measurements reveal 
that the composites with short fibres show the best thermal stability of the relative 
electric permittivity ε ′ in the vicinity of the room temperature. The other investigated 
samples exhibit more pronounced maxima in the temperature dependence profile of 
the relative electric permittivity because of the contents of water. Moreover, the poly-
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propylene composites reinforced with short fibres assure the best antistatic properties, 
because of their improved electrical conductivity over the whole measurement fre-
quency range. The results presented point to the possibility of exploiting polypropyl-
ene composites reinforced with flax and hemp lignocellulosic material in the furniture, 
building and automotive industry in modern wood–plastic composite (WPC) designs 
[36]. Not only these materials have better antistatic properties in comparison with the 
polypropylene, but they also have good sound absorption [36]. Composites containing 
lignocellulosic fibres [13–15] will improve the quality of human life. 
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phenomena in an iron nickel based alloy 
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The interaction between H atoms and a Fe50Ni50 alloy containing vacancies was studied. The energy 
of the system was calculated by the atom superposition and electron delocalization molecular orbital 
(ASED-MO) method. The electronic structure was studied using the concept of density of states (DOS) 
and crystal orbital overlap population (COOP) curves. The minimum energy position for the H atom in 
the vacancy region was found at 1.32 Å from the vacancy centre. The changes in the electronic structure 
of Fe and Ni atoms near the vacancies were analyzed. The interactions mainly involve Fe and Ni metal 4s 
and 4p atomic orbitals, the most important being the contribution of Fe orbitals. Fe–Fe, Fe–Ni and Ni–Ni 
bonds weakened as new Fe–H ones were formed. The effect of H atoms is limited to its first neighbours. 
The detrimental effect of H atoms on the metallic bonds can be related to the mechanism for H embrit-
tlement.  

Key words: vacancy; alloy; hydrogen; embrittlement 

1. Introduction 

The presence of hydrogen atoms in a solid metal absorbed in a metal matrix and 
accumulated in defect regions can result in the reduction of its ductility by decreasing 
the energy of cohesion and consequently in the increase of the probability of brittle 
fracture. Dissolved hydrogen atoms in metals tend to concentrate in defects of the 
crystal structure such as vacancies. Vacancy contributions to hydrogen embrittlement 
and hydrogen-induced degradation of mechanical properties are very important in steel 
and Fe based alloys. Hydrogen may degrade the mechanical performance of metallic ma-
terials and lead to operational failure [1–4]. A review of H embrittlement in steels was 

 __________  

*Corresponding author, e-mail: ssimonet@uns.edu.ar 



S. I. SIMONETTI et al. 596

reported by Oriani [5]. The author describes there important properties and effects of H in 
iron and steel that are relevant to understanding the embrittlement phenomena. 

Liang and Sofronis investigated the hydrogen embrittlement in nickel-based al-
loys. In general, hydrogen was found to decrease both the macroscopic stress and 
strain at which void initiation starts, and reduce the energies expended on bulk defor-
mation and interfacial separation [6]. The mechanical behaviour of very high purity 
nickel based alloys, charged with hydrogen and deformed in tension  was investigated 
by Cornet et al. [7].  

Molecular dynamics simulation was applied to study hydrogen embrittlement in 
Ni–Cr–Fe alloys. The results of this study were discussed in terms of the influence of 
the simulation method on the grain boundary fracture of the alloys in function of the 
boundary type, boundary structure and hydrogen content [8]. 

Hydrogen entrapment in lattice defects in nickel was studied by Angelo et al. The 
authors concluded that the embrittlement process is most likely associated with the trap-
ping of hydrogen on/at grain boundaries and in Lomer–Cottrell locks [9]. H embrittle-
ment is not completely understood at the microscopic level. A better understanding of 
the environmental factors affecting hydrogen embrittlement is critical for the develop-
ment of alloys as engineering materials for industrial use. Experimental approaches are 
quite limited owing to the extremely low solubility of hydrogen. In this context, a com-
putational approach would seem to be a suitable way to address the problem. 

In this paper, we used the atom superposition and electron delocalization molecu-
lar orbital (ASED-MO) method and the YAeHMOP software to study the hydrogen 
absorption near a γ-FeNi based alloy containing vacancies and the effect of the impu-
rity in the electronic structure of the solid. Ni–H and Fe–H bonding were also ana-
lyzed.  

2. Computational method 

The calculations were performed using the ASED-MO method [10–13]. The 
modification of the extended Hückel molecular orbital method (EHMO) was imple-
mented with the YAeHMOP software [14]. Double zeta expansions of metal d orbitals 
were employed. The ASED-MO method is a semi-empirical method which makes a 
reasonable prediction of molecular and electronic structure. The EHMO method in its 
original form is not able to optimize geometries correctly, as it lacks repulsive electro-
static interactions. This deficiency can be overcome by introducing a two-body elec-
trostatic correction term [15]. ASED theory is based on a physical model of molecular 
and solid electronic charge density distribution functions [13–16].  

The adiabatic total energy values were computed as the difference between the 
electronic energy (E) of the system when the impurity atom is at a finite distance 
within the bulk and the same energy when that atom is far away from the solid surface. 
The hydrogen absorption energy can be expressed as:  
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 ( ) ( ) ( )total 50 50 50 50 repulsionΔ Fe Ni H Fe NiE E E E H E= − − − +   (1) 

The repulsive energy was computed taking into account all atom–atom interac-
tions. To understand the interactions, we used the concept of density of states (DOS) 
and crystal orbital overlap population (COOP) curves. The DOS curve is a plot of the 
number of orbitals per unit volume per unit energy. The COOP curve is a plot of the 
overlap population weighted DOS vs. energy. The integration of the COOP curve up 
to the Fermi level (Ef) gives the total overlap population of the bond specified and it is 
a measure of the bond strength. 

3. The FeNi vacancy cluster model 

In order to simulate a FeNi alloy containing vacancies, it is necessary to consider 
the interaction between the extended nature of a solid and the local character of the 
defect. This requirement can be satisfied with a cluster of a reasonable size. A conven-
tional FCC cell of chemically ordered FeNi is simulated [17]. A cluster consisting of 
179, Fe and Ni, metal atoms (50:50) distributed in five close packed FCC (111) planes 
is used to represent the alloy containing the defect and its environment. The selected 
geometry for each plane is an equilateral triangle with the interplanar distance of 
2.074 Å. The reference plane is the central one which contains the vacancy.  

 

Fig. 1. The Fe50Ni50–H cluster containing the vacancy (V) 
 Metallic bonds close to the H atom are indicated 

The cluster used in the calculations is shown in Fig. 1. All calculations were per-
formed at the central section of the cluster in order to avoid border effects. The analy-
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sis of the results was made based on the energy contour corresponding to  
FeNi–H interaction mainly at the vacancy zone, covering all the (111) plane at steps of 
0.05 Å. The predictions were made from the energy contour corresponding to FeNi–H 
interaction occurring mostly near the vacancy site: numerical computations were made 
by discretizing the (111) plane in a rectangular mesh having the step size of 0.05 Å. 
After determining the most stable position for the H atom inside the cluster, the elec-
tronic structure of the FeNi–H system was computed. 

3. Results and discussion 

The energy analysis is made from the energy contour plots corresponding to 
FeNi–H interaction in the vacancy region (see Fig. 2). The energy of the system has 
a relative minimum value of –5.98 eV at the H–vacancy distance of 1.32Å. We can 
notice the presence of a minimum energy zone when the vacancy is present. The posi-
tions of lower energy for the H atom result to be the zone close to the vacancy (V), 
according to the knowledge that vacancies act as traps for impurities. 

 

Fig. 2. Contour lines corresponding 
to the energy (eV) for the FeNi–H system 

 at the vacancy region 
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An interaction diagram was analyzed (see Fig. 3). Comparing, the total DOS curve 
for the isolated FeNi system with the total DOS curve for FeNi–H system, the last one 
presents a small peak appearing below the d metal band corresponding to H based 
states. A small contribution of H to the DOS is due to its low concentration. The value 
of the Fermi energy changes slightly with respect to the isolated alloy. 

 

Fig. 3. Total DOS for the FeNi–H cluster (a), total DOS for the FeNi cluster (b)  
and projected DOS for the H atom (c) 

The hydrogen atom affects the states of its surrounding Fe and Ni atoms, causing 
a change in their electronic densities. As a consequence, the orbital population (OP) 
between the metallic atoms nearest neighbouring to the hydrogen decreases (Table 1).  

Table 1. Atomic orbital occupations and net charges 
 for the H atom and their neighbouring Fe and Ni atomsa 

Atom s p d Charge Bond Distance 
[Å] OP 

H 1.195   –0.195 H–Fe 1.623  0.165 
     H–Ni 2.830   

       H free of 
H 

Fe* 0.511 0.055 4.928 2.506 Fe–Fenn 2.540 0.096 0.239 
Fenn

 0.510 0.051 4.913 2.526     
Ni* 0.827 0.954 9.433 –1.213 Ni–Ninn 2.540 0.264 0.329 
Ninn

 0.822 0.949 9.442 –1.214     
     Fe–Ni 2.540 0.148 0.222 

 aThe major overlaps population values for these atoms are indicated. An asterisk means a metallic atom (Fe or 
Ni), first neighbour to H, nn – a nearest neighbour. 
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These metal–metal bonds are then weakened. The Fe–Fe bond is the most affected 
after H location, its strength diminishes to about 60%. The Fe–Ni and Ni–Ni OPs de-
crease to about 33% and 20%, respectively, when an H atom is present. The Fe–H 
bond is formed and the bonding is achieved at the expense of the metallic nearest 
neighbours. Our results show how decohesion of metallic bonds contributes to the 
embrittlement process. 

 

Fig. 4. COOP curves for the Fe–H interaction (a), Fe-Fenn 
before H location (b) and Fe-Fenn after H location(c) 

The Fe–H COOP curve is plotted in Fig. 4a. The interaction is bonding, the Fe–H 
interaction mainly involves Fe 4s and Fe 4p atomic orbitals. The contribution of Fe 3d 
orbitals is much less important. The contribution of Fe 4s and Fe 4p populations de-
creases to about 15% and 40%, respectively, with respect to the cluster without H 
impurity. The Fe 3d population diminishes to about 7% when the hydrogen is present. 
In Figure 4b, c one can see the Fe–Fe interaction before and after H location. On the 
other hand, the Ni–H interaction is almost null, it mainly involves Ni 4s and Ni 4p 
atomic orbitals but the populations decrease only to about 5% and 4%, respectively, 
when the H atom is located in the vacancy zone.  

The contribution of Ni 3d orbitals is lower than 1%. The Fe–H interaction presents 
an OP value of 0.165 at the distance of 1.623 Å. The Ni–H bond is much longer than 
the Fe–H one, thus the Ni–H bond is almost negligible. As predicted by the electro-
negativity differences, there is an electron transfer to the H atom from its nearest Fe 
neighbours. Atomic orbital occupations and net charges for the H atom and their 
neighbouring Fe and Ni atoms are summarized in Table 1. 
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4. Conclusions 

The interaction between a hydrogen atom and a γ-FeNi structure having vacancies 
was studied. The most stable positions for the H absorption atom in the region near the 
vacancy were found. The Fe–H is formed and their bondings are achieved at the ex-
pense of their Fe–Fe, Fe–Ni and Ni–Ni first neighbour bonds. The interactions mainly 
involve Fe 4s and Fe 4p metal atomic orbitals. The greatest decrease in the metal over-
lap population is approximately 60%. The detrimental effect of the H atom on the 
metallic bonds can be associated with hydrogen embrittlement by the decohesion 
mechanism.  
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A study of the gas specificity  
of porous silicon sensors for organic vapours 
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A porous silicon sensor was investigated as a means to determine the response specificity for organic 
vapours. Porous silicon layers were fabricated by electrochemical anodization of p-type crystalline silicon 
in an HF ethanol solution under various conditions. The porous silicon sensors were placed in a gas 
chamber with various organic vapours, and the changes in electrical resistance under constant voltage of 
each sensor were used as detection signals. The sensors recorded various changes in resistivity for various 
organic vapours. 

Key words: porous silicon; response pattern; gas sensor; gas specificity 

1. Introduction 

Porous silicon has been widely studied since the discovery of its strong visible 
photoluminescence [1]. The early research focused on fabrication methods, mechani-
cal structures, electronic band structures, optical constants, and luminescence mecha-
nisms, to name a few [2, 3]. Recent research focus has shifted to applications involv-
ing porous silicon based LEDs [4, 5] and various sensors [6–9]. Porous silicon is 
thought to be an ideal sensor material because of its large specific surface area of ap-
proximately 200–800 m2/cm3 [10]. 

To detect various substances including organic gases [11], NO2 [9], L-glutamine 
[12], and humidity [13], changes in physical properties of the porous silicon layer, 
such as electrical resistance [11], photoluminescence intensity [7], capacitance [14], 
and optical reflectance [15], are used as response signals. Research thus far has fo-
cused on porous silicon capacity to detect gas and the properties of the response signal 
with respect to single gases. Such research has demonstrated porous silicon to be 
a good candidate for gas sensors. However, there is a paucity of research into the use 
of porous silicon for detecting gas mixtures. Due to differences in gas properties such 
 __________  
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as molecular weight, dipole moment, adsorption mechanisms on porous silicon sur-
faces, we can expect differences in electrical response for each gas, and that the inten-
sity of these signals is proportional to the gas densities. Gas specificity of porous sili-
con sensors is taken from signal intensities specific to a certain gas. It seems more 
natural to say that different sensors have different specificities. Improvements in 
specificity can be obtained by using several different porous silicon samples. The re-
sults thus obtained are compared. Hence, gas specificity for one gas is acquired if 
a number of samples used thus allows obtaining precise gas fingerprints.  

The acquired gas fingerprints can be incorporated into electronic sniffer systems, 
and gas composition can then be obtained through data processing. First, however, one 
should determine if porous silicon could indeed be used to detect a particular gas. 

In this paper, we examine gas specificity of electrical signals obtained from the re-
action of porous silicon samples prepared under various fabrication conditions, to 
specific organic vapours. Different electrical signal patterns thus obtained highlight 
the differences between the sample gasses. 

2. Experimental 

Porous silicon samples were prepared by the electrochemical anodization process 
in 10% ethanolic solution of HF using a (100)-oriented p-type single crystal silicon 
wafer of 0.06–0.12 Ω·cm. Table 1 presents the detailed fabrication conditions for the 
samples, and the labels given to each sample. The samples were fabricated at various 
current densities and anodization times with no change in the HF solution concentra-
tion. Porous silicon layers of various thicknesses and pore sizes were thus produced. 
These differences are expected to produce different responses of the porous silicon 
layers when brought into contact with the target organic gases. 

Table 1. Fabrication conditions of porous silicon samples 

Sample HF concentration Current density
[mA/cm2] 

Anodization 
time [s] 

A1 

10% 

5 

1000 s 
A2 2000 s 
A3 4000 s 
B1 

10 

200 s 
B2 500 s 
B3 1000 s 
B4 2000 s 
B5 4000 s 
C1 20 100 s 
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A schematic diagram of our experimental set-up, showing only one sensor for 
simplicity sake, is shown in Fig. 1. Each sensor unit was biased with a constant 5 V dc 
between the top surface of the porous silicon layer and the bottom surface of the sili-
con substrate under the porous silicon layer. A tungsten tipped probe 600 μm in di-
ameter served as a negative electrode (direct contact with the surface of the porous 
silicon layer), and Al conducting wire served as a positive electrode (attached to the 
back-side of the Si wafer). The movement of the probe tip over the porous silicon 
layer surface was precisely controlled by a micrometer to prevent surface damage. 

 

Fig. 1. Schematic diagram of the experimental equipment 

The sensors were exposed to an organic gas under gas saturation conditions. Air 
was used as a carrier gas for the organic vapour, which was generated at room tem-
perature in a vessel containing a liquid solvent such as isopropyl alcohol, ethanol, 
methanol, acetone, or xylene. The flow of the air introduced into the sample chamber 
was kept constant during the process and measurement stages. Under these experimen-
tal conditions, the gas concentration the samples were exposed to was considered to be 
nearly constant. The electrical response induced by the reaction between the porous 
silicon and the organic gas was recorded by measuring the voltage drop across a 1 kΩ 
resistor connected in a series circuit. The intensity of the measured response voltage 
increased as the resistance of a sample decreased, and vice-versa. To do this, a digital 
multimeter (National Instruments, PXI-4072) and a multiplex switch module (National 
Instruments, PXI-2503) were used. 

3. Results and discussion 

Cross-sectional scanning electron microscope (SEM) images of the porous silicon 
layers made with a current density of 10 mA/cm2 for 100 s and 500 s show many pores 
between the silicon skeletons in the porous silicon layer (Fig. 2). Target organic va-
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pours can penetrate into these pores. The ensuing interaction, under a constant bias 
voltage, results in an electrical response signal. 

 

Fig. 2. Cross-sectional images of the porous silicon layers obtained  
with a 10 HF solution with the current density of 10 mA/cm2 for: a) 100 s, b) 500 s 

There are active studies on the change of the electrical signal when porous silicon 
is introduced by gas. For example, the conductivity of porous silicon layers increases 
for both NO2 and ethanol gases. Measurements indicate that molecules of NO2 act as 
acceptor centres [9]. Free carrier (hole) concentration in the porous silicon layers in-
creases, thus increasing conductivity. Increasing conductivity for ethanol gas case is 
known to be correlated with oxidation of porous silicon layers [16]. Harper and Sailor 
have shown that reversible photoluminescence quenching of porous silicon is related 
to layer (molecular oxygen) oxidation [17]. Since O2 molecules are absorbed into po-
rous silicon layers by either physisorption or weakly chemisorption processes, photo-
luminescence quenching is due to transient nonradiative electron transfer from the 
luminescent chromophore in porous silicon by that same oxygen. From this point of 
view, the phenomenon of enhanced conductivity when porous silicon comes into con-
tact with organic vapours is due to activation of the surface state via layer oxidation. 

A typical time evolution of the electrical response signals (sample B5 for five 
types of organic gases) is shown in Fig. 3. All response signals were normalized to 
a base voltage in order to compare the signal intensities from various measurements. 
All response signals were higher than the base voltage during exposure to the gas; this 
effect indicates that the resistance of the porous silicon layer decreased and corre-
spondingly its conductivity increased; this is consistent with the results of Baratto 
et al. [16]. Additionally, the response time or the time required to reach 90% of the 
steady state of the response curve ranged from 0.5 to 6.1 s depending on the organic 
gas type. These short response times indicate that the porous silicon sample could be 
used as a sensor, since the minimum response time required for a general sensor is 
within 20 s [18]. 



Gas specificity of porous silicon sensors for organic vapours 607

 

Fig. 3. Time evolution of the response signal 
of sample B5 for various organic gases 

The normalized intensity of the response signal from the porous silicon sensor differed 
for each of the gases (Fig. 3). It was the highest for methanol and the lowest for xylene 
vapour. This result indicates that porous silicon is capable of differentiating gases 
– an important factor for practical sensor applications using porous silicon. Note that grad-
ual changes in the signals during exposure to the gases, as well as irregular signals that 
appeared soon after the gas was shut off, were observed. These phenomena, especially the 
change in signal intensity over time, have been previously reported [7, 9]. They must be 
resolved if porous silicon is to be used in practical sensing applications. Nevertheless, 
despite these limitations, the discovery of the gas selectivity of porous silicon is an impor-
tant finding. For a given gas, electric signals obtained using different fabricated porous 
silicon samples can produce total specificity. In addition, comparison of electric signal 
patterns under specific instances can differentiate various organic gases. 

 

Fig. 4. Time evolution of the response signals measured 
from the porous silicon samples for gaseous isopropyl alcohol 
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Fig. 5. Polar plot at the time of 60 s under conditions as in Fig. 4 

 

Fig. 6. The response patterns of various organic gases: a) ethanol, b) methanol, c) acetone, d) xylene 

The time dependence of the measured response signals using porous silicon, made 
under various fabrication conditions (Table 1) and an isopropyl alcohol gas, was in-
vestigated (Fig. 4). As expected, different response signals were observed for different 
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sensors. For example, at 60 s, the intensity of the response signal is highest for B1 and 
lowest for C1. We visualized the gas specificity of sensors through the detection sig-
nals patterns. The pattern expressions of the gases are generally expressed in polar 
coordinates. The resulting image is typically referred to as the gas ‘fingerprint’. 

Figure 5 shows the results after 60 s under conditions as in Fig. 4. The electrical 
response signal in Fig. 4 changes in time while it is in contact with the gas, thus it is 
important to compare the pattern of each gas at the same time. Patterns for various 
organic gases used in this experiment are different (Fig. 6). These results indicate that 
porous silicon sensors have gas specificity. 

4. Conclusions 

The electrical detection specificity of porous silicon sensors have been investi-
gated for various organic vapours. The porous silicon sensors, which were made under 
various fabrication conditions, were operated under a constant voltage without any 
modifications of sensing efficiency such as surface modification or heaters. The re-
sults indicate that the sensors produce different response signals and patterns for dif-
ferent gasses, indicating a gas specificity. However, an unstable nature of the response 
signals is an issue that should be addressed in future research. 
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